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Preface 

Nanostructured materials (or simply nanomaterials) broadly refers to the class of materials 

which are composed of structural elements (such as the crystallites) with the size below 100 nm 

along at least one characteristic structural length. If the crystallite size is between 100 nm and 

1 μm, the material is referred to as ultrafine-grained (UFG). The research on nanostructured 

and UFG materials have gained significant attention over the years owing to their unique 

physical, chemical and mechanical properties. In spite of several novel applications of 

nanomaterials, the influence of processing technique on the evolution of microstructure and 

lattice defects, such as dislocations or twin-faults and their effect on the mechanical behavior 

have not been deeply understood yet. 

The objective of my PhD research was to study the microstructure, defect structures and 

mechanical properties of UFG and nanocrystalline Ni-Mo alloys. In the past two decades, 

numerous investigations were carried out to study the microstructure and the mechanical 

properties of various UFG alloys such as Al-Mg, Al-Zn-Mg, Cu-Zn, Cu-Al, Cu-Cr, Cu-Zr, etc. 

Although Ni-Mo alloys have important practical applications, no research has been conducted 

yet to examine the effect of Mo solute atoms on the microstructure of UFG Ni processed by 

top-down and bottom-up methods. Therefore, this thesis includes investigation of the influence 

of processing methods on microstructure, defect structure and mechanical behavior of Ni-Mo 

alloys. For this purpose, the specimens were produced by both bottom-up (electrodeposition) 

and top-down (severe plastic deformation) methods. Furthermore, the correlation between the 

mechanical properties and the defect structure was explored. Additionally, research was 

undertaken to assess the thermal stability of the microstructure and the defect structure in 

nanocrystalline and UFG Ni-Mo alloys during annealing. Moreover, the effect of the varying 

concentration of Mo in Ni on the defect structure and the mechanical properties was examined. 
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Layout of the Thesis 

This thesis is divided into five chapters as follows: 

In Chapter 1, I include a brief description about the properties and applications of Ni-Mo 

systems. Additionally, this chapter summarizes the processing of UFG and nanocrystalline 

(NC) materials by top down and bottom up methods. The effect of processing techniques and 

their conditions on the microstructure, defect structure, thermal stability and mechanical 

properties of the as-processed materials is also discussed. 

In chapter 2, I present the details of the material processing and the experimental techniques 

used in this research. XRD technique was extensively used in this study, therefore the detailed 

description of XLPA method is included along with brief details of other characterization 

techniques such as SEM and TEM, DSC, microhardness and uniaxial tensile tests. 

In chapter 3, I show the influence of Mo addition on the microstructure, thermal stability and 

hardness of Ni alloy processed by a combination of cryorolling and HPT. The evolution of 

microstructure, defect structure and mechanical properties of UFG Ni alloys processed by SPD 

with increasing SPD straining is presented. Additionally, the evolution of grain size and 

dislocation density were also investigated as a function of the annealing temperature and then 

correlated to the evolved DSC peaks.  

In chapter 4, I present the evolution of the microstructure, defect structure as well as mechanical 

properties of thin films of Ni alloys with low and high Mo concentrations, which were processed 

by electrodeposition with and without saccharin addition. The calculation of the change of 

stored energy during annealing is also included.  

In chapter 5, I discuss the influence of processing route on the microstructure, defect 

structure, thermal stability and stored energy. For this purpose, I compared the results obtained 

by the investigation of Ni-Mo bulk nanomaterials processed by HPT with that of Ni-Mo layers 

with very similar compositions but processed by electrodeposition
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Chapter 1: Literature Overview 

 

This chapter consists of a brief description of the properties and applications of Ni-Mo system. 

Further, the fundamentals of the processing of UFG and nanocrystalline materials by top-down 

and bottom-up methods are overviewed. It also covers the influence of processing methods and 

their conditions on the microstructure, defect structure, thermal stability and mechanical 

properties of processed materials. 

  

1.1. Ni-Mo System 

 

Ni-Mo alloys exhibit advantageous properties which make them useful for various practical 

applications. For instance, these alloys are used as catalysts in hydrogen production [1–3] and 

as substrate material for superconducting coatings [4]. It was shown that Ni-Mo alloys exhibit 

high activity and long-term stability as the hydrogen evolution reaction under alkaline 

conditions occurs either in the form of a catalyst coating [1] or as unsupported nanopowder 

[2,3]. Besides, they exhibit corrosion resistance to the dilute non-oxidizing acids, such as 

hydrogen chloride. Ni-Mo alloys can be used as electrocatalysts in the cathodic production of 

hydrogen. Nanocrystalline electrodeposited Ni-Mo thin films are potentially applicable as novel 

catalytic materials with ferromagnetism [5]. The Ni-Mo substrates for superconducting coatings 

are produced by severe cryorolling and subsequent annealing resulting in an extremely sharp 

cube texture which is required for epitaxial coatings. Moreover, Ni-Mo alloys have the potential 

to serve as ecological alternatives to chromium plating in the automotive and decorative plating 

industry since these alloys exhibit high hardness and wear resistance [6]. Along with these 

beneficial mechanical properties, the Ni-Mo alloys also possess good thermal and corrosion 

resistance, and therefore, they are readily useful as hard coating materials [7]. 
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The equilibrium binary phase diagram for the Mo-Ni system is shown in Fig.1.1 [8]. This phase 

diagram shows that the solubility limit of Mo in Ni is less than 1 at.% at room temperature (RT), 

while a considerable amount of Mo can be dissolved in Ni at elevated temperature. There are 

three intermediate phases which are close to the stoichiometric Ni4Mo, Ni3Mo and NiMo 

compositions. The Ni4Mo and Ni3Mo phases are stable with a fixed composition only while the 

NiMo phase has a measurable range of existence and forms peritectically from the liquid [8–

10]. Since I studied UFG and nanocrystalline Ni-Mo alloys, in the next sections, the processing 

methods of these materials are overviewed. 

 

 

 
Fig. 1.1: Equilibrium phase diagram for Mo-Ni system. 
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1.2. Processing routes of nanomaterials 

 

The processing techniques of bulk nanomaterials can be classified as bottom-up and top-down 

methods as shown in Fig. 1.2. In the case of top-down approach, the starting coarse-grained 

bulk material is transformed to UFG or nanocrystalline state using severe plastic deformation 

(SPD) techniques. On the other hand, in bottom-up procedures, the bulk nanostructured 

materials are built up through the assembly of individual atoms or nanoparticles. 

 

 

 

Fig. 1.2: Schematics illustrating the top down and bottom up processing methods for bulk 

nanomaterials.  
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Over the years, several different bottom-up techniques have been developed and employed for 

the fabrication of nanomaterials such as chemical vapor deposition, physical vapor deposition, 

inert gas condensation, and electrodeposition [11–15]. This approach has demonstrated a great 

potential to produce materials with exceptionally small grain sizes; however, it also comes with 

challenges such as contamination and porosity introduced during the fabrication.  

Contrary to this method, the top-down approach involves the larger macroscopic initial 

structures which undergo grain refinement and leads to the formation of nanosized 

microstructural units (grains or crystallites). This refinement of the coarse-grained workpiece 

to UFG or nanomaterials is usually carried out by the process of SPD. The processing by SPD 

comprises of those metal forming procedures which involves subjecting a bulk material to a 

very high strain without any significant modification in its overall dimensions. Such procedures 

can be applied to the bulk materials as well as powder samples. The major advantages of 

fabrication of UFG and nanomaterials by SPD techniques over bottom-up processing 

techniques are contamination-free and porosity-free final microstructures.  

 

1.2.1 Severe Plastic Deformation 

 

SPD is one of the most efficient techniques to produce metals and alloys with nanocrystalline 

(below 100 nm) or UFG (100 nm to 1000 nm) microstructure. Grain size is a crucial parameter 

which influences nearly all aspects of the physical, mechanical and chemical properties of 

polycrystalline metals [16]. Thus, the modification of grain size offers strong control over the 

valuable properties of the materials [17]. The grain refinement in SPD-processed specimens is 

usually associated with the formation of a high density of lattice defects, such as dislocations, 

stacking and twin faults. The dislocations which are formed during processing, tend to arrange 

themselves into low energy configurations (e.g., low-angle grain boundaries, LAGBs). Further, 
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with increasing the strain, the LAGBs transform into high-angle grain boundaries (HAGBs), 

thereby resulting in grain refinement [18]. The microstructural development induced by SPD is 

reflected in the changes in the properties of materials, such as strength, ductility and corrosion 

resistance [19]. 

Over the years, several investigations were conducted to study the microstructural changes and 

their effect on the properties of SPD-processed specimens [20–23]. Since single-step processing 

cannot impose huge strains on the material, multi-step processing techniques are often used. 

However, besides the imposed strain, the grain size is also controlled by other factors such as 

temperature, strain rate and route of SPD processing. The most commonly used SPD processes 

are equal channel angular pressing (ECAP) [24] and high-pressure torsion (HPT) [25]. 

The ECAP technique also referred to as equal-channel angular extrusion (ECAE), is an effective 

SPD tool for producing UFG materials [26]. In ECAP, SPD is caused by pressing the sample 

(billet) with a piston through a die containing two lubricated intersecting channels. The cross-

section of the billet matches with that of channels, thereby causing deformation only at the 

intersection of the two channels. After the removal of the billet from the exit channel, elastic 

relaxation causes a slight increase in the diameter of the specimen. Thus, if the cross-sections 

of the entry and the exit channels are same, then a surface layer of the sample should be removed 

between the consecutive passes. This is not necessary if the entry channel diameter is slightly 

higher than that for the exit channel. Since the cross-sectional dimensions of the billet remain 

practically unchanged, the repeated pressing can help to achieve very high strains [18]. The 

repetitive pressing accumulates the shear strain in the billet and thereby increases the 

microstrain while simultaneously reducing the size of crystallites to nanocrystalline range. The 

microstructural characteristics of the billets processed by ECAP are dependent on several 

parameters such as the angle between the two channels and the outer arc of curvature. Besides 

grain refinement, the ECAP processing not only can increase the HAGB fraction but also high 
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texturing effects could be introduced. The high fraction of HAGB in ECAP-processed 

specimens yields improved fatigue behavior as well as better corrosion resistance.  

HPT is one of the most powerful SPD methods for grain refinement and strength increment 

[27–30]. HPT refers to a processing technique in which a disc or ring-shaped specimen is 

subjected to torsional strain under high hydrostatic pressure. This method was first introduced 

eight decades ago at Harvard University by Bridgman to investigate the phase transformations 

and mechanical behavior of the materials under high pressure and concurrent torsional straining 

[31]. In 1988, Valiev et al. reported a further development of this method in achieving 

significant grain refinement to the submicrometer levels and eventually to nanometer levels 

[26]. Over the last two decades, this technique has been recognized as an efficient SPD method 

in the study of the microstructure and the mechanical properties of UFG and nanomaterials 

[32]. In the scope of this thesis, as HPT technique is primarily applied for plastically deforming 

the specimens, therefore a detailed description of this technique is presented in next few sub-

sections. 

 

1.2.1.1 Fundamentals of HPT 

 

The principle of HPT set-up is illustrated schematically in Fig.1.3. In the HPT device, the 

sample is placed within a coin-shaped cavity, which is located between two massive anvils. 

During the processing, high compressive pressure of several GPa is applied between the upper 

and lower anvils. Furthermore, the specimen is simultaneously subjected to a torsional strain 

imposed by the rotation of one anvil (usually the lower one) with respect to the other such that 

the surface frictional forces deform the disk by shear [28]. 



Chapter 1 Literature Overview 

 

     

7 
 

 

 

The sample shape used for the HPT processing is conventionally in the form of a disk, however, 

occasionally HPT technique was also applied to specimens in the form of hollow cone [33], 

cylinders [34], rings [35], and U-shape samples [36]. Conventionally HPT-processing is 

performed at RT; however it is possible to conduct at elevated temperatures up to 1000 K 

[28,37,38]. 

There are three distinct categories of HPT technique, namely, unconstrained, quasi-constrained 

and constrained HPT, as illustrated schematically in Fig.1.4.  

 

 

 

 
Fig. 1.3: Processing of disks by High pressure torsion technique. 
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In unconstrained HPT, the sample is placed between two flat anvils and the lateral flow of the 

material is not restricted under the applied load [39]. Under these conditions, the application of 

pressure can result in a free flow of the material outwards, and only minor backpressure is 

exerted on the sample due to the frictional forces acting between the specimen and the anvil. In 

the case of constrained HPT, a sample is prepared so that it fits well into the cavity in the lower 

anvil. Though the specimen is subjected to high applied pressure and torsion straining, but, the 

sample material cannot flow outward due to almost negligible gap between the two anvils [18]. 

In practice, the true constrained HPT has to be performed in the presence of an effective 

backpressure. However, the ideal constrained condition is not easy to achieve. Therefore, the 

experiments involving the third type of HPT processing, i.e., the quasi-constrained HPT has 

gained popularity over the other two categories [40]. In the quasi-constrained HPT, the sample 

is contained within the shallow depressions in the lower and upper anvils in such a way that the 

initial sample thickness is much greater than the sum of the depths of both anvil cavities. 

Therefore, such quasi-constrained condition permits at least some limited outward flow of 

material between the upper and lower anvils [41]. 

 

 
Fig. 1.4: Schematic illustration of HPT for a) unconstrained b) quasi-constrained c) 

constrained conditions. 
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1.2.1.2 Strain Imposed by HPT  

The total strain imposed on the HPT processed disk can be estimated by using two approaches. 

The first (Hencky/Eichinger) approach can determine the imposed strain by the following 

logarithmic relation: 

 
𝜀𝐻𝑒𝑛𝑐𝑘𝑦 = 𝑙𝑛 (

2𝜋𝑁𝑟ℎ0

ℎ2
) , 

(1.1)  

where N is the number of rotation, r is the radius of the disk, h0 and h are its initial and final 

thicknesses, respectively. This formula takes into account the reduction in thickness of the disk 

caused by the applied pressure, and therefore it can be used if there is some outward flow of 

material between the two anvils, causing reduction in h0 [42-44].  

According to the von Mises approach, the dependence of equivalent strain (εvM) on the distance 

from the center (r) can be expressed by a linear relation [43,44]: 

 
𝜀𝑣𝑀 =  

𝛾

√3
=  

𝑟𝜃

√3ℎ
=

2𝜋𝑁𝑟

√3ℎ
 . 

(1.2)  

The above equation is based on the assumption that the thickness of the disk does not change 

during HPT. This formulation signifies that the torsional straining imposed on the sample 

depends on the distance from the center of the disk. There is zero torsional straining at r = 0, 

which increases linearly along the disk radius and reaches a maximum value at the peripheral 

region. Thus, strong inhomogeneity in the torsional shear strain exists along the radius of the 

HPT processed disk [45]. In this thesis, eq. (1.2) is used for the calculation of equivalent strain. 

 

1.2.1.3 Advantages and disadvantages of HPT 

 

One of the advantages of the HPT technique is that extremely large shear strain value can be 

achieved through this technique in a very simple way [28]. HPT processing not only can 
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generate a high equivalent strain but also a defined continuous variation of strain compared to 

most other SPD techniques, where strain is applied cycle by cycle to the sample. It also allows 

easy estimation of flow stress by measuring the total torque with respect to angle of rotation 

[42]. Higher hydrostatic pressure in HPT improves the workability of the specimens and 

thereby, this technique can be even applied for severe deformation of relatively hard and brittle 

materials, which are difficult to process by other SPD methods. When such hard to deform 

materials are subjected to much higher pressure, a higher maximum degree of deformation 

occurs. This induces a considerable reduction in grain size and further improvement in the 

mechanical properties. However, it is to be noted that the maximum achievable stress that can 

be applied is constrained by the fracture strength of the anvil material [29].  

The major disadvantage of HPT is that it cannot be used to process very large samples, thus its 

applications are mainly restricted to laboratories and could not be employed for industrial 

purposes. Additionally, the inhomogeneous microstructure along the disk radius can cause 

inhomogeneity in the mechanical properties, which can be another challenge for its industrial 

and large-scale applications [46]. However, several research findings conclude that in many 

materials adequate homogeneity can be achieved through gradual evolution of the 

microstructure. For instance, according to previous reports on high purity Ni [47], Cu [48], and 

commercial purity Al [49], the variation in microhardness across the sample present in the early 

deformation stages, later evolved to a homogeneous value on applying sufficiently high total 

strain under a high applied pressure [26].  
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1.2.2 Electrodeposition 

 

1.2.2.1 Fundamentals of electrodeposition 

 

The process of electrodeposition of alloys involves electrochemical reduction of two or more 

metallic components from their salt(s) onto a substrate under controlled conditions [50]. The 

deposition conditions can be optimized and regulated as per the required specifications of the 

as-deposited layer. Some macroscopic parameters, such as composition [51] and pH [52] of the 

baths, have an indirect impact on the resulting alloy. These parameters influence the dissolving 

regime (e.g., aquo ion, complexes, and clusters) of the metal ions in the bulk electrolyte and in 

the vicinity of the substrate [53]. Further, this regime contributes to the formation of deposition 

intermediate which regulates the properties of the final film.  

The thin film is deposited on the surface of a conductive substrate using electricity. The simplest 

electrodeposition apparatus is an electrochemical cell consisting of an anode (positive 

electrode), cathode (negative electrode), electrolytic bath, current source and ampere/volt meter 

[54]. Electrolytes are usually aqueous solutions containing positive and negative ions, prepared 

by dissolving metal salts. The cathode is the conducting substrate onto which the layer of 

desired material has to be deposited. The anode can be the metal to be deposited (in this case, 

the anode is sacrificial), or it can be inert (when the anode reaction is the decomposition of the 

solvent). Both anode and cathode are immersed in the same electrochemical bath and then either 

a voltage or a fixed current can be applied between the electrodes. When direct current (DC) is 

passed through the electrolyte the ions migrate towards the electrodes with the opposite charge 

i.e., positively charged ions to the cathode and negatively charged ions to the anode. This charge 

transfer completes the electrical circuit, thereby resulting in the reduction of cations of the 

desired material from the solution and deposition of that material as thin layer on the surface of 
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substrate. Hence, the overall reactions taking place during electrolysis involves the reduction 

reaction at the cathode due to metal ions as well as the oxidation reaction at the anode due to 

electrons. These reactions can be represented as: 

 𝑀𝑍+ + 𝑛𝑒− → 𝑀, (1.3)  

 𝑀 → 𝑀𝑍+ + 𝑛𝑒−, (1.4)  

 𝐻2𝑂 → 2𝐻+ +
1

2
𝑂2 + 2𝑒− for pH≤7, (1.5)  

 4𝑂𝐻(𝑎𝑞.)
− → 𝐻2𝑂 +

1

2
𝑂2 + 4𝑒− for pH≥7. (1.6)  

where the reaction corresponding to Eq. (1.3) occur at the cathode, Eq. (1.4) at a soluble anode, 

both Eq. (1.5) and Eq. (1.6) occur at an insoluble anode with pH lower and higher than 7, 

respectively [55]. The above anodic reaction depends on the pH and electrolyte composition. 

Stable pH can be maintained during the electrodeposition process by addition of citrate in the 

bath [56]. 

Faraday’s laws can be regarded as the backbone of the electrodeposition theory. According to 

Faraday’s first law, the quantity of substance produced by electrolysis in a given time is 

proportional to the quantity of electricity passing through the electrolyte [57]. The second law 

states that the masses of different substances liberated as a result of the passage of the same 

quantity of electricity through the electrolyte are proportional to the chemical equivalent 

weights of the substances. The electrochemical equivalent of a substance is the weight of that 

substance liberated in unit time by unit current. Mathematically, the weight of metal deposited 

(W) at the surface of cathode/substrate can be calculated as follows [54]: 

 
𝑊 = ∫ 𝐼(𝑡)𝑑𝑡𝑀𝑤/𝑛𝐹 

(1.7)  
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where I(t) is the applied current as a function of time t, F is the Faraday constant, n is the number 

of electrons and Mw is the molar mass of the metal that undergoes electroreduction. The 

electrodeposition reactions that occur at the cathode/electrolyte interface are heterogeneous in 

nature, involving the mass transfer and charge transfer steps. Depending on the relative 

hindrance of the consecutive processes, the deposition can be activation controlled or mass 

transport controlled in extreme cases, or may be of mixed control in intermediate conditions. 

The other factors which affect the electrodeposition of metals are electrolyte concentration, 

temperature, addition agents, nature of the electrolyte and nature of the metal on which the 

deposit is to be made. 

The formation of each grain consists of two stages: nucleation and growth. Both the nucleation 

and growth processes compete with each other and their kinetics determines the morphology 

and final size distribution of the deposited layer [58,59]. The nucleation process is affected by 

various parameters such as the crystal structure of the substrate (or that of the already deposited 

metal), adhesion energy, specific free surface energy, lattice orientation of the electrode surface 

and lattice mismatch at the nucleus–substrate interface boundary. The nucleation can be divided 

 
Fig. 1.5: Design of setup for processing nickel layers by electrodeposition. 



Chapter 1 Literature Overview 

 

     

14 
 

into two types: instantaneous and progressive. In the case of instantaneous nucleation, the 

formation of nuclei on the substrate is instantaneous and is followed by subsequent growth with 

the time of electrodeposition without forming new nuclei. Thus, the nuclei have larger radii, 

and the deposited layer has rougher surface morphology. Contrarily, the progressive nucleation 

process involves continuous formation of new nuclei as a direct function of time of 

electrodeposition with gradual growth and can provide flatter surface morphology [54,60]. 

 

1.2.2.2 Induced codeposition mechanism 

Concerning the dependence of the composition of the alloys deposited on the ratio of the metal 

ions in the solution, various codeposition modes are distinguished in the electrodeposition 

literature. For four basic codeposition modes (equilibrium, regular, irregular and anomalous) 

[61] the entire composition range can be swept because both components of the alloy can be 

deposited alone, too. This latter feature is, however, not true for the so-called induced 

codeposition in which one of the components cannot be obtained in pure form.  

The electrodeposition of the elements such as P, Ge, W and Mo is not possible from aqueous 

media; however, these metals can be co-deposited by forming alloys with iron group hyper-

transition metals [61–66]. The process of codeposition of elements such as P, Ge, W and Mo 

beside Ni, Co, Fe is classified as induced codeposition. For instance, pure Mo cannot be 

deposited alone (induced metal), while Ni (inducing metal) can be deposited with high current 

efficiency and also it facilitates the deposition of Mo as alloying element [61,67,68]. 

The phenomenon of induced co-deposition was first described by Brenner in 1963 [61].  Over 

the years, several mechanisms have been proposed to explain the induced codeposition of Mo 

with Ni [63,69–71] Zeng et al. investigated co-deposition mechanism of Ni with Mo from citrate 

solutions and suggested a mechanism involving electrochemical reduction of molybdate anion 

(MoO4
-2) to MoO4 which is subsequently reduced to a metallic form by hydrogen accumulated 
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on the surface of inducing metal nickel to form molybdenum in alloys [72]. However, later 

some studies undermine the role of the hydrogen in the co-deposition process. They suggested 

another mechanism which involves the presence of complex Ni-Mo species in the electrolyte, 

and these dissolved Ni-Mo complexes were reduced during co-deposition of molybdenum [56]. 

This mechanism has been subjected to criticism as the presence of complex Ni-Mo species in 

the electrolyte could not be experimentally detected. Podlaha and Landolt developed a 

mathematical model to quantitatively predict the mechanism of induced codeposition assuming 

the codeposition of Mo with Ni through an adsorbed nickel-molybdenum intermediate species 

[68]. Although several mechanisms have been proposed to explain the induced codeposition 

behavior of Mo, but no general agreement has been established [73]. The intensive 

investigations on induced co-deposition of Ni-Mo have entitled the mass transport as a crucial 

factor for the deposition behavior of Ni-Mo alloys, especially when the concentration of nickel 

in the electrolyte is higher than that of molybdate [69,71,74–76]. 

During the process of electrodeposition, the factors such as bath temperature, electrode rotation 

rate, pH of the solution and applied current density have considerable influence on the 

properties of the processed layers which are discussed in detail in the next section. In the 

solution of lower molybdate concentration with a larger amount of nickel, the Mo content in 

the alloy can be increased by increasing electrode rotation rate and decreased by increasing the 

current density. Thus, in the electrolytes containing high nickel content along with low 

concentration of molybdate, Ni is deposited under kinetic control, and molybdate is co-

deposited under diffusion limiting conditions. The general trend in such case is that the increase 

in Mo content of the deposit leads to a decrease in current efficiency, particularly in alkaline 

solutions and when the citrate:nickel ratio is larger than one [72,77]. However, if concentration 

of molybdate is higher than that of nickel, then the composition of the deposited alloy is 
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independent of the rotation rate, as in this case, the deposition rate of both Ni and Mo is 

controlled by the flux of the nickel ion toward the cathode.  

Thus, depending on relative concentrations, mass transport of either molybdate or nickel species 

may limit the rate of deposition of molybdenum [67]. Since electrodeposited Ni-Mo alloys of 

higher than 25 at.% molybdenum content and obtained from a stagnant solution always contain 

a significant amount of oxygen, an enhanced convection was suggested to achieve purely 

metallic deposits [76]. The Mo-content enhancement as a result of the application of both a 

vigorous convection [76] and pulse plating [78,79] confirm that the diffusion-limited transport 

of the molybdate ions, as well as the pH relaxation at the electrode surface, are important during 

the alloy formation. The application of appropriate additives proved to be also successful in 

increasing the Mo content of the deposits [80]. Ni-Mo alloy coatings deposited even from 

additive-free baths appear to be inherently nanocrystalline [5,7,77,81], especially when pulsed 

current is used for their deposition [82]. If coherent sample series are scrutinized in which only 

one technical parameter is modified during their deposition, the crystallite size decreases with 

the increase of the Mo content of the alloys. The electrodeposition of Ni-Mo alloys shows much 

commonality with any pair from the (Ni,Co,Fe)–(Mo,W,Re) group. The similarity ranges from 

the induced nature of the codeposition process through the drastic decrease in crystallite size 

with the increase in the refractory metal content to the structural relaxation upon heat treatment. 

 

1.3. Properties of nanomaterials 

 

1.3.3 Microstructural and mechanical properties of HPT-processed materials 

 

The microstructure of specimens obtained by the application of HPT technique is highly 

dependent on the processing conditions such as applied pressure, processing temperature, strain 

rate and the number of revolutions [29]. The higher values of applied pressure, strain rate and 
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number of revolutions can cause greater grain refinement, however, such refinement become 

less pronounced on increasing the processing temperature [38]. In addition to the grain 

refinement, the homogeneity in HPT processed disks can also be controlled by the imposed 

pressure and the number of turns. The inhomogeneous distribution in strain further causes 

variation in microstructure across HPT disk. However, at sufficiently high strains and pressure, 

it is possible to remove this inhomogeneity and obtain a homogeneous microstructure along the 

radius of the HPT processed disk. The most widely used models to explain the grain refinement 

mechanism during SPD are based on dislocations. The dislocation cell structures formed during 

the early stages of plastic deformation, gradually transforms the bulk structure into a fine-

grained structure. The dislocations formed due to the high strain introduced by SPD processing 

rearrange themselves into LAGBs. These LAGBs then gradually transform to HAGBs, thus 

causing the grain refinement. The minimum grain sizes obtained by HPT depends on the 

characteristics of the deformed material, such as its crystal lattice, melting temperature, and 

stacking fault energy (SFE) [83]. 

According to a report by Meyers et al., when the diameter-to-thickness ratio of the HPT disk is 

low, the pressure at the center of the disc can be unusually large [84]. Additionally, when the 

sample thickness increased, an axial inhomogeneity can also occur in addition to inhomogeneity 

along the radius [85]. Thus, the lower value of thickness to diameter ratio of the disk can be 

used to achieve a better sample homogeneity. Moreover, not only the dimension of the HPT-

processed sample but also its shape can affect the microstructural homogeneity. For instance, a 

study which compares the microstructural evolution of ring and conventional disk-shaped 

samples, concluded that ring-shaped samples are effective in order to reach high strain in a 

single revolution leading to a more homogeneous microstructure compared to the disk specimen 

[86]. The chemical composition and purity of the material also significantly influence the final 

microstructure achieved by HPT processing. Furthermore, the applied pressure during HPT 
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processing causes a plastic flow of the sample material into the surface roughness of the anvils, 

which helps to obtain large friction between the sample and the anvil for the subsequent 

torsional straining. There is a lower limit to the applied pressure, which is necessary to have an 

adequate frictional force, in order to avoid any relative slippage between the anvil and the 

sample surfaces during rotational straining. This minimum amount of applied pressure is at least 

three times the yield stress of the initial undeformed sample material [29]. 

The temperature may increase during HPT processing due to the severity of plastic deformation. 

The heat generated within the HPT disk during HPT processing can have a drastic effect on the 

microstructural evolution and deformation mechanisms [87]. The temperature rise becomes 

more significant at higher imposed pressures, rotation speed, processing time, and at larger 

distances from the disk center. Among the abovementioned factors, the rotation speed is the 

most crucial parameter to control the temperature rise. Previous research claims that the rise in 

temperature depends on the processed materials and their hardness. According to a research 

which employs finite element simulations and experimental measurements for HPT processing 

of model metals with N = 10 at ω = 1.0 rpm and P = 6 GPa, the total generated heat is higher 

for harder materials: 16 kJ for Al, 41 kJ for Cu, 73 kJ for Fe and 155 kJ for Mo. This study also 

confirms that in spite of enormous plastic deformation during processing by HPT, the 

temperature rise is not significant (below 90 °C) in comparison to the melting temperatures of 

the selected model metals [88]. 

Though no fixed relationship exists between the grain refinement and dislocation density in 

SPD processed materials, the larger dislocation density value is accompanied by lower 

grain/crystallite sizes [18,89]. This can be explained by the arrangement of dislocations into the 

grain and sub-grain boundaries, which leads to refinement of grains in materials subjected to 

SPD procedures. The saturation dislocation density is determined by the dynamic equilibrium 

established between the dislocation multiplication and annihilation. The greater the hindrance 
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to annihilation of dislocations during SPD-processing, the higher the maximum achievable 

dislocation density. The annihilation of dislocations become difficult by the solid solution 

alloying, presence of secondary phase particles, the low homologous temperature during SPD 

processing and the high degree of dislocation dissociation due to the low SFE. The ways to 

maintain low homologous temperature during SPD processing are (i) processing at low 

temperatures (e.g., cryogenic rolling at liquid nitrogen temperature) and (ii) processing 

materials with high melting points [18]. The maximum dislocation density in an SPD-processed 

material has a strong dependence on the SFE [90][91] and the melting temperature. The 

thermally activated (cross-slip and climb) processes of dislocation annihilation can explain the 

dependence of saturation dislocation density on the melting point of the processed materials. 

The maximum dislocation density at high imposed strains is controlled by the diffusion-

controlled climb process. When SPD is performed at RT on materials with higher melting point, 

the activation energy is greater and therefore, the relatively slower climb process contributes to 

a higher saturation dislocation density [92]. 

The addition of alloying elements to metallic materials can further enhance the grain refinement 

and the increase in the dislocation density during SPD processing [93]. The pinning effect of 

solute atoms and precipitates on dislocations and grain boundaries in alloys impedes the 

dislocation annihilation and grain coarsening, thereby leading to improved mechanical strength 

in the SPD-processed materials. For instance, in Cu-rich alloys processed by HPT at RT, on 

increasing the nickel content, substantial grain refinement and enhanced microhardness were 

observed [94]. Moreover, the solute atoms can improve the strength not only directly by 

increasing the critical resolved shear stress of dislocation glide but through an indirect way by 

increasing the dislocation density [92]. Hence, the addition of alloying elements influences the 

development of the UFG microstructures during SPD as well as their thermal stability. 
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The stability of SPD-processed UFG materials is a prerequisite of their reliable operation in 

practical applications. When grain growth occurs, the improved strength of UFG materials 

deteriorates, and therefore a study of the microstructural stability is necessary for the 

commercialization of these materials. The recovery and recrystallization behaviors of UFG 

materials are usually investigated by differential scanning calorimetry (DSC) combined with 

direct or indirect observations of the microstructure [95–98]. Former studies revealed that for 

SPD-processed pure metals and dilute alloys the recovery of the dislocation structure and the 

recrystallization could not be separated in the thermograms since they occur in a single 

exothermic DSC peak [99–104]. The temperature of the peak maximum depends on the method 

of SPD processing, the imposed strain and the heating rate. However, its value is usually 

between ~0.3–0.4 × Tm, where Tm is the melting point in Kelvin degrees [18]. It was also shown 

that the activation energy of recovery/recrystallization is usually about 0.5 ± 0.1 × Qself where 

Qself is the activation energy of self-diffusion, irrespective of the type of material and the 

processing method [105–108]. The observed values of the activation energies suggest that 

recovery and recrystallization are mainly controlled by diffusion along grain boundaries and 

dislocations. It is noted that for 4N and 4N8 purity Ni samples processed by HPT, an additional 

small DSC peak was observed at the homologous temperature of ~0.24 which corresponds to 

the annihilation of single and double vacancies [109]. However, the majority of reported DSC 

experiments do not show this vacancy peak. At the same time, for solid solutions with high 

solute content and precipitate hardened alloys, two exothermic peaks were often observed 

[110,111]. The first peak is related to recovery while the second peak corresponds to 

recrystallization and grain growth. This separation of recovery and recrystallization is attributed 

to the segregation of alloying elements and/or the formation of precipitates at grain boundaries. 

Then, these act as obstacles against grain boundary migration, thereby hindering 
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recrystallization and grain growth. The activation energy for the first “recovery” peak is usually 

smaller than that determined for the second “recrystallization” peak.  

Despite the numerous reports on DSC studies of SPD-processed metallic materials, systematic 

studies on the influence of strong alloying on the thermal stability of the defect structure and 

the grain size have not been performed to date. 

The experiments show that instead of single step HPT processing, a combination of HPT with 

other SPD and non-SPD processing routes (such as rolling) gives the potential for achieving a 

greater grain refinement in bulk metallic materials [112–114]. Among non-SPD techniques, 

cryorolling is very effective in achieving a small grain size because the extremely low 

temperature (usually liquid nitrogen temperature is applied) suppresses any dynamic recovery 

of the dislocation structure and the occurrence of grain growth during deformation [115]. 

Therefore, a combination of cryorolling and subsequent HPT at RT appears to be a promising 

SPD method for the production of metals and alloys with UFG or nanocrystalline 

microstructures. 

 

1.3.4 Factors influencing the properties of electrodeposited films 

 

The electrodeposition parameters such as applied current density, pH and bath temperature play 

a critical role in controlling the final microstructure and grain refinement of deposited layers 

[52,116–118]. As the rate of nucleation and growth can be controlled by the current density, the 

low current density causes a small overvoltage only and hence, the growth rate of nuclei is 

dominant over the rate of formation of new nuclei. Thus, the layer deposited at low current 

density tends to possess coarse-grained microstructure. On increasing the current density, the 

structure generally becomes finer due to the increased rate of formation of nuclei. This trend 

holds true for numerous investigations on nickel coatings [119,120], though some exceptions 
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could be found in the literature where contrary behavior was also observed [116,117,121]. 

When the current density increases beyond the limiting value of the electrolyte, porous and 

spongy deposit can form due to the release of hydrogen [122].  

The pH of the solution is one of the important factors to obtain electrodeposited films with the 

desired structural and functional properties. The variation of electrolyte pH can have a strong 

effect on the crystallite size, chemical composition, preferred orientation, and crystallite shape 

[123]. 

Additionally, the temperature of bath during electrodeposition can affect the nucleation-growth 

and the microstructure of the deposited film. Therefore, by optimizing bath temperature, some 

important characteristics of the final coating such as grain size, brightness, internal stress, 

surface roughness, texture, chemical composition and current efficiency, can be controlled. The 

previous report on electrodeposited nanocrystalline Ni coatings concluded that both the 

electrodeposition rate and the microhardness of thin films is affected by the bath temperature  

[118]. 

Beside the deposition conditions, the chemical composition of the material also influences the 

microstructure and the mechanical properties of electroplated layers as it has been shown for 

Ni-Co alloys [124–126]. For instance, the grain refinement and the defect density can be further 

enhanced through the addition of alloying elements to electrodeposited metals [93]. The 

previous studies have shown that the addition of organic additives such as saccharin and formic 

acid to the electrolyte bath yielded a smaller grain size and a larger defect density in 

nanocrystalline Ni layers processed by electrodeposition [127,128]. Saccharin is also known for 

its stress-relieving and hardening properties, thus used as one of the most common organic 

additives in industrial nickel baths. 

Internal stresses can build up within the deposited layer due to electro-crystallization process 

and/or the codeposition of impurities such as sulfur, hydrogen, and other elements. The nature 
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of the internal stresses can either be tensile or compressive. Under the influence of tensile stress, 

the average distance between nickel atoms in the lattice is larger than the equilibrium value, 

creating a force that attempts to bring the atoms closer together. Thus, the deposit contracts after 

its removal from the substrate and can even crack under extreme conditions. Contrarily, the 

opposite effect is observed in presence of compressive stress, where the force tends to drive 

them further apart causing the deposit to expand.  

Due to the difference in initial and final stress, the removal of the substrate causes the deposited 

layer could curl towards or away from the anode, depending upon whether the internal stress in 

the deposit is of tensile or compressive nature, respectively. The addition of organic additives 

can help in reducing or even entirely getting rid of the curvature in free-standing thin films 

[129]. According to a report on the effect of saccharin on nickel electrodeposition from sulfate 

electrolyte, the saccharin addition can reduce the tensile stresses of Ni deposits and eventually 

result in the compressive stress. It also concluded that the degree of reduction of tensile stress 

can be controlled by the concentration of saccharin in nickel deposits, till saccharin has reached 

saturated adsorption beyond which its effect on internal stresses become significantly low [130]. 

In the scope of this thesis, the original goal of the addition of saccharin was only to reduce the 

internal stresses causing curvature in free-standing thin films [129]. The decrease of these 

stresses is necessary for increasing the shock tolerance (thermal or mechanical) in the practical 

application of these materials. At the same time, saccharin not only reduces the internal stresses 

in electrodeposited films but also acts as a grain refiner [55,131]. Several studies have reported 

a rapid decrease in grain size by addition of the saccharin. Moreover, saccharin addition yields 

smaller grain size and greater defect density than some other additives such as formic acid [132]. 

However, this grain refinement is only limited to a certain concentration, above which grain 

size is not further reduced on increasing the saccharin content and saturation is observed. Thus, 
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both alloying and addition of organic additives have a significant impact on the microstructure 

and the mechanical properties of nanomaterials processed by electrodeposition [127,133]. 

As mentioned in the previous section, the annealing of nanostructures at high temperatures 

usually causes a reduction of defect density and grain coarsening; therefore, nanomaterials may 

lose their exceptional properties. Numerous investigations on nanocrystalline nickel have been 

conducted to show the dependence of thermal stability on several parameters such as the type 

and concentration of impurities, lattice defects, initial grain size, grain shape and its distribution, 

grain boundary (GB) structure and crystalline texture [134–139].  Former studies have shown 

that GB segregation of impurities or alloying elements helps to achieve a higher thermal 

stability [140]. In addition, the pinning effect of alloying elements on lattice defects, such as 

dislocations, can hinder their annihilation. Thus, the alloying elements kinetically retard the 

recovery and recrystallization of nanostructures [141–143]. At the same time, alloying in 

nanomaterials increases the lattice defect density including GBs, thereby enhances the 

thermodynamic driving force of recovery and recrystallization. A similar effect is expected 

when organic additives such as saccharin (contains sulfur atoms) are added to the electroplated 

materials [137,144–147]. In alloys containing organic additives, it is an open question whether 

the thermodynamic or the kinetic effect is the stronger, i.e. the addition of alloying elements 

and organic additives together increases or decreases the thermal stability of nanomaterials. 

Surely, the answer depends on the type and concentration of alloying elements and organic 

additives [130,148].  

The energy stored in lattice defects such as stacking faults, GBs, dislocations and vacancies 

[18] formed during the production of nanomaterials has a great impact on the thermal stability 

of the nanomaterials [109,149]. The high stored energy in UFG and nanomaterials can make 

them thermodynamically unstable which limits their applications at high temperatures. Even if 

the nanomaterials processed by bottom-up routes do not undergo any deformation, a high defect 
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density has been detected in these materials too [15,150–152]. Therefore, the determination of 

the energy stored in lattice defects has a significance in nanomaterials produced either by SPD 

or bottom-up methods. A direct method for measuring the stored energy is DSC. Alternatively, 

the stored energy can be determined indirectly by calculating the contributions of different 

lattice defects (GBs, dislocations etc.) whose density can be obtained from quantitative 

structural characterization. The comparison of the results obtained by the two methods enables 

an indirect determination of important structural quantities such as GB energy per area 

[109,149,153]  

Several investigations have been performed on the mechanical properties of nanocrystalline Ni 

films prepared by electrodeposition technique, suggesting improved hardness [154–156] and 

tensile strength [52,156–160].  Whether the reduction of grain size is accompanied by a 

continuous increase or decrease in hardness beyond a critical grain size is highly dependent 

upon the processing method [154]. The strengthening effect in nanocrystalline Ni films has been 

observed on decreasing the grain size when nanomaterials follow regular Hall-Petch behavior 

[118,155,156]. When the grain size falls into the regime of the inverse Hall–Petch relationship, 

a softening behavior is observed, and grain size reduction is no longer beneficial [161]. Former 

studies have shown that short time annealing at moderate temperatures may improve the 

ductility considerably while the strength decreases only slightly [97,162–165]. Interestingly, an 

opposite effect of heat-treatment was also observed in UFG and nanocrystalline solid solutions, 

namely a hardening caused by annealing [166–171]. In UFG materials processed by SPD 

techniques, this effect was explained by the annihilation of mobile dislocations during annealing 

[168]. Then, the reduced mobile dislocation density makes plastic deformation more difficult, 

leading to hardening. A different mechanism of annealing-induced hardening was observed in 

nanocrystalline alloys. A recently published study [171] demonstrated that for electrodeposited 

nanocrystalline Ni-Mo alloys with the grain sizes of ~3-25 nm an annealing at 600-800 K 
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resulted in hardening. This effect was explained by the segregation of Mo atoms at the grain 

boundaries which may lead to a more difficult occurrence of grain boundary mediated 

deformation mechanisms, such as grain boundary sliding. Therefore, for higher Mo 

concentrations the annealing-induced increase in hardness was found to be larger. In SPD-

processed UFG Ni-Mo alloys, the annealing-induced changes in the mechanical performance 

may differ significantly from the results observed for their electrodeposited nanocrystalline 

counterparts due to the much larger grain size in the UFG alloys. 

 

1.4. Motivation 

 

The production of ultrafine-grained (UFG) or nanostructured materials either by top-down or 

bottom-up route is usually accompanied by lattice defect formation, such as stacking faults, 

grain boundaries (GBs), dislocations and vacancies. The type and density of lattice defects can 

have a significant impact on the properties of nanomaterials. Therefore, it is important to deepen 

our understanding of the relationship between lattice defects and properties of nanomaterials. 

Over the years, there is an increasing interest in employing severe plastic deformation (SPD) 

techniques for production of UFG materials. High-pressure torsion (HPT) is considered as the 

most effective SPD method in grain refinement and improvement of the strength of metallic 

materials. Moreover, the experiments showed that a combination of HPT with other SPD and 

non-SPD processing routes (such as rolling) gives the potential for achieving a greater grain 

refinement in bulk metallic materials. In the case of bottom-up techniques, the processing by 

electrodeposition is a conventional yet one of the most effective and low-cost methods. Further 

improvement in the properties of UFG and nanomaterials can be achieved by the addition of 

alloying elements which influence the microstructure as well as its thermal stability. A similar 

effect is expected when organic additives are added to the electrodeposited materials.  
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Ni-Mo alloys exhibit high hardness, wear, thermal and corrosion resistance, and have several 

important practical applications. However, the effect of Mo atoms on the microstructure and 

defect structure of UFG Ni prepared by different processing techniques has never been 

investigated yet. For this purpose, Ni-Mo alloy specimens were processed by both bottom-up 

(electrodeposition) and top-down (severe plastic deformation) routes with similar chemical 

compositions. My PhD research incorporated the influence of processing route on the 

microstructure, defect structure and mechanical properties of UFG and nanocrystalline Ni-Mo 

alloys. It also takes into account the influence of Mo alloying and saccharin addition on the 

characteristics of Ni alloy thin films processed by electrodeposition. In addition to the study of 

the thermal stability of the microstructure and defect structure during annealing, the correlation 

between the lattice defects and the mechanical properties was also investigated.  

In my PhD research work, I performed the X-ray experiments for the characterization of all the 

samples investigated within the scope of this thesis to determine various microstructural 

parameters. For this purpose, after measuring the X-ray diffraction (XRD) patterns, I conducted 

the evaluation using the X-ray line profile analysis (XLPA) method. I carried out the sample 

surface preparation for X-ray and scanning electron microscopy (SEM) investigations. I 

evaluated the electron backscatter diffraction (EBSD) images to obtain grain size and grain 

boundary fractions using OIM software. Additionally, I calculated the grain sizes using 

transmission electron microscopy (TEM) images for those thin-film samples which were 

beyond the detection limit of EBSD. I evaluated the differential scanning calorimetry (DSC) 

thermograms and calculated the stored energies for SPD processed and electrodeposited 

samples. I also performed the microhardness tests to determine the mechanical properties of the 

samples and then correlated the mechanical properties to the microstructure and defect 

structure. 
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Chapter 2: Materials and Experimental Methods 

 

In this chapter, the details of the material processing and the experimental techniques used in 

this research are overviewed. Firstly, the top-down and bottom-up processing techniques used 

for the fabrication of bulk and thin films, respectively, are described. These as-processed 

specimens along with the samples annealed using DSC method were then characterized using 

various experimental methods. X-ray diffraction technique was extensively used in this study, 

therefore the detailed description of X-ray line profile analysis (XLPA) method is included. 

This section also briefly presents the specifications of other microstructural characterization 

techniques such as scanning electron microscopy (SEM) and transmission electron microscopy 

(TEM). Furthermore, the details of microhardness and uniaxial tensile tests applied for the 

investigation of mechanical properties are discussed. 

 

2.1. Processing of Ni-Mo Alloys 

 

Ni alloys with low (~0.3 at%) and high (~5 at%) Mo contents were prepared by induction 

melting and casting into a Cu-mould. The as-cast ingots, having diameters of ~32 mm, were 

hot-rolled at 1100 °C to a thickness of ~13 mm. The hot-rolled samples were subjected to a 

two-step combined SPD process. In the first step, small strips were cut from the hot-rolled 

materials and cryorolled at liquid nitrogen temperature (LNT). During cryorolling, the thickness 

decreased from ~13 mm to ~3 mm in multiple passes with a thickness reduction of ~5% per 

pass. After each cryorolling pass, the strips were cooled again to LNT. From the plates obtained 

after cryorolling, discs were prepared with diameters of 10 mm and thicknesses of 1 mm. These 

samples were then processed by HPT technique under quasi-constrained conditions [30] with 

an applied pressure of 6.0 GPa and rotating speed of 1 rpm at RT for ½, 5 and 20 turns. The 
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chemical compositions of the HPT-processed Ni alloys were determined by energy dispersive 

X-ray spectroscopy (EDS) in SEM. The detailed results of EDS will be shown later in Chapter 

3, however, it is worth to mention that the Mo concentrations in the alloys with low and high 

Mo contents were about 0.28 and 5.04 at.%, respectively. Hereafter, the materials with low and 

high Mo concentrations are designated as LMo and HMo respectively. The samples processed 

by the combination of cryorolling and subsequent HPT are labeled as LMo-HPT and HMo-HPT 

for low and high Mo contents, respectively. 

It is noted that, in addition to Mo, other elements such as Al, Fe and Si were also detected in 

the samples. Nevertheless, the most significant difference between the chemical compositions 

of the two samples was the much higher Mo content in the material labeled HMo. 

Electrodeposited Ni-Mo samples were prepared at RT with a galvanostatic electrolysis by using 

a solution containing 0.52 mol/l NiSO4, 0.26 mol/l sodium citrate, 0.1 g/l sodium dodecylsulfate 

as a wetting agent, and Na2MoO4 in varying concentration up to 6 mmol/l. It was particularly 

important to use a high-purity nickel sulfate salt with c(Co) < 50 ppm (produced by Jenapharm) 

in order to minimize the impurity content of the deposit. The bath was operated at pH =6.1 ± 

0.08 where the deposition efficiency of pure Ni was the maximum (about 98%) in a wide current 

density interval, in agreement with the finding of Ref. [72]. The current density was −5.6 

mA/cm−2 where the desired concentration range of Mo in the deposit could be achieved by 

varying only the Mo content of the solution. The Faradaic efficiency as calculated from the true 

composition (the measurement of which is described later) and from the sample weight was 

nearly constant, exhibiting a similar value as observed for the deposition of pure Ni from the 

Mo-free bath. This high current efficiency of 96–98% is unprecedented for Ni-Mo alloys, and 

is due to both the pH optimization and the small current density used (which was about an order 

of magnitude smaller than the customary current density range used in general for Ni-Mo 

plating). The substrate was a Cu sheet that was degreased prior to the deposition experiment 
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and then placed horizontally at the bottom of the cell, allowing only the upward-facing side to 

contact the bath. A nickel wire spiral served as the counter electrode and was immersed into a 

frit-separated chamber of the cell in order to avoid the contamination of the deposit with the 

disintegrated grains of the sacrificial anode. The desired thickness of about 20 μm was regulated 

by the deposition time. When the electroplated specimens had to remove from their substrate, 

they were connected as anode in a cell containing 0.3 M CuSO4 solution buffered with acetic 

acid – sodium acetate solution to pH=5. In this solution, the Cu substrate could be dissolved 

from the Ni alloy with an excellent selectivity at +0.35 V electrode potential with respect to a 

saturated calomel electrode [58]. The end-point of the complete substrate removal was indicated 

by a drop of the current below the level of 60 μAcm−2. 

The chemical compositions of the electrodeposited layers were determined by EDS in an FEI 

Quanta 3D SEM. The Mo contents in the layers with low and high Mo contents, designated as 

LMo-ED and HMo-ED, were ~0.4 and ~5.3 at.%, respectively. These values were intentionally 

selected as the present electrodeposited films will be compared with bulk fine-grained Ni-Mo 

alloys having similar compositions but processed by HPT [172]. In addition to the effect of Mo 

concentration, the influence of the saccharin on the microstructure and its thermal stability was 

also investigated. Therefore, additional samples were processed by adding 1 g/l saccharin to the 

bath as the majority of grain refinement occur at 1 g/l saccharin in case of electrodeposited Ni 

[132]. These samples are denoted as LMo-sac-ED and HMo-sac-ED. In these specimens, EDS 

revealed the same Mo contents as for the saccharin free layers, but in addition sulfur was also 

detected with the concentration of ~0.2 at.%. Please note that in this research any change in the 

microstructure caused by the sulfur impurity can be regarded as a part of the effect of the 

processing method as saccharin was added intentionally to the bath in order to refine the grain 

structure, avoid texture formation and reduce internal stresses. 

 



Chapter 2 Materials and Experimental Methods 

 

  

31 
 

2.2. Experimental methods 

 

2.2.1 X-ray Diffraction Analysis of the Lattice constant 

 

X-ray diffraction (XRD) is one of the most important non-destructive tools for the 

characterization of crystalline materials. The periodic arrays of atoms, ions or molecules in 

crystalline solids act as a diffraction grating for incoming X-rays. The interaction of X-rays 

with atoms in the crystal lattice results in elastic scattering of X-ray photons, therefore causing 

constructive interference of a monochromatic X-rays scattered at specific angles from each set 

of lattice planes in a specimen, which produces X-ray diffraction peaks. The angle at which 

constructive interference occurs can be determined by the Bragg’s equation, which describes 

the relationship between the X-ray wavelength (λ), the interplanar spacing (dhkl) for planes (hkl) 

and the scattering angle (θ) as: 

 2𝑑ℎ𝑘𝑙𝑠𝑖𝑛𝜃 = 𝜆. (2.1)  

The lattice spacing dhkl for a given hkl Miller-indices can be used to determine the lattice 

parameter (a). For the simplest case of cubic symmetry, this relationship can be given as: 

 𝑎 = 𝑑ℎ𝑘𝑙√ℎ2 + 𝑘2 + 𝑙2. (2.2)  

The first step to obtain the lattice parameter is to calculate the values of interplanar spacing 𝑑ℎ𝑘𝑙 

for the different indices using the Bragg’s law. The 𝑑ℎ𝑘𝑙 and hkl values for cubic crystals are 

then substituted into eq. (2.2). This thesis covers the investigation of the samples with cubic 

structures only, therefore, the equations for other types of crystals are not described here. 
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2.2.2 X-ray Line Profile Analysis 

 

XLPA is a powerful and well-established method besides electron microscopy to analyze the 

microstructure of nanomaterials. The X-ray diffraction pattern of a crystalline material is 

considered as a fingerprint of its periodic atomic arrangement. The diffraction peaks of an 

infinitely large and perfect defect-free crystal can be described by a Dirac-delta function. 

However, any perturbation in perfect infinite order of atoms in ideal crystalline material, 

originating either from lattice distortions or finite size of scattering crystallites is reflected in 

the diffraction line profiles. Thus, X-ray peak profile analysis exhibits high potential to reliably 

characterize important microstructural parameters, such as average crystallite size, size 

distribution as well as density and type of crystal defects. Additional contributions to 

broadening include instrumental broadening, compositional broadening due to heterogeneities 

in chemical composition and broadening caused by surface relaxation. However, in many cases, 

especially for nanocrystalline materials produced by SPD, the contributions from these effects 

are negligible compared to broadening effects of crystallite size and lattice defects, and hence, 

can be neglected. Apart from standard applications of X-ray diffraction, such as phase analysis 

and determination of lattice parameters, the XLPA technique has proven to be a very powerful 

method for determining the microstructural and defect structural parameters of nanomaterials. 

This technique exhibits high competence in reliable determination of dislocation density, as the 

probed volume is 103-105 times larger than that of TEM, thereby providing better statistics to 

obtain the microstructural parameters. Furthermore, it is a non-destructive method and doesn’t 

require complicated sample preparation techniques. It only requires the sample to be 

mechanically polished followed by chemical etching or electropolishing to remove the topmost 

surface layer, usually damaged at the time of cutting and/or mechanical polishing. 
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The broadening of X-ray line profiles is usually described by the kinematical theory of 

diffraction. This theory is based on three underlying assumptions. Firstly, the multiple scattering 

is considered as negligible, which means that each X-ray photon is scattered only once inside 

the crystal. The second criterion assumes that the X-ray photon scattering is elastic, i.e., the 

wavelength of photon remains constant during a scattering event. The third assumption is that 

the diffraction is coherent, i.e., the phase change of the X-ray wave during scattering is the same 

for all scattering events. Following the above assumptions, the diffracted intensity distribution 

is majorly determined by the arrangement of atoms in the crystal. Thus, the intensity and 

position of the diffraction peaks can be used for the determination of the crystal structure. The 

experimental intensity profile consists of different intensity contributions which originate from 

small crystallite size, lattice defects and planar faults. Therefore, the measured line profile can 

be described as the convolution of the profile functions corresponding to the physical (caused 

by the microstructure) and the instrumental broadening contributions. The Fourier-transform of 

the measured intensity profile AM(L) can be calculated as a simple product of the Fourier-

transforms of the size AS(L), strain (distortion) AD(L), planar fault AF(L) and instrumental AI(L) 

Fourier-transforms: 

 

 𝐴𝑀(𝐿) = 𝐴𝑆(𝐿)  𝐴𝐷(𝐿)  𝐴𝐹(𝐿)  𝐴𝐼(𝐿) (2.3)  

 

where L is the Fourier variable with length dimension, given by 

 

 
𝐿 =

𝑛𝜆

2(𝑠𝑖𝑛𝜃2 − 𝑠𝑖𝑛𝜃1)
, 

(2.4)  

 

where n is an integer, λ is the wavelength of X-rays, and 1 and 2 are the start and end points 

of the angular range of the measured diffraction profile. 
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2.2.2.1 Crystallite Size Broadening of X-Ray Diffraction Peaks 

 

A specimen, either single crystal or polycrystalline, can be imagined consisting of small 

fragments with distinct crystallographic orientations, referred to as domains (or crystallites). 

These small coherently scattering domains with the size less than the extinction length (about 1 

μm), contributes towards broadening of the diffraction peaks. In contrast, to the Dirac-delta 

shaped peaks for infinite size single crystals without any lattice defect, the peak profiles of 

reflections in polycrystalline materials have finite breadth [173]. Moreover, this broadening 

tends to increase with the decrease in the diameter of the crystallite perpendicular to the 

reflecting planes. XLPA has significantly evolved since the relationship between the crystallite 

size and the breadth of X-ray diffraction peak profiles was first established in the last century 

by the Scherrer formula (1918).  In 1950, Bertaut proposed a method to determine the line 

profile of a size broadened peak for reflection hkl by considering the division of reflecting 

crystallites perpendicular to the planes (hkl) into parallel and independent scattering columns 

and then adding up the intensities diffracted by each of these columns [174]. 

The Fourier-transform for the scattered X-ray intensity distribution caused by the crystallite 

size can be calculated from the column-length distribution density function p(t) as [175]:  

 

 
𝐴𝑆(𝐿) =

1

< 𝑡 >𝑎𝑟𝑒𝑎
∫ (𝑡 − 𝐿)𝑝(𝑡)𝑑𝑡 .

∞

𝐿

 
(2.5)  

 

where p(t)dt represents the relative fraction of columns for which the length parallel to the hkl 

diffraction vector lies between t and t+dt while <t> is an average column length obtained as the 

ratio of the total volume of the reflecting crystallites and their cross-section normal to the hkl 

diffraction vector. The function p(t) can be expressed in terms of the crystallite size distribution 

density function, f(x), as: 
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 𝑝(𝑡)

= 𝑁 ∫ ℎ(𝑡, 𝑥)𝑓(𝑥)𝑑𝑥 ,
∞

0

 

(2.6)  

 

where N is a normalization factor and h(t, x)dt is the relative fraction of columns with lengths 

between t and t+dt in the crystallite with diameter x. The crystallite size distribution function, 

f(x)dx, represents the relative number of crystallites having diameters lying within x and x+dx 

range. 

Considering the simplest case, with the assumption of spherical crystalline domains having 

log-normal size distribution, the size broadening effect becomes isotropic, i.e., independent of 

the diffraction order (i.e., of the indices hkl), then h(t, x) and f(x) can be expressed as : 

 

 
ℎ(𝑡, 𝑥) = { 

2𝑡

𝑥2
, t x

0, t > x
 

(2.7)  

 

 
𝑓(𝑥) =

1

√2𝜋 𝑥𝜎
𝑒𝑥𝑝 (−

[ln(𝑥
𝑚⁄ ]]2

2𝜎2
) , 

(2.8)  

where m and σ are the median and the square-root of the log-normal variance of the crystallite 

size distribution, respectively. The expression obtained after inserting the formulae of h(x, t) 

and f(x) from equation (2.7) and (2.8) in p(t) from equation (2.6) can be further substituted in 

equation (2.5) to determine the Fourier transform, AS(L) of the line profile caused by the 

crystallite size as: 
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𝐴𝑆(𝐿) =
1

2
𝑒𝑟𝑓𝑐 [

𝑙𝑛 (
|𝐿|

𝑚⁄ )

√2𝜎
− 1.5√2𝜎]

−
3

4𝑚𝑒𝑥𝑝(8.125𝜎2)
𝐿 𝑒𝑟𝑓𝑐 [

𝑙𝑛(𝐿/𝑚)

√2𝜎
− √2𝜎]

+
3

4𝑚3𝑒𝑥𝑝(10.125𝜎2)
𝐿3 𝑒𝑟𝑓𝑐 [

𝑙𝑛(𝐿/𝑚)

√2𝜎
] , 

(2.9)  

 

where erfc is the complementary error function define as: 

 
𝑒𝑟𝑓𝑐(𝑥) =

2

√𝜋
∫ exp(−𝑡2) 𝑑𝑡

∞

𝑥

. 
(2.10)  

Equation (2.9) signifies the dependence of Fourier coefficients on two independent parameters 

of the log-normal size distribution function, m and σ, of spherical crystallites which can be used 

to determine the different mean size values of the crystallites.  

The area-weighted mean crystallite size, <x>area, defined as the mean size of crystallites 

weighted by their surface area, is used for the characterization of the crystallite size in this thesis 

and can be calculated as: 

 

 
< 𝑥 >𝑎𝑟𝑒𝑎=

∫ 𝜋𝑥3𝑓(𝑥)𝑑𝑥
∞

0

∫ 𝜋𝑥2𝑓(𝑥)𝑑𝑥
∞

0

 =  𝑚 ∙ 𝑒𝑥𝑝(2.5𝜎2). 
(2.11)  

 

 

2.2.2.2 Strain Broadening of Diffraction Line Profiles 

 

The displacement of atomic positions in a real crystal from a perfect order due to the external 

and/or internal stresses causes broadening of X-ray diffraction lines. The source of these lattice 

distortions is usually the strain fields of lattice defects, such as dislocations, but can also 

originate from surface relaxation in nanoparticles. These distortions yield both shift and 
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broadening of the diffraction peaks, caused by the change of the average spacing between atoms 

due to stresses and the variance of the interatomic spacing, respectively.  

The Fourier-transform of the X-ray peak profile caused by the lattice distortion (strain) can be 

determined by the following equation [176]: 

 

 𝐴𝐷(𝑔, 𝐿) = 𝑒𝑥𝑝(−2𝜋2𝑔2𝐿2 < 𝜀𝑔,𝐿
2 >) , (2.12)  

 

where g is the magnitude of the diffraction vector hkl and 〈𝜀2
𝑔, 𝐿〉 is the mean-square strain 

normal to (hkl) lattice planes, which is a function of g and L.  

In general, the greater the lattice distortion, the broader the diffraction peak. However, the 

broadening of X-ray peaks associated with point defects is not detectable due to the short-range 

character of their strain field, i.e., on increasing the distance from the defect, r, the strain field 

decays quickly with r -3. On the other hand, the strain field of an individual dislocation has a 

long-range character as it decays with r -1. Thus, dislocations have significant contribution to 

line profiles broadening, especially in plastically deformed metallic materials, where the lattice 

distortion is primarily caused by the presence of dislocations. The mean-square strain in cases 

where the dislocations are the cause of distortion can be given as: 

 

 
< 𝜀𝑔,𝐿

2 ≥
𝑏2

4𝜋
𝜌𝐶ℎ𝑘𝑙𝑓

∗ (
𝐿

 𝑅𝑒
), 

(2.13)  

 

where b and ρ are the magnitude of Burgers vector and dislocation density, respectively. Chkl is 

the dislocation contrast (or orientation) factor and f* is the so-called Wilkens function. Here, Re 

is the effective outer cut-off radius of dislocations, which reflects how far from the core of 

dislocation the strain field becomes negligible. Strong screening of the dislocation strain fields 

occurs by the arrangement of dislocations into low-angle grain boundaries or dipoles which 



Chapter 2 Materials and Experimental Methods 

 

  

38 
 

lowers the total distortion in the lattice and thereby yields a smaller value of Re. This indicates 

that the strain field of dislocation is not only dependent on the dislocation density but also the 

arrangement of dislocations. Thus, instead of Re, it is more appropriate to characterize the 

screening of the strain field of dislocations using a dimensionless dislocation arrangement 

parameter, M, which can be obtained as: 

 

 𝑀 = 𝑅𝑒ρ
1

2⁄ . (2.14)  

 

The lower value of M corresponds to a stronger screening of the strain fields of dislocations 

[173]. Moreover, the greater the screening of the strain fields of dislocations, the longer the tails 

observed in the diffraction profiles. 

Substituting equation (2.13) into (2.12), the Fourier-transform of the line profile caused by the 

strain field of dislocations can be expressed as: 

 

 
𝐴𝐷(𝐿) = 𝑒𝑥𝑝 (−

𝜋𝑏2

2
𝑔2𝐿2𝜌𝐶ℎ𝑘𝑙𝑓

∗ (
𝐿

𝑅𝑒
)). 

(2.15)  

 

According to the above equation, the line broadening has a strong dependence on the diffraction 

vector, the Burgers and line vectors of dislocations, and the elastic anisotropy of the crystal. 

Additionally, the strain fields of dislocations have anisotropic nature, which results in a specific 

dependence of line broadening on indices of reflections hkl for randomly oriented 

polycrystalline materials. Consequently, even the same dislocation structure causes different 

peak broadening for the different hkl reflections. This effect referred to as strain anisotropy is 

included in the contrast factor Chkl in equation (2.16).  
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For a non-textured cubic polycrystalline sample, or if all possible slip systems are equally 

populated by dislocations in the case of textured or single crystalline cubic material, the 𝐶ℎ̅𝑘𝑙 

can be obtained by averaging of the individual contrast factors, 𝐶ℎ𝑘𝑙, over hkl indices of the 

reflections which appear at the same Bragg angle [177]. By this method, the average contrast 

factor for cubic materials can be written as: 

 

 𝐶ℎ̅𝑘𝑙 =  𝐶ℎ̅00(1 − 𝑞𝐻2) , (2.16)  

 

where 

 
𝐻2 =

ℎ2𝑘2 + ℎ2𝑙2 + 𝑘2𝑙2

(ℎ2 + 𝑘2 + 𝑙2)2
  

(2.17)  

 

and q describes the edge/screw character of dislocations. 𝐶ℎ̅00 is the average contrast factor for 

reflection h00. 

As this thesis focuses on cubic materials, only the contrast factors for cubic crystal system are 

determined. The value of 𝐶ℎ̅00 and q for a given dislocation slip system can be calculated on the 

basis of the dislocation crystallography and the anisotropic elastic constants of the material. The 

contrast factors can be determined by the software ANIZC (that can be found on the website 

http://metal.elte.hu/anizc) [178]. The theoretical values of parameter q for pure edge and screw 

dislocations were calculated using the elastic constants and the dislocation slip systems 

activated in the crystal. The experimental value of parameter q obtained by X-ray line profile 

analysis can be used to describe the edge/screw character of the dislocation. For dislocations 

character determination, the theoretical values for pure edge and screw dislocations are 

compared with the experimentally determined qexp obtained from XLPA. For Ni q equals 1.38 

and 2.21 for edge and screw dislocations, respectively. If the experimental q value is close to 

the theoretical values for either edge or screw dislocations (qedge or qscrew, respectively), then the 



Chapter 2 Materials and Experimental Methods 

 

  

40 
 

dislocations have either pure edge or pure screw character, respectively. On the other hand, if 

qexp doesn’t match with either the theoretical qedge or qscrew, and rather lies between them, then 

the dislocation structure has a mixed character. The degree of edge character of dislocations can 

be estimated by the quantity 

 
𝑞𝑒𝑥𝑝 − 𝑞𝑠𝑐𝑟𝑒𝑤

𝑞𝑒𝑑𝑔𝑒 − 𝑞𝑠𝑐𝑟𝑒𝑤
 

 

which is zero and one for pure screw and edge dislocations, respectively.  

 

2.2.2.3 Broadening by Planar Faults 

 

Planar faults are two-dimensional lattice defects in crystalline materials, such as twin 

boundaries, stacking faults etc., produced either during plastic deformation or recrystallization 

of severely strained microstructures [18]. The physical and mechanical properties of 

nanomaterials can be significantly altered by the presence of these faults and thus, it is necessary 

to determine their type and density. X-ray line profile analysis is an effective tool to investigate 

the stacking faults as well as twin boundaries in nanomaterials and UFG materials due to the 

large information volume. The characteristics of a profile observed in the presence of planar 

faults differ considerably from those caused by either the small crystallite size or dislocations. 

These faults not only yield anisotropic (i.e., hkl dependent) broadening of X-ray line profiles 

but also may cause displacement of the peak center and asymmetry of peaks. Moreover, the 

broadening and shift due to planar faults depend on the type of these faults, the hkl indices of 

reflection and the probability of twinning. In the case of fcc crystals, the X-ray line profile is 

influenced by the planar faults present on {111} planes only if its hkl indices satisfy the 

condition h+k+l≠3m where m is an arbitrary integer. Under this condition, the peak center is 

displaced from the exact Bragg-position and line broadening occur, which is proportional to 

|h+k+l| and the probability of the planar fault. Hence, in fcc materials, both twin boundaries 
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and stacking faults yield broadening of the diffraction profiles. However, the former defects 

have symmetrical diffraction peaks with marginal peak shift which can be distinguished from 

the asymmetric profile shape of stacking faults. The analysis of asymmetry of peak profile helps 

to correctly interpret the type of stacking faults as the asymmetry for a given reflection is 

opposite for intrinsic and extrinsic stacking faults. 

The effect of planar faults on X-ray diffraction profile can be calculated numerically as a 

function of the density of planar defects using the DIFFaX (Diffraction of Faulted Crystals) 

software. DIFFaX obtains the diffraction pattern by the summation of the amplitudes scattered 

from crystal planes parallel to the planar faults.  

The theoretical intensity profile function of planar faults can be described as: 

 

𝐼𝐹(𝑔) = 𝑤𝛿𝐼ℎ𝑘𝑙
𝛿 (𝑔) + ∑ 𝑤𝐿

𝑗
𝐼𝐿,ℎ𝑘𝑙

𝑗
(𝑔)

𝑁

𝑗=1

, 
(2.18)  

where 𝐼ℎ𝑘𝑙
𝛿  is the Dirac delta-function component of the profile at the exact Bragg position and 

𝐼𝐿,ℎ𝑘𝑙
𝑗

 are the Lorentzian profile functions of the broadened and shifted sub-reflections, and 

𝑤𝛿and 𝑤𝐿
𝑗
 are the fractions of the different sub-reflection components [178]. The fractions are 

given by the relative multiplicities of sub-reflections within a hkl reflection. 

 

2.2.2.4 X-ray Diffraction Experimental Setup and Evaluation  

 

 

The XRD measurements were conducted by a high-resolution rotating anode diffractometer 

(manufacturer: Rigaku) with CuKα1 radiation (wavelength: λ=0.15406 nm). The Debye–

 
Fig. 2.1: Parts of Debye–Scherrer diffraction rings detected on an imaging plate. 
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Scherrer diffraction rings were detected by two-dimensional imaging plates, and the line 

profiles were determined as the intensity distributions perpendicular to the rings obtained by 

integrating the two-dimensional intensity distributions along the rings.  

The evaluation of the patterns was carried out by the Convolutional Multiple Whole Profile 

(CMWP) fitting method [179]. In this procedure, the experimental diffraction pattern is fitted 

by the sum of a background spline and the convolution of the instrumental pattern and the 

theoretical line profiles related to crystallite size, dislocations and planar faults. The 

instrumental broadening was negligible, compared to the physical peak broadening due to the 

UFG microstructure of the samples, and therefore an instrumental correction was not necessary. 

The theoretical line profile functions used in this fitting procedure were based on a model of 

the microstructure where the crystallites have spherical shape and a log-normal size distribution.  

The microstructures of the SPD-processed and the electrodeposited Ni-Mo alloys were studied 

by XLPA. For the HPT-processed samples, the XLPA investigations were carried out at the 

center, half-radius and periphery of the disks. The following parameters of the microstructure 

were determined by the CMWP fitting procedure: the area-weighted mean crystallite size 

(<x>area), the twin fault probability (β), the average dislocation density (ρ) and the dislocation 

arrangement parameter M. The twin fault probability in fcc materials is defined as the relative 

fraction of twin boundaries among the {111} lattice planes. The value of parameter M reflects 

the arrangement of the dislocations. Thus, a smaller value of M relates to a more shielded strain 

field of the dislocations and the arrangement of dislocations into low energy configurations, 

such as LAGBs or dipoles, yields a consequent decrease in M. 

 

2.2.3 Scanning Electron Microscopy 

SEM is one of the most versatile instruments for the characterization of the microstructural 

morphology and the chemical composition. The microstructures of the initial and the HPT-
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processed Ni-Mo disks, as well as thin films, were investigated using a FEI Quanta 3D scanning 

electron microscope. Before EBSD investigations, the surfaces of the initial and HPT-processed 

disks were first mechanically polished with 600, 1200, 2500 and 4000 grit SiC abrasive papers 

and then the surface treatment was continued by polishing with a colloidal silica suspension 

(OP-S) having a particle size of 1 µm. Finally, electropolishing of the surfaces was conducted 

at 28 V and 1 A using an electrolyte with a composition of 70% ethanol, 20% glycerine and 

10% perchloric acid (in vol%). 

2.2.3.1 Electron Backscatter Diffraction 

EBSD enables the specimen microstructure to be analyzed, visualized and quantified. It can be 

used for the characterization of the grain boundary misorientations, global/local texture and 

phase identification. The EBSD images were evaluated using the Orientation Imaging 

Microscopy (OIM) software.  

The microstructures of the initial and the HPT-processed disks were investigated by EBSD with 

a step size of ~30 nm. The average grain sizes and the fractions of the LAGBs and HAGBs 

were determined from the EBSD images by investigating the misorientations in the SPD-

processed microstructures. The grains were considered as the regions in the EBSD images 

bounded by HAGBs having misorientations higher than 15°. The number-averaged grain size 

values were determined by the OIM software.  

The grain size of the as-deposited layer samples could not be determined by EBSD due to the 

very small grain size values (20-30 nm). However, after DSC annealing, the grain size was large 

enough (400-800 nm) for the characterization by EBSD. The step size in EBSD study for the 

DSC-annealed layers was 50 nm. 
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2.2.3.2 Energy Dispersive X-ray Spectroscopy  

The chemical compositions of the layers and the HPT-processed Ni alloys were determined by 

EDS. This technique uses the X-ray spectrum emitted by the bombardment of solid samples 

with a focused beam of electrons and provides localized chemical analysis. It is noted that the 

same device was used for the EBSD analysis. In principle, it can be used to detect all the 

elements from atomic number 4 (Be) to 92 (U). 

 

2.2.4 Transmission Electron Microscopy 

Transmission electron microscopy (TEM) technique was applied to determine the grain size of 

the as-deposited Ni-Mo thin films as other microscopic techniques could not be effectively used 

for grain size less than 30 nm. For this purpose, the TEM samples were thinned by ion milling 

with continuous cooling using liquid nitrogen to avoid any unwanted annealing of the 

nanocrystalline samples. The TEM examinations were performed in a Philips CM20 electron 

microscope operating at 200 keV. The images and the diffraction patterns were recorded on 

imaging plates, and the ProcessDiffraction program was used for indexing the diffraction 

patterns. 

 

2.2.5 Differential Scanning Calorimetry 

 

Differential scanning calorimetry (DSC) was used to investigate the thermal stability of the 

phase composition and the microstructure of specimens prepared by bottom-up and top-down 

approaches. For HPT-processed materials, small samples were cut from the region between the 

half radius and the periphery of the disks processed by 20 turns. This region was intentionally 

selected as the microstructure corresponding to the HPT-processed specimens with both low 
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and high Mo contents achieved a saturation state between the half-radius and the periphery of 

the disks processed for 20 turns of HPT. The DSC experiments were performed using a Perkin 

Elmer (DSC2) calorimeter at a heating rate of 40 K/min under an Ar atmosphere. The upper 

limit of temperature for this calorimeter was 1000 K. The same conditions of DSC annealing 

were applied on small parts of the electrodeposited layers after removing the Cu substrate. 

Furthermore, this technique was also employed for the calculation of stored energy on both 

electrodeposited and SPD-processed samples.  

 

 

2.2.6 Characterization of Mechanical Properties 

 

2.2.6.1 Microhardness Testing 

 

The microhardness of the SPD-processed samples was determined using a Zwick Roell ZHμ 

hardness tester with a Vickers indenter, an applied load of 500 g and a dwell time of 10 s. Due 

to the anticipated gradient in the microstructure along the radius of the HPT disks, the hardness 

was measured at the center, half-radius and periphery of the HPT-processed samples as well as 

annealed samples. The same method was applied to thin films, however a load of 25 g was 

applied due to the low thickness of these samples. 

 

2.2.6.2 Tensile Testing 

 

Tensile specimens were prepared from the samples processed by 20 turns of HPT and from the 

samples processed through 20 turns of HPT and then annealed at the characteristic temperatures 

determined by DSC. 
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Two miniature tensile specimens were cut from each HPT-processed disk by electro-discharge 

machining (EDM). These two miniature tensile specimens were cut symmetrically on either 

side of the center of the disk as shown in Fig. 2.2.  

 

The thickness of the HPT-processed disk was ~0.80 mm. However, as a consequence of the 

elastic distortion of the anvils during HPT, the surface of the HPT processed disk became 

curved. So, the upper and lower surfaces of the HPT-processed disks were ground using 

abrasive papers to a thickness of ~0.60 mm before EDM cutting in order to obtain a uniform 

thickness and remove any surface irregularities. The gauge length and width of the tensile 

specimens were 1.1 and 0.95 mm, respectively. Tensile tests were performed on a Zwick Z030 

testing machine. All miniature tensile specimens were pulled to failure at RT with an initial 

strain rate of 10-3 s-1.   

 

 
Fig. 2.2: The tensile test specimens cut from the HPT processed disks. 
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Chapter 3: Effect of Mo addition on the microstructure and thermal stability of SPD 

processed Ni alloys  

 

In this chapter, the impact of varying Mo contents on the microstructure and hardness of a UFG 

Ni alloy processed by SPD is shown. The evolution of microstructure, including grain size and 

dislocation density, with increasing SPD straining, was characterized using different 

experimental methods. In addition, the hardness values were investigated both for the cryorolled 

samples and for HPT processed disks, as a function of the number of revolutions and the 

distance from the center of the disks. The yield strength was determined and correlated to the 

dislocation density. The influence of Mo alloying on the thermal stability of HPT-processed 

UFG Ni alloys is included in this chapter. The evolution of grain size and dislocation density 

were also investigated as a function of the annealing temperature and then correlated to the 

evolved DSC peaks. Furthermore, the variation of the strength and ductility during annealing 

of SPD-processed UFG Ni-Mo alloys was investigated by tension. The influence of Mo alloying 

on annealing-induced hardening in UFG Ni is also discussed. 

 

3.1. Microstructure Evolution with Addition of Mo in SPD-Processed Ni Alloys 

 

3.1.1 Lattice Parameter of the SPD-Processed Ni Alloys 

The cryorolled and the HPT processed Ni alloys were investigated by XRD to determine the 

average lattice parameters. The values of the lattice parameter for both the cryorolled and the 

HPT-processed specimens were 0.3527 ± 0.0002 and 0.3549 ± 0.0002 nm for the LMo-HPT 

and HMo-HPT alloys, respectively. These values deviate from the lattice constant of pure Ni 

(0.3524 nm) because of the considerable alloying elements that are concentrated in these alloys. 

Indeed, the EDS results in Table 3.1 reveal that both materials contain Mo, Al, Si and Fe, but 
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the most significant difference between the compositions is the highest Mo content in sample 

HMo. It was reported that the addition of Mo, Al and Fe to Ni increases the lattice parameter 

while alloying with Si leads to a decrease of the lattice constant [180]. 

Table 3.1: Chemical composition of the alloys with low and high Mo contents as determined by 

EDS. 

LMo alloy 

Element Ni Mo Al Si Fe 

At.% 98.29 0.28 0.84 0.34 0.25 

HMo alloy 

Element Ni Mo Al Si Fe 

At.% 93.70 5.04 1.08 0.05 0.13 

 

In the present alloys, the largest effects on the lattice parameter are caused by the additions of 

Mo and Al, whereas the effects of Fe and Si approximately compensate each other. Therefore, 

the lattice parameter of the present alloys may be estimated as: 

 

 𝑎 = 0.3524 + 0.0478 ∙ x𝑀𝑜 + 0.0179 ∙ x𝐴𝑙  , (3.1)  

 

where xMo and xAl are the mole fractions of Mo and Al, respectively. Using the concentration 

values in Table 3.1, eq. (3.1) gives estimates of 0.3527 and 0.3550 nm for the lattice parameters 

of the LMo and HMo alloys, respectively, and these values agree with the measured lattice 

constants within experimental error. This agreement between the measured and the calculated 

lattice parameters indicates that all of the alloying elements are in solid solution. Thus, as the 

equilibrium solubility limit of Mo in Ni is only about 0.6 at.%, the HMo alloy is a supersaturated 

solid solution. 
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3.1.2 Characterization of the Microstructure for Cryorolled and HPT-Processed Ni 

Alloys by EBSD 

Fig. 3.1 shows EBSD images obtained from the cryorolled LMo (a and b) and HMo (c and d) 

alloys. The HAGBs are indicated by black lines in the images.  

For each alloy, two images are shown with low (Figs. 3.1 a and c) and high magnifications 

(Figs. 3.1 b and d) due to the complex nature of the microstructures. Indeed, the low 

magnification images in Figs. 3.1 a and c reveal that there are large grains with the dimensions 

of several tens of microns while in other regions the grain size is only a few microns. The high 

magnification images in Figs. 3.1 b and d show that there are grains which are even smaller 

than one micron in the LMo and HMo alloys, respectively. The average grain sizes for the 

cryorolled LMo and HMo samples were ~4.1 and ~3.8 μm, respectively. 

 
Fig. 3.1: EBSD images for the cryorolled LMo (a and b) and HMo (c and d) Ni alloys. The 

HAGBs are indicated by black lines. 
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The microstructure evolutions in the LMo-HPT and HMo-HPT alloys during HPT are 

illustrated by the EBSD images in Figs. 3.2 and 3.3 where these images correspond to the 

centers (on the left) and the peripheries (on the right) for the lowest and the highest numbers of 

HPT turns corresponding to (a,b) 1/2 and (c,d) 20 revolutions, respectively. For better visibility 

of the grains in the centers of the disks processed by ½ turn, the HAGBs are indicated by black 

lines.  

 

The grain size values determined for these two alloys in the disk center, half-radius and 

periphery positions for 1/2, 5 and 20 HPT turns are plotted in Fig. 3.4 (a) and (b) for the LMo-

HPT and HMo-HPT alloys, respectively. 

 
Fig. 3.2: EBSD images for the LMo-HPT alloy processed by HPT: center (a) and periphery 

(b) for 1/2 turn, and center (c) and periphery (d) for 20 revolutions. 
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For the LMo-HPT alloy, a significant grain refinement was observed in the center of the disk 

processed by ½ turn since the grain size decreased to ~1.9 μm, and at the periphery, the grain 

 
Fig. 3.4: EBSD images for the HMo-HPT alloy processed by HPT: center (a) and periphery 

(b) for 1/2 turn, and center (c) and periphery (d) for 20 revolutions. 

 
Fig. 3.3: The grain size in the center, half-radius and periphery for the LMo-HPT (a) and 

HMo-HPT (b) disks processed by different turns of HPT. The scales of the vertical axes in 

the two images are the same for an easier comparison of the different grain size values in 

the LMo-HPT and HMo-HPT alloys. 

LMo-HPT HMo-HPT 
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size was even smaller at ~205 nm due to the higher applied shear strain. For 20 turns, the 

microstructure became more homogeneous along the disk radius, and the grain sizes in the 

center and the periphery were ~225 and ~180 nm, respectively. For the HMo-HPT alloy, there 

were much smaller grain sizes in the center (~930 nm) and at the periphery (~135 nm) after ½ 

turn than for the LMo-HPT alloy because of the higher Mo content. With increasing numbers 

of turns to 20 for the HMo-HPT alloy, the grain sizes in the center and periphery were further 

refined to ~170 and ~125 nm, respectively. These values are considerably smaller than the grain 

sizes obtained for the LMo-HPT alloy, but for both compositions the grain size decreases with 

both increasing distance from the disk center and increasing numbers of turns. It is apparent 

from these measurements that the higher Mo content yielded ~30% smaller saturation grain 

size, and for this alloy the grain size at the periphery saturated after approximately ½ turn of 

HPT.  

The fraction of HAGBs was also determined from the EBSD images for the cryorolled and 

HPT-processed LMo-HPT and HMo-HPT specimens. Fig. 3.5 shows the HAGB fraction for 

the center, half-radius and periphery of the disks processed for ½, 5 and 20 turns. After 

cryorolling, the fractions of HAGBs were only ~11 and ~16% for LMo and HMo, respectively. 

HPT processing produced a significant increase in the HAGB fraction for both compositions. 

With increasing distance from the disk center and the number of turns, the fraction of HAGBs 

was further increased. A maximum HAGB fraction of about ~70% was achieved at the 

periphery even after ½ turn. For 20 turns of HPT, saturations were achieved in both alloys at 

the half-radius positions. Finally, it is important to note there are no significant differences 

between the saturation values of the HAGB fractions in the LMo-HPT and HMo-HPT alloys. 
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Fig. 3.5: HAGB fraction in the center, half-radius and periphery for the LMo-HPT (a) and 

HMo-HPT (b) disks processed by different turns of HPT. The HAGB fractions for the 

cryorolled alloys are also indicated by the horizontal lines. 

LMo-HPT HMo-HPT 
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3.1.3 Influence of Mo Content on Density and Arrangement of Dislocations 

The dislocation densities and the dislocation arrangement parameters for the cryorolled and 

HPT-processed LMo-HPT and HMo-HPT alloys were determined by XLPA. Fig. 3.6 illustrates 

the CMWP fitting for the HMo-HPT alloy in the center of the disk processed by 20 HPT turns. 

The open circles and the solid line correspond to the measured and fitted intensity profiles, 

respectively. In the cryorolled LMo and HMo alloys, the dislocation density values were ~15 × 

1014 m-2 and ~35 × 1014 m-2, respectively. The higher dislocation density in the alloy containing 

the larger Mo content is due to the stronger effect of the larger Mo solute atoms in impeding 

dislocation annihilation during cryorolling.  

 

Fig. 3.6: CMWP fitting of the X-ray diffraction pattern taken in the center of the HMo-HPT 

alloy disk processed by 20 turns of HPT. The open circles and the solid line represent the 

measured data and the fitted curve, respectively. The intensity is in a logarithmic scale. The 

inset shows a magnified part of the diffractogram in a linear intensity scale where the 

difference between the measured and the fitted patterns is also given at the bottom of the 

image. 

HMo-HPT 

20 turns 

disk center 
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Fig. 3.7 shows that HPT processing led to a further enhancement in the dislocation density. For 

the LMo-HPT alloy, an early saturation of the dislocation density was observed, and its value 

changes only slightly either along the disk radius or as a function of the number of HPT turns. 

The maximum dislocation density in the LMo-HPT alloy achieved by the subsequent 

application of cryorolling and HPT was ~27 × 1014 m-2. For the HMo-HPT alloy processed by 

½ turn, the dislocation density was significantly enhanced with increasing distance from the 

center and reached a value of ~59 × 1014 m-2 at the disk periphery. This value can be regarded 

as the saturation value of the dislocation density for the HMo-HPT alloy since after 5 and 20 

turns the dislocation density did not exceed this value, but it became more homogeneous along 

the disk radius. Thus, it is concluded that the higher Mo content yielded a larger dislocation 

density by a factor of two in the alloys processed by the subsequent application of cryorolling 

and HPT and this is attributed to the pinning effect of the solute Mo atoms on dislocations. The 

use of XLPA permits a determination of the dislocation arrangement parameter, M, and after 

cryorolling and HPT the values of M were in the ranges of ~2.3 ± 0.6 and ~5.0 ± 0.5 for the 

LMo-HPT and HMo-HPT alloys, respectively. The higher M value for HMo-HPT alloy is also 

explained by the pinning effect of the solute Mo atoms on the dislocations, which impedes their 

re-arrangement into low energy configurations.  
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In addition to the density and the arrangement parameter of dislocations, the crystallite size was 

also determined from an analysis of the X-ray diffraction peak profiles. The average crystallite 

sizes were ~40 and ~30 nm for the LMo-HPT and HMo-HPT alloys processed by the 

consecutive application of cryorolling and HPT, respectively. There were no major changes in 

the crystallite size with increasing distance from the center or with the number of turns. Both 

the values of the crystallite sizes determined by XLPA and their evolutions with increasing 

strain were different from the grain sizes obtained by EBSD. This difference is due to the 

hierarchical microstructure in SPD-processed metals where the grains are subdivided into 

subgrains and/or dislocation cells, which scatter X-rays incoherently [173]. Therefore, XLPA 

measures the size of the subgrains and cells as the crystallite size, also defined as the coherently-

scattered domain size, and this is smaller than the grain size in SPD-processed materials. The 

twin fault probability in both LMo-HPT and HMo-HPT alloys processed by SPD was under the 

detection limit of the present XLPA method (0.1%), indicating that twinning has no significant 

role in cryorolling and HPT processing of these alloys. 

 

 
Fig. 3.7: The dislocation density in the center, half-radius and periphery for the LMo-HPT 

(a) and HMo-HPT (b) disks processed by different turns of HPT. The scales of the vertical 

axes in the two images are the same for an easier comparison of the very different 

dislocation density values in the LMo-HPT and HMo-HPT alloys. The dislocation densities 

for the cryorolled alloys are also indicated by the horizontal lines. 

HMo-HPT  

LMo-HPT 
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3.2. Annealing of Low-Mo and High-Mo Samples Processed by HPT 

 

3.2.1 DSC Analysis of the HPT-Processed Low-Mo and High-Mo Samples 

The thermal stability of the UFG microstructures was studied only for the materials between 

the half-radius and the periphery of the disks processed by 20 turns of HPT since in this region 

the grain size and the defect structure get saturated. Fig. 3.8 shows DSC thermograms taken at 

a heating rate of 40 K/min for the LMo-HPT and HMo-HPT alloys processed by HPT for 20 

turns. The heat flow versus temperature curves were plotted after baseline subtraction. The 

baseline was determined from a second heating experiment. It is noted that for the LMo-HPT 

alloy the DSC trace displays an endothermic trend at about 627 K due to the Curie transition 

from a ferromagnetic to a paramagnetic state. This endothermic peak was also observed in the 

second DSC scan, therefore after the subtraction of the second heating scan from the first scan, 

the resultant data were free of the signal of the Curie transition. For the HMo-HPT alloy, the 

endothermic peak of the ferromagnetic to paramagnetic transition was not observed. This is in 

line with former studies (for example, Ref. [181]) which indicated that ~5 at.% Mo alloying led 

to a considerable reduction in the Curie temperature to 333 K, so that the paramagnetic 
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transition cannot be observed in the present experiments starting at 300 K due to the transient 

DSC signal at the beginning of the measurements. 

Fig. 3.8 shows that for the LMo-HPT sample, there was a single exothermic DSC peak with a 

long tail part at the left side of the peak. Between ~400 and ~600 K only a weak exothermic 

signal was detected. The majority of the peak appeared between ~600 and ~830 K. The 

exothermic peak has a shoulder at the left side, and its maximum was observed at a temperature 

of ~743 K.  

For the HMo-HPT specimen, between ~360 and ~630 K the exothermic signal was weak while 

in the temperature range of 630–1000 K two main exothermic DSC peaks were detected. The 

first peak was observed between ~630 and ~875 K while the second peak evolved between ~875 

K and ~1000 K. The peak maxima for these two peaks were found at ~786 K and ~946 K. Such 

exothermic peaks are usually related to the recovery and recrystallization of the SPD-processed 

 
Fig. 3.8: DSC thermograms obtained at a heating rate of 40 K/min for the LMo-HPT and 

HMo-HPT alloys processed by 20 HPT turns. 

LMo-HPT 

HMo-HPT 
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microstructures. Therefore, it may be concluded that the increase in Mo content resulted in a 

shift of the exothermic signal to higher temperatures, and thus the Mo alloying improved the 

stability of the UFG microstructures in Ni. In order to reveal the processes related to the 

exothermic peaks, the microstructure evolution was studied as a function of annealing 

temperature, and the results are presented in the next sections. 

 

3.2.2 Microstructure Evolution During Annealing 

The XRD patterns (an example is shown in Fig. 3.9) indicated that both HPT-processed alloys 

remained single phase fcc solid solutions during DSC annealing up to 1000 K.  

 

 
Fig. 3.9: CMWP fitting on the diffraction pattern taken on the HMo-HPT alloy processed 

by 20 turns of HPT and heated up to ~875 K. The open circles and the solid line represent 

the measured and the fitted patterns, respectively. The intensity is plotted in logarithmic 

scale. The inset shows reflections 311 and 222 with higher magnification and linear 

intensity scale. The difference between the measured and fitted diffractograms is shown at 

the bottom of the inset. 

HMo-HPT 
20 turns + 

annealing up to 875 K  



Chapter 3 Microstructure and thermal stability of SPD processed Ni-Mo alloys   
 

60 
 

Fig. 3.10 shows the evolution of the dislocation density as a function of the annealing 

temperature together with the DSC curves for both alloys. Before annealing, the dislocation 

density values were ~27 × 1014 m−2 and ~59 × 1014 m−2 in the LMo-HPT and HMo-HPT alloys, 

respectively. The more than two times larger dislocation density in the HMo-HPT material is 

attributed to the hindering effect of Mo solute atoms on the annihilation of dislocations during 

HPT processing. The heat treatment of the samples led to a gradual reduction in the dislocation 

density with increasing annealing temperature. For both samples, the dislocation density 

decreased by about 30–40% up to the onset of the large exothermic DSC peaks at 600–630 K. 

For the LMo-HPT sample, at the end of the exothermic DSC peak at ~830 K, the dislocation 

density fell below the detection limit of the present XLPA method (~1013 m−2), thereby 

suggesting the completion of recovery in the microstructure. For the HMo-HPT material, the 

dislocation density decreased to ~20 ×1014 m−2 after the first DSC peak at ~875 K, thereby 

 
Fig. 3.10: The average dislocation density obtained by XLPA as function of annealing 

temperature for the LMo-HPT and HMo-HPT alloys processed by 20 HPT turns. The 

corresponding DSC thermograms are also shown in the figure. 
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indicating a partial recovery of the microstructure. The value of the dislocation density reduced 

further with increasing annealing temperature and reached a value below ~1013 m−2 at the end 

of the second exothermic DSC peak at ~1000 K.  

It is shown in Fig. 3.11 that, in addition to the reduction of the dislocation density, the 

dislocation arrangement parameter decreased continuously with increasing annealing 

temperature. The reduction of the value of M indicates a higher shielding of the strain field of 

dislocations, which suggests their arrangement into low energy configurations such as LAGBs 

and/or dipolar dislocation walls. Therefore, in both alloys during the recovery of the UFG 

microstructures there are simultaneous annihilations and clustering of dislocations. 

 

 
Fig. 3.11: The dislocation arrangement parameter obtained by XLPA as function of 

annealing temperature for the HPT-processed LMo-HPT and HMo-HPT alloys. The 

corresponding DSC thermograms are also shown in the figure.  
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Fig. 3.12 shows inverse pole figure (IPF) maps obtained on the HPT processed LMo-HPT 

sample and the specimens annealed at two characteristic temperatures of the DSC thermogram 

(~680 and 830 K).  

 

The grain size values determined from the IPF maps are plotted for the LMo-HPT sample in 

Fig. 3.13 as a function of the annealing temperature. Immediately after HPT processing, the 

average size of the grains in the LMo-HPT specimen was ~180 nm. The grain size remained 

practically unchanged up to ~680 K where this corresponds to the beginning of the high 

exothermic signal in the DSC peak. Thereafter, the grain size quickly increased from ~180 to 

~874 nm. In addition, Fig. 3.12c reveals that most of the grains have straight grain boundaries. 

These observations suggest that the high exothermic signal observed at the end of the DSC peak 

is related to the recrystallization of the UFG microstructure in the LMo-HPT alloy. 

 
Fig. 3.12: IPF maps showing the grain structure for the LMo alloy after (a) HPT, (b) 

subsequent annealing at ~680 K and (c) ~830 K. The color code for the maps is shown in 

the inset in (a). The HAGBs are indicated by black lines. 
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The IPF maps in Fig. 3.14 show the HPT-processed microstructure in the HMo-HPT alloy and 

also after annealing up to the characteristic temperatures of the DSC thermogram (~630, 875 

and 1000 K). The grain sizes determined from the IPF maps are shown in Fig. 3.13 together 

with the corresponding DSC curve. Immediately after HPT, the grain size was ~130 nm and 

remained unchanged within experimental error up to ~730 K. This temperature corresponds to 

the end of the shoulder at the left side of the first large DSC peak. When the temperature 

increased up to the end of the first large exothermic peak at ~875 K, the grain size increased 

moderately from ~130 to ~225 nm. During the second exothermic peak between ~875 and 

~1000 K, there was a further increase in grain size to ~305 nm in the HMo-HPT alloy. After 

annealing up to ~1000 K many of the boundaries seem to be straight (for example, in Fig. 3.14d) 

 
Fig. 3.13: The average grain size determined by EBSD as function of annealing 

temperature for the LMo-HPT and HMo-HPT alloys. The corresponding DSC thermograms 

are also shown in the figure. 
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but nevertheless, a considerable fraction of boundaries is curved which suggests that complete 

recrystallization did not occur even at the end of the thermogram. 

 

The fraction of LAGBs was also determined from the EBSD data for the HPT-processed and 

the annealed LMo-HPT and HMo-HPT specimens and plotted as a function of temperature in 

Fig. 3.15. After HPT, the LAGB fraction was ~24% for both alloys. First, the LAGB fraction 

increased with increasing temperature to about 40%, which can be attributed to the arrangement 

of dislocations into LAGBs within the grains in the first stage of recovery of the HPT-processed 

microstructures. This trend was observed up to temperatures of ~650 and ~875 K for the LMo-

HPT and HMo-HPT samples, respectively. Thereafter, the fraction of LAGBs decreased to 

 
Fig. 3.14: IPF maps showing the grain structure for the HMo alloy after (a) HPT, (b) 

subsequent annealing at ~630 K, (c) ~875 K and (d) ~1000 K. The color code for the maps 

is shown in the inset in Fig. 3.12 a. The HAGBs are indicated by black lines. 



Chapter 3 Microstructure and thermal stability of SPD processed Ni-Mo alloys   
 

65 
 

~10% for both samples since the dislocations arranged into LAGBs were annihilated during 

recrystallization. 

 

3.2.3 Thermal Stability  

This study revealed that both LMo-HPT and HMo-HPT alloys remain a single phase fcc Ni-

Mo solid solution during annealing up to 1000 K. For the LMo-HPT alloy, this observation is 

in accordance with the equilibrium phase diagram [182]. At the same time, for the HMo-HPT 

alloy, the phase diagram suggests that a two-phase microstructure with fcc Ni(Mo) solid 

solution and tetragonal Ni8Mo intermetallic compound is stable between ~300 and ~500 K. In 

the temperature range of 500–700 K, the phase diagram predicts a microstructure with fcc 

Ni(Mo) solid solution and tetragonal Ni4Mo intermetallic compound. Above ~700 K, the single-

phase fcc Ni(Mo) solid solution is stable. The lack of transformation from fcc solid solution to 

 
Fig. 3.15: The LAGB fraction determined by EBSD as function of annealing temperature 

for the LMo-HPT and HMo-HPT alloys. The corresponding DSC thermograms are also 

shown in the figure. 
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a two-phase system below ~700 K can be explained by the short term of the present DSC 

annealing process. In addition, a large amount of Mo may be segregated at the grain boundaries, 

and this may stabilize the microstructure against recrystallization or phase transformation as 

revealed by former studies [183–185]. The segregation of alloying elements at grain boundaries 

may lower the grain boundary energy thereby reducing the thermodynamic driving force for 

recrystallization. 

In addition, the decrease of the grain boundary energy due to segregation hinders the nucleation 

of the intermetallic compound as the higher alloying element content in the precipitates must 

be supplied by the solute atoms at the grain boundaries. In accordance with the present study, a 

recent investigation also showed the absence of precipitation in nanocrystalline Ni-Mo alloys 

with different Mo contents up to 21.5 at. % annealed at various temperatures up to 1173 K for 

1 h [171]. 

The higher Mo content in the Ni alloy yielded a smaller grain size and a higher dislocation 

density after HPT processing. This is explained by the retarding effect of solute Mo atoms on 

the dynamic annihilation of dislocations and the recrystallization during SPD straining. At the 

same time, the higher dislocation density in the HMo-HPT alloy led to a larger driving force 

for recovery and recrystallization. The former kinetic and the latter thermodynamic effects 

hinder and promote the annihilation of dislocations, respectively. It seems that the increase of 

the Mo content from 0.28% to 5.04% has a similar influence on these two effects at the 

beginning of DSC annealing as the recovery started at about 400 K for both alloys as revealed 

by the DSC thermograms in Fig. 3.8. In addition, between ~400 and ~600 K, the relative change 

of the dislocation density due to recovery was practically the same (about 30–40%) for both 

alloys. At the same time, the recrystallization occurred at a much higher temperature, and the 

exothermic DSC signal finished later for the HMo-HPT sample than for the LMo-HPT alloy 

(see Fig. 3.8). The grain growth during the DSC scan was also less pronounced in the HMo-
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HPT material. Thus, it can be concluded that, although the recovery started at similar 

temperatures for both alloys, the recrystallization occurred at a higher temperature for the HMo-

HPT alloy so that the higher Mo content yielded a considerable increase in the thermal stability 

of the UFG microstructure. 

The grain-growth in both alloys was preceded by a reduction in the dislocation density to about 

one-half of the value measured after HPT and the arrangement of the remaining dislocations 

into LAGBs as revealed by the decrease of the dislocation arrangement parameter (M) and the 

increase of the LAGB fraction (see Figs. 3.11 and 3.15). When grain growth began, the fraction 

of LAGBs started to decrease with a concomitant reduction of the dislocation density to 

practically a zero value. These observations suggest that, in addition to recovery processes, 

recrystallization also occurred in the temperature ranges of 680–830 K and 875–1000 K for the 

LMo- and HMo-HPT alloys, respectively. The higher thermal stability of the HMo-HPT 

material against recrystallization can be explained by the segregation of Mo solute atoms in the 

grain boundaries which yields both kinetic and thermodynamic retardation of the grain growth, 

as discussed in the previous paragraphs. In the LMo-HPT alloy annealed up to the end of the 

exothermic peak at ~830 K, the majority of HAGBs are straight, which suggests complete 

recrystallization. At the same time, for the HMo-HPT alloy the grain size is much smaller, and 

many curved grain boundaries were detected in the EBSD images, suggesting that only partial 

recrystallization occurred in this material. Thus, at the heating rate of 40 K/min full 

recrystallization can be achieved only at temperatures higher than 1000 K which is above the 

upper temperature limit of the present DSC facility. 
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The changes in the microstructures of the HPT-processed LMo- and HMo-HPT alloys during 

annealing are also reflected in the KAM maps shown in Figs. 3.16 and 3.17, respectively.  

These maps were made on the same areas as those shown in the IPF images of Figs. 3.12 and 

3.14 with the HAGBs indicated by black lines. For all HPT-processed or annealed samples, 

more than 95% of the pixels inside the grains have local misorientations smaller than 5°. 

Therefore, the KAM maps were prepared for the misorientation angle range between 0 and 5°. 

The color codes for the different misorientation angles are shown in the inset of Fig. 3.16a. The 

pixels with local misorientations larger than 5° received the same red color as the pixels with 

the misorientation of 5°. The KAM maps are indicative of local strains in the studied 

microstructures. Fig. 3.16a reveals an inhomogeneous spatial distribution of distortion inside 

the grains for the LMo-HPT alloy processed by HPT. It is noted that, although in some regions 

low KAM values were observed as indicated by blue color, they may contain high dislocation 

densities as the statistically stored dislocations are not arranged into LAGBs, and therefore they 

do not cause local misorientations in the KAM maps. Indeed, XLPA indicated a high dislocation 

density (~27× 1014 m−2) in the LMo-HPT alloy. Until the grain size remained practically 

unchanged (up to ~680 K), large local misorientation angle values were detected in the KAM 

maps (see Fig. 3.16b). At the same time, between ~680 K and ~830 K the large exothermic 

signal and the extensive grain growth were accompanied by a strong reduction of the KAM 

 
Fig. 3.16: KAM images showing the local misorientations between 0 and 5° for the LMo 

alloy after (a) HPT, (b) subsequent annealing at ~680 K and (c) ~830 K. The color code for 

the maps is shown in the inset in (a).The HAGBs are indicated by black lines. 
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values inside the grains. Considerable local misorientations may be observed only in the vicinity 

of some grain boundaries. These HAGBs are assumed to be incoherent or semi-coherent 

boundaries with significant lattice distortions. However, the majority of HAGBs are straight 

without considerable KAM values in the neighboring areas. These boundaries are assumed to 

be coherent HAGBs formed during recrystallization. 

Fig. 3.17a reveals significant misorientations within the grains for the HPT-processed HMo-

HPT alloy. High KAM values were also observed in the samples annealed up to the beginning 

(~630 K) and the end (~875 K) of the first large exothermic DSC peak, as shown in Figs. 3.17b 

and c, respectively.  

 
Fig. 3.17: KAM images showing the local misorientations between 0 and 5° for the HMo 

alloy after (a) HPT, (b) subsequent annealing at ~630 K, (c) ~875 K and (d) ~1000 K. The 

color code for the maps is shown in the inset in Fig. 3.16a. The HAGBs are indicated by 

black lines. 
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This observation suggests that considerable recrystallization does not occur in the HMo-HPT 

alloy between ~630 and ~875 K even if the average grain size increased from ~130 nm to ~225 

nm. Therefore, the first large exothermic peak is related mainly to the recovery of the 

microstructure, which is accompanied by moderate grain growth. During the second large DSC 

peak the misorientations inside the grains were strongly reduced, and considerable KAM values 

are only observed in the vicinity of HAGBs. In addition, there are many grain boundaries which 

are straight and free of significant KAM values. It is assumed that these HAGBs are formed by 

recrystallization. The fraction of the distortion-free grain boundaries among HAGBs is lower 

for the HMo-HPT alloy than for the LMo-HPT sample (compare Figs. 3.16c and 3.17d) which 

suggests that recrystallization in the HMo-HPT material was not complete up to 1000 K. This 

observation is supported by the moderate grain growth to ~305 nm. Therefore, it is concluded 

that the increase of Mo content in Ni has a stronger retardation effect on the recrystallization 

than on the recovery. The latter process started at about 400 K for both alloys while the onset 

temperature of recrystallization was shifted from ~680 to ~875 K when the Mo concentration 

increased from ~0.28 to ~5.04 at.%. This difference is explained by the segregation of Mo atoms 

at HAGBs which hinders grain growth during recrystallization. The more pronounced 

separation of recovery and recrystallization for the HMo-HPT alloy led to two large DSC peaks 

between ~630 and ~1000 K (see Fig. 3.8). It should be noted that the separation of the recovery 

and recrystallization (or grain-growth) processes into two DSC peaks was also observed for 

severely deformed Al-based solid solutions either in powder or bulk form [110,111]. In 

addition, two exothermic peaks were detected for UFG Cu consolidated from a coarse-grained 

powder using the HPT technique [186]. In this case, contamination on the powder surface may 

be segregated at the grain boundaries in the sintered UFG sample which hinders grain boundary 

motion during recrystallization and grain growth. 
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3.3. Mechanical Properties 

 

3.3.1  Effect of Mo Content on the Hardness of the SPD-Processed Ni Alloys 

The measured hardness values of the cryorolled LMo and HMo alloys were ~2650 and ~3730 

MPa, respectively. Fig. 3.18 shows the hardness for the center, half-radius and periphery 

positions of the HPT-processed disks with low and high Mo contents. It is apparent that the 

hardness increases with both distance from the disk center and the number of turns of HPT. 

After 5 turns the hardness saturated for both alloy compositions and became homogeneous 

along the disk radii. The saturation values of hardness for the LMo-HPT and HMo-HPT alloys 

were ~3200 and ~4300 MPa, respectively. This higher hardness for the larger Mo concentration 

is attributed to the higher dislocation density as discussed in more detail in the following section. 

 

 

3.3.2 Correlation Between the Yield Strength and the Dislocation Density 

In the present study, cryorolling at LNT and HPT at RT were applied consecutively in order to 

refine the microstructure of two Ni alloys containing ~0.3 and ~5% Mo. The dislocation density 

after cryorolling was about one-half of the saturation value achieved by additional HPT, as 

 
Fig. 3.18: The hardness in the center, half-radius and periphery for the LMo-HPT (a) and 

HMo-HPT (b) disks processed by different turns of HPT. The scales of the vertical axes in 

the two images are the same for an easier comparison of the very different hardness values 

in the LMo-HPT and HMo-HPT alloys. The hardness values for the cryorolled LMo and 

HMo alloys are also indicated by the horizontal lines. 

LMo-HPT HMo-HPT 
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shown in Fig. 3.7. At the same time, the grain sizes of the cryorolled samples were at least one 

order of magnitude larger than the values determined after HPT. These observations 

demonstrate that for both compositions the increase of the dislocation density was faster than 

the refinement of the grain structure. Accordingly, the cryorolled samples had high dislocation 

density (15-35 × 1014 m-2) while the grain size remained relatively large (~4 μm). Despite this 

large grain size, the cryorolled alloys exhibited high hardness (~2650 and ~3730 MPa for LMo 

and HMo samples, respectively) due to the high dislocation density.  

The rate of microstructure evolution during HPT is similar for both the 0.3 and 5% Mo alloys. 

At the half-radius and the periphery of the disk, the grain size, the HAGB fraction and the 

dislocation density achieve saturation values even after only ½ turn. In addition, in the disk 

center, the grain size and the HAGB fraction saturate only after 20 turns due to the much lower 

shear strain per turn. The dislocation density in the disk center reached a maximum value earlier 

after only 5 turns. 

The results show that the Mo concentration has a significant effect on the saturation values of 

the microstructural parameters. For 5% Mo, the grain size is about 30% smaller, and the 

dislocation density is two times larger than for the 0.3% Mo alloy. This is due to the pinning 

effect of Mo on dislocations and grain boundaries which in practice hinders the occurrence of 

dynamic microstructural recovery during SPD. In addition, this effect also hinders the 

arrangement of dislocations into low energy configurations, such as dipoles, within the refined 

grains. As a consequence of this effect, the dislocation arrangement parameter, M, is much 

higher for the alloy containing the larger amount of Mo. At the same time, there was no major 

difference between the saturation values of the HAGB fractions for the LMo-HPT and HMo-

HPT samples, as their values were between 70 and 75%. This is similar to the HAGB fractions 

reported for Ni processed by HPT or a combination of ECAP and HPT [112]. Therefore, it 

appears that the higher Mo content has no significant effect on the saturation values of the 
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HAGB and LAGB fractions. It should be noted, however, that EBSD investigations take into 

account only those LAGBs which have misorientations between 2 and 15° and thus the LAGB 

fractions for misorientations lower than 2° may be different in these two alloys in accordance 

with the different values for the dislocation arrangement parameter M.  

HPT processing of the cryorolled alloys led to significant hardening. The maximum hardness 

values achieved by a combination of cryorolling and HPT were ~3200 and ~4300 MPa for 

LMo-HPT and HMo-HPT alloys, respectively. In order to study the strengthening mechanisms 

in the HPT-processed Ni alloys, the yield strength, σY, was estimated as one-third of the 

hardness and compared with the stress, σTaylor, calculated from the dislocation density, ρ, using 

the Taylor equation:  

 𝜎𝑇𝑎𝑦𝑙𝑜𝑟 =  𝜎0 + 𝛼𝑀𝑇𝐺𝑏𝜌
1

2⁄  (3.2)  

 

where σo is threshold stress, α is a constant describing the dislocation strengthening, G is the 

shear modulus (~82 GPa for Ni), b is the magnitude of the Burgers vector (~0.25 nm for Ni) 

and MT is the Taylor factor. The alloys used in this investigation did not exhibit a strong texture 

and therefore MT was taken as 3.06. The values of σo for the LMo-HPT and HMo-HPT alloys 

were determined by uniaxial compression of samples annealed in a vacuum furnace at 800°C 

for 24 h and then quenched in oil to RT in order to retain the supersaturated solid solution state. 

The threshold stress values were obtained as ~40 and ~180 MPa for the LMo-HPT and HMo-

HPT alloys, respectively. 

In eq. (3.2), σo includes the solid solution strengthening caused by the alloying elements in the 

Ni alloys and therefore the value of σo is much higher for the HMo-HPT alloy than for the LMo-

HPT material. In previous studies, eq. (3.2) was successfully applied for a calculation of the 

yield strength from the dislocation density for many SPD-processed metals and alloys without 

an additive Hall-Petch term [187]. In the present investigation, the dislocation density was 
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determined by XLPA, which measures both the statistically stored and the grain boundary 

dislocations. In SPD-processed microstructures, many dislocations are accumulated at the 

HAGBs through pile ups, and therefore gliding dislocations interact with these dislocations 

rather than directly with the grain boundaries. As a consequence, HAGB hardening is 

practically included in eq. (3.2) and α may be regarded as an effective dislocation strengthening 

parameter. 

For the present Ni alloys, the values of the parameter α in eq. (3.2) are not known initially, since 

they are strongly influenced by the arrangements of the dislocations. Usually, the value of α 

varies between 0.1 and 0.4 [188], and a less clustered dislocation structure is associated with a 

lower value of α [189]. Therefore, the parameter α in plastically deformed metals may depend 

on the types and concentrations of alloying elements, the SFE and the applied strain. For 

example, it was shown that a lower SFE yields a smaller α since the clustering of highly 

dissociated dislocations is retarded by their difficult cross slip and climb [188]. For the present 

LMo-HPT and HMo-HPT alloys processed by cryorolling and HPT, the value of α was 

determined by minimizing the difference between the yield strength determined experimentally 

as one-third of the hardness (σY) and the strength values (σTaylor) calculated from Eq. (3.2). The 

significant difference between the dislocation arrangement parameters for the two alloys, as 

discussed in section 3.1.3, suggests that the value of α may also differ for the LMo-HPT and 

HMo-HPT materials. Thus, when the difference between the calculated and measured strength 

values is minimized by a least squares method, the values of α for the LMo-HPT and HMo-

HPT alloys were refined independently. This fitting procedure yielded 0.32 ± 0.03 and 0.26 ± 

0.02 for parameter α for the LMo-HPT and HMo-HPT alloys, respectively, where these values 

are similar to α obtained previously for Ni processed by 6 passes of ECAP at RT (~0.26) [37]. 

The slightly lower value of α for the HMo-HPT alloy is attributed to the less clustered 
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dislocation structure after HPT in accordance with the higher dislocation arrangement 

parameter. 

 

Fig. 3.19 plots the experimentally determined yield strength against the strength calculated from 

eq. (3.2) for the cryorolled and the HPT-processed Ni alloys using the refined values of α of 

0.32 and 0.26 for the LMo-HPT and HMo-HPT alloys, respectively. Inspection of Fig. 3.19 

shows that the measured and the calculated strength values agree within the experimental error. 

It is noted that the parameter α may vary both with increasing distance from the center of the 

HPT disk and with the number of turns. Therefore, the values of α were also calculated from 

eq. (3.2) for each position in the HPT disks using the condition σY = σTaylor. No significant 

dependence was observed for α in terms of the distance from the disk center or the numbers of 

 
Fig. 3.19: The experimentally determined yield strength (σY) versus the strength calculated 

from the Taylor equation (σTaylor) for the cryorolled Low-Mo and High-Mo alloys, and the 

HPT processed disks at the center, half-radius and periphery for ½, 5 and 20 turns. The 

Taylor strength was calculated using 0.32 and 0.26 as α for the Low-Mo and High-Mo 

alloys, respectively. 
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turns. This demonstrates that the use of a single α value for every strength value obtained for 

the same Mo content is a good approximation in determining α.  

 

3.3.3 Annealing-induced Hardening in Ultrafine-grained Ni-Mo Alloys 

The tensile performance of the samples processed by 20 turns of HPT and the specimens 

processed through 20 turns of HPT and then annealed to the beginning and the end of the large 

exothermic DSC signal was studied on miniature samples. The preparation details of these 

specimens are given in section 2.2.6.2. The engineering stress-strain curves for the LMo-HPT 

and HMo-HPT alloys are shown in Fig. 3.20a and b, respectively.  

 

The yield strength, the ultimate tensile strength, the uniform elongation, and the elongation to 

failure were determined from the tensile curves and plotted for the LMo-HPT and HMo-HPT 

alloys in Fig. 3.21a and b, respectively. These values were obtained as the average of the values 

measured for the two samples fabricated from one disk. The errors in the datum points were 

calculated as the difference between the average and the individual values obtained for the two 

tensile specimens. For some points, the error is smaller than the symbol size, therefore, in this 

case, the uncertainty of the value is represented by the dimension of the symbol. The yield and 

ultimate tensile strength values for the HPT-processed LMo-HPT sample were ~970 and ~1140 

 
Fig. 3.20: Engineering stress-strain curves obtained by tension for the HPT-processed and 

annealed states of (a) the LMo-HPT and (b) HMo-HPT alloys. 

LMo-HPT HMo-HPT 
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MPa, respectively (see Fig. 3.21a). The higher Mo concentration increased both the yield and 

ultimate tensile strength to ~1370 and ~1570 MPa, respectively, which can be explained by the 

higher solute content, the smaller grain size and the higher dislocation density (see Fig. 3.22). 

 

Annealing of the LMo-HPT alloy to ~600 K increased the yield strength and the ultimate tensile 

strength by 19 and 13%, respectively (see Fig. 3.21a). This heat-treatment yielded no change in 

the ductility as the uniform elongation, and the elongation to failure remained ~3 and ~40%, 

respectively. It should be noted that the present experiments were carried out on miniature 

tensile specimens for which both the ratio of gauge length to width and the sample thickness 

are smaller than for a standard tensile specimen. A former study showed that the measured 

elongation to failure usually increases with decreasing ratio of gauge length to width and 

increasing specimen thickness [83]. Therefore, the two effects nearly compensate each other by 

comparing the data obtained on these miniature specimens with a standard sample having 

dimensions of 5 × 1 × 1 mm3. In addition, the present study focuses on the increase of strength 

due to annealing and not on the change of ductility. 

For an explanation of the annealing-induced hardening in the LMo-HPT sample, the 

microstructures in the HPT-processed and annealed specimens are compared (see Fig. 3.22a). 

During annealing to ~600 K, the dislocation density decreased from ~27 ± 3 × 1014 m-2 to ~17 

 
Fig. 3.21: The yield strength, the ultimate tensile strength, the uniform elongation and the 

elongation to failure determined for the HPT-processed and annealed states of (a) the LMo-

HPT and (b) HMo-HPT alloys. 

LMo-HPT HMo-HPT 
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± 2 × 1014 m-2 while the grain size remained unchanged (~180 nm) which suggests that only 

recovery occurred. During this recovery, the dislocation arrangement parameter decreased 

significantly, indicating a more clustered dislocation configuration after annealing. The more 

clustered dislocation arrangement within the grains has a higher strengthening effect 

(manifested in a higher value of α in the Taylor equation), resulting in a hardening, despite the 

decrease of the dislocation density [189]. The arrangement of dislocations into low energy 

configurations (e.g., into subgrain boundaries) is also confirmed by the increase of the LAGB 

fraction determined by EBSD (see Fig. 3.22a). The higher strengthening effect of this more 

clustered dislocation arrangement may cause the hardening observed after annealing to ~600 K, 

despite the significant reduction in the dislocation density. In addition to this effect, the 

annihilation of mobile dislocations may also contribute to the hardening observed after 

annealing since the reduced mobile dislocation density makes plastic deformation more difficult 

as discussed elsewhere  [168]. Moreover, former molecular dynamic simulations showed that 

the relaxation of non-equilibrium grain boundaries during annealing can lead to a hindered 

emission of dislocations from grain boundaries, which also induces hardening [166]. 

 

For the HMo-HPT alloy, annealing to ~630 K resulted in a much lower hardening than for the 

LMo-HPT alloy (see Fig. 3.21). During this heat treatment, the dislocation density and the 

 
Fig. 3.20: The grain size, the dislocation density, the dislocation arrangement parameter 

and the LAGB fraction determined for the HPT-processed and annealed states of (a) the 

LMo-HPT and (b) HMo-HPT alloys. 

LMo-HPT HMo-

HPT 
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dislocation arrangement parameter decreased while the grain size remained unchanged (~130 

nm), similar to the behavior of the LMo-HPT alloy. In addition, the fraction of LAGBs in the 

HMo-HPT alloy also increased during annealing to ~630 K. The lower annealing-induced 

hardening in the HMo-HPT sample can be explained by the hindering effect of the higher Mo 

content on the annihilation of mobile dislocations and the clustering of the remaining 

dislocations. The change of ductility in this specimen was also marginal and similar to the LMo-

HPT alloy.  

An annealing-induced strengthening has already been observed for other UFG or 

nanocrystalline materials [166,167,169–171]. It was shown for electrodeposited nanocrystalline 

Ni films that the segregation of impurities and alloying elements to the grain boundaries during 

annealing may lead to a more difficult occurrence of grain boundary mediated deformation 

mechanisms, such as grain boundary sliding and grain rotation, resulting in hardening 

[167,169]. As a consequence, the larger alloying element concentration in Ni will yield a higher 

annealing-induced strengthening effect as was demonstrated for electrodeposited Ni-Mo alloys 

with grain sizes between ~3 and ~25 nm [171]. With increasing Mo content from 0.8 to 21.5 

at.%, the grain size decreased from ~25 to ~3 nm, and the hardness increment induced by 

annealing increased from ~20 to ~125%. At the same time, for the present HPT-processed Ni-

Mo alloys the annealing-induced strengthening decreased with increasing Mo content: the 

increase of the yield strength in the LMo-HPT and the HMo-HPT alloys are ~19% and ~2.4% 

during annealing to 600 and 630 K, respectively (see Fig. 3.21). The opposite trend can be 

explained by the much larger grain size for the HPT-processed Ni-Mo alloys (~130-180 nm), 

resulting in a less significant role of grain boundary sliding in plasticity. Rather, for the UFG 

Ni-Mo alloys the change of the dislocation strengthening during the heat-treatments plays a 

crucial role in the annealing-induced hardening effect. In the HMo-HPT alloy, the higher solute 

Mo content hinders the annihilation of mobile dislocations and the arrangement of the 
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remaining dislocations into low energy configurations during the heat-treatment to ~630 K. 

Therefore, the annealing-induced hardening is less pronounced for the HMo-HPT with smaller 

grain size than for the LMo-HPT alloy. 

For the LMo-HPT sample, between 600 and 830 K, the strength values decreased due to the 

increase of the grain size to ~870 nm and the reduction of the dislocation density below ~1013 

m-2. In addition, the ductility was significantly improved. The strength reduction and the 

ductility increase for the HMo-HPT alloy annealed to the end of the exothermic signal (~1000 

K) were lower than for the LMo-HPT sample, despite the larger temperature for the former 

alloy. This is due to the much better stability of the HMo-HPT alloy (the gran size increased 

only to ~300 nm at ~1000 K). It is noted that both alloys remained solid solutions during 

annealing as proven by X-ray diffraction experiments, therefore there was no influence from 

precipitation on the mechanical properties.  
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Chapter 4: The Nanostructure and its Thermal Stability in Electrodeposited Ni-Mo 

Alloys  

 

This chapter deals with the thin films of Ni alloys with low and high Mo concentrations, which 

were processed by electrodeposition with and without saccharin addition. The evolution of 

microstructure, including grain size and dislocation density, with increasing Mo and saccharin 

contents is discussed. Moreover, to understand the annealing-induced changes in the 

microstructure, these layers were annealed to different temperatures up to 1000 K. The 

evolution of microstructure, defect structure, thermal stability, and hardness during annealing 

of electrodeposited Ni-Mo films is shown. The stored energy in nanocrystalline Ni-Mo thin 

films processed by electrodeposition was determined experimentally by DSC and compared 

with the values calculated from the parameters of the microstructure. 

 

4.1. Microstructure and defect densities in the as-deposited layers 

 

The Mo contents in the layers with low and high Mo contents were 0.4 and 5.3 at.%, 

respectively. These values were intentionally selected as the present electrodeposited films will 

be compared with bulk UFG Ni-Mo alloys having similar compositions but processed by HPT 

[190]. Hereafter, the materials with low and high Mo concentrations are designated as LMo-ED 

and HMo, respectively. In addition to the effect of Mo concentration, the influence of the 

saccharin on the microstructure, and its thermal stability of samples LMo-ED and HMo-ED 

was also investigated. Therefore, additional samples were processed by adding 1 g/l saccharin 

to the bath. These samples are denoted as LMo-sac-ED and HMo-sac-ED. In these specimens, 

EDS revealed the same Mo contents as for the saccharin-free layers, but in addition sulfur was 

also detected with the concentration of 0.2 at.%. 
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For all compositions, the deposits were free of cracks even at the relatively large deposit 

thickness needed for the study of high-temperature structural relaxation. As an example, the 

SEM images in Fig. 4.1 show the crack-free surfaces of samples LMo-sac-ED and HMo-sac-

ED.  

 

The microstructure of the initial layers is illustrated in Fig. 4.2, which shows dark-field TEM 

images for the as-processed LMo-ED, HMo-ED, LMo-sac-ED and HMo-sac-ED samples. The 

grain size values obtained from the TEM images are listed in Table 4.1.1. It can be seen that the 

increase of the Mo content from ~0.4 to ~5.3 at.% in the Ni layer is accompanied by one order 

of magnitude reduction in the grain size from ~240 nm to ~26 nm. Similar decrease in the grain 

size was observed when saccharin was added to sample LMo-ED. At the same time, addition 

of saccharin to HMo-ED did not yield a considerable change of the grain size determined by 

TEM. 

 
Fig. 4.1: SEM images showing the crack-free surfaces of samples (a) LMo-sac-ED and (b) 

HMo-sac-ED. 

 

 

 

 

 

 

 

LMo-sac-ED 

 

HMo-sac-ED 
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Fig. 4.2: Dark-field TEM images for (a) LMo-ED, (b) HMo-EDo, (c) LMo-sac-ED and (d) 

HMo-sac-ED samples. 

Table 4.1: The diffraction domain size (<x>area), the dislocation density (ρ) and the twin-

fault probability (β) determined by XLPA as well as the grain size (dTEM) obtained from 

TEM for the as-processed layers. 

Sample dTEM [nm] <x>area [nm] 
ρ  

[1014 m-2]  

β  

[%] 

LMo-ED 240 40 ± 4 23 ± 3 < 0.1 

HMo-ED 26 47 ± 5 114 ± 12 3.9 ± 0.4 

LMo-sac-ED 31 20 ± 5 105 ± 11 1.8 ± 0.2 

HMo-sac-ED 21 30 ± 5 283 ± 30 5.8 ± 0.6 

 

LMo-ED HMo-ED 

 

LMo-sac-ED 

 

HMo-sac-ED 

 



Chapter 4 Nanostructure and thermal stability of Electrodeposited Ni-Mo alloys   
 

84 
 

The average diffraction domain size, the dislocation density, and the twin fault probability were 

determined by XLPA. As an example, Fig. 4.3 illustrates the CMWP fitting on the diffraction 

pattern measured for sample HMo-ED. The microstructural parameters obtained by XLPA for 

the as-processed LMo-ED, HMo-ED, LMo-sac-ED and HMo-sac-ED samples are listed in 

Table 4.1.1. The diffraction domain size for specimen LMo-ED is much smaller (~40 nm) than 

the grain size determined by TEM (~240 nm). This difference suggests a subgrain structure in 

the layer LMo-ED. In the determination of the grain size from TEM, we used dark-field images 

which guarantee that the volumes bounded by high-angle grain boundaries were considered as 

grains. At the same time, XLPA is very sensitive to small misorientations, therefore the 

diffraction domain size for materials with high defect (e.g., dislocations) densities corresponds 

to the subgrain or dislocation cell size [173]. For the other three samples, the grain and 

diffraction domain sizes differ from each other by a factor of less than two. Moreover, for 

specimens HMo-ED and HMo-sac-ED the diffraction domain size is larger than the grain size. 

These relatively small differences can be attributed to the different sampling statistics of XLPA 

and TEM methods. As the volume studied by XLPA was about seven orders of magnitude larger 

than that investigated by TEM, the statistics of XLPA results are much better, and the small 

deviations from the TEM results are not surprising. 
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The dislocation density in the sample LMo-ED was ~23 × 1014 m-2 as obtained by XLPA (see 

Table 4.1.1). The addition of both Mo and saccharin increased the dislocation density 

significantly to about 110 × 1014 m-2. The high Mo content together with saccharin addition 

resulted in the highest dislocation density with the value of ~283 × 1014 m-2. In sample LMo-

ED, the twin fault probability was under the detection limit of XLPA. At the same time, the 

increase of the Mo concentration and the addition of saccharin yielded a significant twin fault 

probability in the Ni layer with the values between ~1.8 and ~3.9%. When both high Mo 

compound and saccharin were added to the bath during the Ni film deposition (sample HMo-

sac-ED), the twin fault probability reached its highest value of 5.8%. The high twin fault density 

is confirmed by the TEM image in Fig. 4.4 where the twin boundaries are indicated by white 

arrows. Thus, it can be concluded that the defect density increased when either Mo or saccharin 

was added to the Ni layer, and the highest defect density was achieved by the combination of 

the two additives. 

 
 

Fig. 4.3: CMWP fitting of the X-ray diffraction pattern taken for sample HMo-ED. The open 

circles and the solid line represent the measured data and the fitted curve, respectively. The 

intensity is in logarithmic scale. The inset shows a magnified part of the diffractogram in 

linear intensity scale where the difference between the measured and the fitted patterns is 

also given at the bottom of the figure. 

HMo-ED 
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4.2. DSC annealing of the electrodeposited films 

 

All the four studied samples were subjected to DSC scan up to the temperature of 1000 K. For 

specimens LMo-ED and HMo-ED, neither exothermic nor endothermic signal was detected 

between 300 and 1000 K. At the same time, an exothermic peak was observed for the samples 

with saccharin addition. Fig. 4.5 shows the DSC thermograms after baseline subtraction for 

samples LMo-sac-ED and HMo-sac-ED. For specimen LMo-sac-ED, the exothermic peak was 

developed between 650 and 720 K with the heat released of 5.6 J/g. For sample HMo-sac-ED, 

the exothermic peak was detected between 735 and 813 K and the released heat was 14.3 J/g. 

Thus, it can be concluded that the temperature range of the exothermic peak was shifted to 

higher values while the released heat increased with increasing Mo concentration in the sulfur-

containing specimens. The exothermic DSC peaks for nanocrystalline materials are usually 

related to the recovery and recrystallization of the microstructure. The lack of detectable 

exothermic signal for samples LMo-ED and HMo-ED does not mean the absence of recovery 

 
Fig. 4.4: Bright-field TEM image showing twin faults in sample HMo-sac-ED. 
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and recrystallization, but it may be due to the very broad temperature range of the heat released 

during these processes.  

 

4.2.1 Microstructure evolution during annealing 

For the study of the effects of Mo and saccharin on the thermal stability of the electrodeposited 

Ni layers, samples were heated up to the characteristic temperatures of the DSC thermograms,  

i.e., to the beginning and the end of the exothermic peaks, and then quenched to RT. For 

specimens LMo-ED and HMo-ED, DSC peaks were not observed, therefore they were annealed 

to the same temperatures as for the counterparts containing sulfur. This means that samples 

LMo-ED and LMo-sac were heated up to 650 and 720 K while layers HMo-ED and HMo-sac-

ED were annealed to 735 and 813 K. It will be shown that samples LMo-ED and HMo-ED 

exhibit a better stability than the layers processed with saccharin, therefore the saccharin-free 

 
Fig. 4.5: DSC thermograms after baseline subtraction for samples LMo-sac-ED and HMo-

sac-ED measured at a heating rate of 40 K/min. 
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specimens were also heated up to the maximum temperature of the DSC thermograms (1000 

K). The annealing temperatures for the four layers are summarized in Fig. 4.6. 

 

 

The evolution of the dislocation density, the twin fault probability and the diffraction domain 

size determined by XLPA as a function of the annealing temperature is shown in Fig. 4.7. For 

both samples LMo-sac-ED and HMo-sac-ED, the dislocation density and the twin fault 

probability decreased moderately up to the beginning of the exothermic peak, i.e., recovery 

occurred in these layers even if the exothermic signal was not observed. This apparent 

contradiction can be explained by the distribution of the released heat over a wide temperature 

range that makes the exothermic signal undetectable. The decrease of the dislocation density 

and twin fault probability in samples LMo-sac-ED and HMo-sac-ED was accelerated in the 

temperature ranges corresponding to the DSC peaks (see Fig. 4.7a and b).  

 

 

 
Fig. 4.6: A schematic showing the temperatures of annealing for samples LMo-ED, HMo-

ED, LMo-sac-ED and HMo-sac-ED. 
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For these layers, at the end of the exothermic peaks, the Debye-Scherrer X-ray diffraction rings 

became spotty, and the breadth of these spots was practically the same as the instrumental 

broadening. This means that the volumes reflecting these intensity spots were recovered and/or 

recrystallized and the dislocation density and the twin fault probability in these grains were 

under the detection limits of XLPA (~1013 m-2 and ~0.1%, respectively). Similar evolution was 

observed for the diffraction domain size, i.e., its increment was accelerated in the temperature 

range corresponding to the exothermic signal, and at the end of the DSC peak its value in the 

volumes reflecting the high intensity spots in the Debye-Scherrer rings was above the detection 

limit of XLPA (~800 nm). It should be noted that the narrow spots were superimposed on a 

 

Fig. 4.7: Evolution of the (a) dislocation density, (b) twin fault probability and (c)  

diffraction domain size as a function of annealing temperature for electrodeposited 

samples LMo-ED, HMo-ED, LMo-sac-ED and HMo-sac-ED. The grain sizes (denoted by 

d) determined by EBSD are also given for some selected samples in (c). In this figure, the 

arrows indicate that the diffraction domain size increased above the detection limit of 

XLPA. 
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broader continuous ring for each reflection, therefore the average domain size may be smaller 

than ~800 nm. Anyway, the large number of high intensity spots in the Debye-Scherrer rings 

suggests that the majority of the microstructures in samples LMo-sac-ED and HMo-sac-ED was 

recovered and/or recrystallized at the temperatures corresponding to the end of the DSC peaks. 

It should be noted that for layer LMo-sac-ED, the defect structure became very inhomogeneous 

due to recovery after annealing to the beginning of the exothermic peak (650 K). This was 

apparent from the shape of the XRD peaks. As an example, Fig. 4.8 shows reflection 200 for 

sample LMo-sac-ED annealed to 650 K. This special peak shape can be obtained by the sum of 

a narrower and a broader component. The former and the latter sub-reflections correspond to 

strongly and weakly recovered volumes in the studied material. Indeed, in the CMWP fitting 

the narrower diffraction peak components yielded the following microstructural parameters: 

<x>area = 147 ± 16 nm, ρ = (8 ± 1) × 1014 m-2 and β = 0%. At the same time, the broader profile 

components gave <x>area = 24 ± 3 nm, ρ = (54 ± 5) × 1014 m-2 and β = 1.0 ± 0.1%. For all XRD 

reflections, the fractions of the narrow and broad peak components were 0.11 and 0.89, 

respectively, indicating that only a minor part of the sample LMo-sac-ED suffered strong 

recovery during heating up to the beginning of the exothermic DSC peak. The values of the 
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defect densities and diffraction domain size plotted in Fig. 4.7 were obtained as a weighted 

average of the parameters determined for the two microstructure components. 

 

Fig. 4.7 reveals that in the temperature range corresponding to the DSC peaks of the samples 

deposited from solutions with saccharin, the defect densities, and the crystallite size in the 

saccharin-free samples only slightly changed. Thus, it is apparent that the presence of sulfur as 

a result of the saccharin addition significantly reduced the thermal stability of the Ni layers for 

both low and high Mo contents. Comparing the LMo-ED and HMo-ED samples, the higher Mo 

content improved the stability as after heating up to 1000 K the layer LMo-ED was 

recrystallized while in the sample HMo-ED only recovery occurred. This difference can also be 

seen from the Debye-Scherrer rings. Fig. 4.8b and c compares the Debye-Scherrer diffraction 

rings of reflection 222 for samples LMo-ED and HMo-ED heated up to 1000 K. For specimen 

 

 
Fig. 4.8: (a) X-ray diffraction peak with the indices 200 for sample LMo-sac-ED heated up 

to 650 K. The open circles and the solid line represent the measured data and the fitted 

curve, respectively. The difference between the measured and the fitted peaks is also given 

at the bottom of the figure. (b) and (c) show Debye-Scherrer diffraction rings of reflection 

222 for samples LMo-ED and HMo-ED, respectively, heated up to 1000 K. The white arrows 

indicate spots in the ring of sample LMo-ED. 
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LMo-ED, the ring is spotty, indicating recrystallization, while the ring of layer HMo-ED is 

broad and homogeneous, suggesting the lack of recrystallization. The evaluation of the pattern 

measured for specimen HMo-ED annealed to 1000 K showed that the dislocation density and 

the twin fault probability remained as high as ~7 × 1014 m-2 and ~0.9 %, respectively, and the 

diffraction domain size increased only to ~80 nm. These values prove the very good thermal 

stability of the layer processed with high Mo content but without saccharin. 

As XLPA method could not give quantitative information about the saccharin containing 

samples annealed to the end of the DSC peaks, EBSD was applied for the characterization of 

the recovered/recrystallized microstructures in samples LMo-sac-ED and HMo-sac-ED as 

shown in Figs. 4.9a and b, respectively. The average grain sizes determined for the layers LMo-

sac-ED and HMo-sac-ED annealed to 720 and 813 K, respectively, were ~850 and ~360 nm. 

 

 

 
Fig. 4.9: EBSD orientation maps for samples (a) LMo-sac heated up to 720 K, (b) HMo-

sac-ED heated up to 813 K, (c) LMo heated up to 720 K, (d) HMo heated up to 813 K, (e) 

LMo heated up to 1000 K and (f) HMo heated up to 1000 K. 
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These values are also shown in Fig. 4.7c at the arrows which indicate that the diffraction domain 

size could not be determined by XLPA. For comparison, Figs. 4.9c and d show EBSD images 

for the sulfur-free samples heated up to the same temperatures as the sulfur-containing 

counterparts. The average grain sizes for the layers LMo-ED and HMo-ED annealed to 720 and 

813 K, respectively, were ~400 and ~50 nm. These values are much smaller than the grain sizes 

obtained for the specimens LMo-sac-ED and HMo-sac-ED annealed to the same temperatures. 

Therefore, we can conclude again that sulfur reduced the thermal stability of the nanocrystalline 

microstructures in Ni-Mo layers. XLPA was also unable to determine the diffraction domain 

size for sample LMo-ED annealed to 1000 K. Therefore, EBSD was used to characterize the 

grain structure in this material (see Fig. 4.9e). The grain size from the EBSD image was 

determined as ~480 nm. This value is slightly higher than the grain size obtained after annealing 

at 720 K (~400 nm). For sample HMo-ED heated up to 1000 K, the grain size obtained from 

EBSD (see Fig. 4.9f) was much smaller (~90 nm) than for layer LMo-ED. In addition, in the 

former sample, considerable dislocation density and twin fault probability were detected, 

therefore recrystallization did not occur, only the defect density decreased, and the grains were 

coarsened from ~26 to ~90 nm. Thus, layer HMo-ED exhibited the best thermal stability among 

the studied samples. 
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4.2.2 The difference between the effects of Mo alloying and saccharin addition on the 

thermal stability of Ni-Mo films 

 

It is evident from this study that although the addition of saccharin resulted in a similar trend in 

the change of the defect structure as Mo alloying, their influences on the thermal stability of the 

nanostructures were very different. Namely, while Mo alloying increased the stability, the 

addition of saccharin to the bath (and hence, doping the sample with sulfur) made the 

microstructure less stable, as shown in Fig. 4.7. For the visualization of this effect, Kernel 

Average Misorientation (KAM) maps were made for the EBSD images shown in Fig. 4.9. In 

the preparation of these maps, a local misorientation angle value was assigned to each pixel 

which was determined as the average misorientation between the studied central pixel and all 

pixels at the perimeter of the kernel around the investigated pixel. The same kernel radius of 

~50 nm was used for all EBSD images in order to make their KAM maps comparable. The 

KAM maps were prepared for the misorientation angle range between 0 and 5°, and they 

indicate the local distortions in the microstructure. The comparison of the KAM maps in Figs. 

4.10a and c reveal a higher distortion in the saccharin-free LMo-ED sample annealed at 720 K 

than that in the layer LMo-sac-ED heated up to the same temperature corresponding to the end 

of the DSC peak of the latter film. The higher lattice strain in the saccharin-free samples is more 

pronounced for the specimens with the higher Mo content annealed to 813 K (compare Figs. 

4.10b and d). This temperature corresponds to the end of the exothermic DSC peak for the layer 

HMo-sac-ED. Increasing the temperature to 1000 K, the distortion decreased in both LMo-ED 

and HMo-ED samples; however, the lattice strain is still higher for the layer with the higher Mo 

content in accordance with the dislocation density measured by XLPA (see Figs. 4.10e and f). 

As we discussed above, although the higher Mo concentration increased the defect density and 

reduced the grain size thereby increasing the driving force for recovery and recrystallization, 
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the segregation of Mo at the grain boundaries impeded recrystallization and the latter effect was 

stronger as indicated by the better thermal stability of the sample HMo-ED compared to the 

specimen LMo-ED. At the same time, saccharin addition yielded only an increase of the defect 

density without the stabilization of the grain boundaries. Therefore, the saccharin-containing 

films exhibited a worse thermal stability as compared with their saccharin-free counterparts. 

 

 

4.2.3 Calculation of the change of stored energy during annealing 

 

The released heat measured by the direct method of DSC is intended to compare with the value 

calculated from the change of the microstructures during annealing. The stored energy per unit 

mass before and after the DSC peak is determined as the sum of the energies of the lattice 

defects investigated in this study (GBs, dislocations and twin faults). The energy stored in 

 
Fig. 4.10: KAM maps obtained for the EBSD images shown in Fig.4.9. 
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dislocations (Edisl) can be obtained from the dislocation density using the following equation  

[149]: 

 
𝐸𝑑𝑖𝑠𝑙 = 𝐴𝐺𝑏2

𝜌

𝜌𝑚
𝑙𝑛 (

1

𝑏√𝜌
), 

(4.1)  

 

where G is the shear modulus (82 GPa), b is the magnitude of Burgers vector (0.25 nm), ρ is 

the dislocation density, ρm is the mass density ~8.91 g cm-3 and A denotes a factor which 

depends on the material and the edge/screw character of the dislocations.  

The value of A is equal to (4π)-1 and (4π(1-υ))-1 for pure screw and edge dislocations, 

respectively, where υ  is Poisson’s ratio (taken as 0.3). The value of parameter q determined by 

XLPA describes the edge/screw character of dislocations. The theoretically calculated values 

of q for pure edge and screw dislocations in Ni are 1.38 and 2.21, respectively. In practice, the 

values of A were calculated from the experimentally determined q values using a simple rule of 

mixtures: 

 
𝐴 =

𝑞 − 1.62

0.73

1

4𝜋
+

2.35 − 𝑞

0.73
 

1

4𝜋(1 − 𝜈)
 . 

(4.2)  

 

From the above calculation, the energy stored in dislocations for LMo-sac-ED and HMo-sac-

ED samples before the DSC peak are 1.1 ± 0.2 J/g and 2.5 ± 0.5 J/g, respectively. It is noted 

that for the layer LMo-ED the stored energy at the beginning of the DSC peak was obtained as 

the weighted sum of the contributions from the fine- and coarse-grained volumes where the 

weights are the volume fractions estimated from the XRD peak intensities (0.89 and 0.11 for 

LMo-sac-ED and HMo-sac-ED samples, respectively). The dislocation density at the end of the 

DSC peak was lower than the detection limit of XLPA (1013 m-2) for both samples which is 

two-three orders of magnitude lower than the value determined before the DSC peak. Therefore, 

this contribution to the stored energy is negligible. Thus, the difference in the energy stored in 



Chapter 4 Nanostructure and thermal stability of Electrodeposited Ni-Mo alloys   
 

97 
 

dislocations before and after the DSC peak (ΔEdisl) is the same as the values at the beginning of 

DSC peak (see Table 2). It is clear that the dislocation contribution to the stored energy increases 

with increasing Mo concentration. The stored energy for twin faults (Etwin) can be calculated as 

[104]: 

 

 
𝐸𝑡𝑤𝑖𝑛 = 𝛾𝑡𝑤𝑖𝑛𝑑2

𝑑

𝑑𝑡𝑤𝑖𝑛

1

𝑑3𝜌𝑚
=

𝛾𝑡𝑤𝑖𝑛𝛽

𝑑111𝜌𝑚
, 

(4.3)  

 

where γtwin is the twin fault energy per unit area in Ni (0.04 J/m2 [191]), β is the twin fault 

probability determined by XLPA, d111 is the spacing between the neighboring {111} planes 

(0.20 nm) and dtwin is the mean twin-fault spacing which can be expressed as d111/β. The value 

of Etwin were 0.20 ± 0.02 J/g and 0.8 ± 0.1 J/g for the films LMo-sac-ED and HMo-sac-ED, 

respectively, before the DSC peak and practically zero after the peak. The change of the twin 

fault energy (ΔEtwin) is shown for both LMo-sac-ED and HMo-sac-ED layers in Table 2. 

The GB contribution to the stored energy is given as (EGB) [192]: 

 

 
𝐸𝐺𝐵 =

3𝛾𝐺𝐵

𝑑𝜌𝑚
, 

(4.4)  

 

where γGB is the GB energy per unit area in Ni and d is the average grain size. Former studies 

[153,193–195] have shown that the value of γGB for Ni and dilute Ni-Mo alloys varies between 

0.4 and 1.4 J/m2, depending on the misorientation between the neighboring grains, the GB 

orientation and the excess volume in the GB. As γGB is not known for our samples, its average 

values for LMo-sac-ED and HMo-sac-ED layers were determined by making the sum of the 

stored energy contributions of dislocations, twin faults and GBs equal with the released heats 
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obtained by DSC (see Table 4.2). This calculation yields 0.5 ± 0.2 and 0.7 ± 0.3 J/m2 for the 

samples LMo-sac-ED and HMo-sac-ED, respectively. 

 

Table 4.2 shows that the calculated contributions of GBs, dislocations and twin faults to the 

heat released during the DSC peak are 77%, 20% and 3%, respectively, for sample LMo-sac-

ED. The increase of the Mo content to about 5.3 at.% (layer HMo-sac-ED) yielded similar 

fractions: 77%, 17% and 6% for the contributions of GBs, dislocations and twin faults, 

respectively. Thus, it can be concluded that the majority of stored energy is attributed to GBs 

due to the very small grain sizes, irrespectively of the Mo concentration. The contribution of 

twin faults is marginal. The increase of Mo content from ~0.4 to ~5.3 at.% in the studied Ni 

films led to a 2-3 folds increase in the released heat due to the smaller grain size and the higher 

density of lattice defects.  

The estimated specific GB energies for the present LMo-sac-ED and HMo-sac-ED films were 

0.5 ± 0.2 and 0.7 ± 0.3 J/m2, respectively. Similar values of γGB have been obtained recently for 

Table 4.2: Calculated and measured stored energies for the electrodeposited Ni-Mo layers. 

ΔEdisl, ΔEtwin and ΔEGB are the changes of the energies stored in dislocations, twin faults 

and grain boundaries, respectively. H is the heat released in the exothermic DSC peak and 

γGB is the specific grain boundary energy estimated from this analysis. 

LMo-sac-ED 

ΔEdisl [J/g] 1.1 ± 0.2 

ΔEtwin [J/g] 0.20 ± 0.02 

ΔEdisl + ΔEtwin [J/g] 1.3 ± 0.2 

H [J/g] 5.6 ± 1.1 

ΔEGB [J/g] 4.3 ± 1.3 

γGB [J/m2] 0.5 ± 0.2 

HMo-sac-ED 

ΔEdisl [J/g] 2.5 ± 0.5 

ΔEtwin [J/g] 0.8 ± 0.1 

ΔEdisl + ΔEtwin [J/g] 3.3 ± 0.6 

H [J/g] 14.3 ± 2.9 

ΔEGB [J/g] 11.0 ± 3.5 

γGB [J/m2] 0.7 ± 0.3 
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other Ni-Mo electrodeposits [153]. In that work, the specific GB energy varied between 0.56 

and 0.67 J/m2 when the Mo concentration increased from zero to 5.6 at.% which is in a good 

agreement with our results. The significance of the slight increment of γGB with increasing Mo 

content cannot be determined due to the error of the GB energy values. At the same time, these 

values are certainly in the lower part of γGB range determined for Ni in previous studies [193–

195]. It was shown that the GB energy in Ni varies between 0.4 and 1.4 J/m2, and the value of 

γGB is significantly influenced by the GB orientation. For instance, the energy of {111}, {100} 

and {110} twist boundaries vary between 0.4-0.5, 0.6-1.0 and 0.9-1.3 J/m2, respectively. In 

addition, the value of γGB increases with increasing the excess volume in GB. The relatively low 

values of GB energies for the Ni-Mo layers suggest low excess volume in the GBs. 

 

4.3. Hardness evolution during annealing of electrodeposited Ni-Mo films 

 

The evolution of hardness determined by Vickers indentation as a function of annealing 

temperature is shown in Fig.4.11. The temperatures used in the study of the hardness variation 

are the same as those applied in the investigation of the stability of the microstructures of the 

layers (see Fig. 4.6). As discussed in previous sections, the LMo-ED sample at RT has much 

higher grain size ~240 ± 15 nm and lower defect (dislocations and twin faults) density compared 

to specimen HMo-ED as well as the saccharin containing samples. This can explain the lowest 

hardness value of layer LMo-ED before annealing in comparison with the other investigated 

Ni-Mo layers. It should be noted, however, that for specimens HMo-ED, LMo-sac-ED and 

HMo-sac-ED the hardness values are very close despite the very different dislocation densities 

and twin fault probabilities. These three samples have grain sizes between 20 and 30 nm (see 

Table 4.1). Former studies have shown that for fcc metals and alloys in this grain size regime, 

the main deformation mechanism changes from dislocation glide to grain boundary sliding 

[196]. As a result, the increase of the defect density in the grain interiors does not yield hardness 
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enhancement due to the increased role of grain boundary sliding. In addition, grain refinement 

from 30 to 20 nm does not lead to hardening owing to the change of the deformation mechanism. 

 

 

The change of the hardness during annealing of the different Ni-Mo films reflects the difference 

observed in the stability of the microstructures. Annealing to the characteristic temperatures 

corresponding to the DSC peaks (see Fig. 4.6) followed the general trend of hardness reduction 

on the increasing annealing temperature. It is apparent that the hardness decreases more sharply 

between the temperatures corresponding to the beginning and the end of DSC peaks than before 

the occurrence of DSC peak. It was found that the addition of saccharin reduced the temperature 

of the large hardness reduction. At the same time, the increase of Mo content increased the 

thermal stability of the layers. Among all the layers, the minimum variation in hardness value 
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Fig. 4.11: Hardness evolution as a function of annealing temperature for samples LMo-ED, 

HMo-ED, LMo-sac-ED and HMo-sac-ED.  
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on annealing occurs in HMo-ED layer. This can be explained by the highest thermal stability 

of microstructure and defect structure exhibited by high Mo specimen without the addition of 

saccharin. As discussed in previous sections, the addition of Mo retards the recovery and 

recrystallization of the nanocrystalline microstructure, owing to the pinning effect of Mo on the 

lattice defects. 

It is worth noting that no annealing-induced hardening was observed in the studied 

electrodeposited Ni-Mo layers, unlike HPT-processed specimens with similar compositions. 

However, the possibility of existence of such annealing-induced hardening in the studied 

samples cannot be ruled out. Even if such hardening effect occurs in the case of the studied Ni-

Mo layers, it may be limited to the temperature range below the characteristic temperatures 

corresponding to the measured samples and hence could not be detected. Indeed, a former study 

[171] showed that for electrodeposited layers with the compositions corresponding to our LMo-

ED and HMo-ED samples anneal-hardening occurred at about 500 and 600 K which are 

considerably smaller than the lowest annealing temperatures used in the present study (see Fig. 

4.11). 
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Chapter 5: Comparison between SPD processed and ED-Ni Mo alloys 

 

In this chapter, the influence of the processing route on the microstructure, defect structure and 

thermal stability is shown. The microstructure and the thermal stability of the electrodeposited 

Ni-Mo layers are compared with similar results obtained on Ni-Mo bulk counterparts with very 

similar compositions but processed by HPT (see the chapter 3), i.e., materials processed by 

bottom-up and top-down techniques are contrasted. The stored energy in nanocrystalline Ni-

Mo thin films processed by electrodeposition was studied experimentally by DSC and 

compared with the values calculated from the parameters of the microstructure. The GB energy 

and the concentration of vacancies, which was estimated indirectly from the difference between 

the measured and the calculated released heats, are also determined in this chapter. 

 

5.1. Comparison of the Microstructures  

 

The present study demonstrated that Mo alloying has a significant effect on the microstructure 

and its thermal stability in nanocrystalline Ni layers processed by electrodeposition. The 

increase of Mo content from ~0.4 to ~5.3 at.% resulted in an increase of the dislocation density 

from ~23 × 1014 to ~114 × 1014 m−2 while the grain size decreased from ~240 nm to ~26 nm. 

Similar trends were observed when the Mo content increased from ~0.3 to ~5 at.% in UFG bulk 

Ni processed by SPD using the method of HPT [172]. For this top-down technique, the 

dislocation density increased from ~27 ×1014 to ~59 ×1014 m−2 while the grain size decreased 

from ~182 nm to ~125 nm owing to the higher Mo concentration. It is evident that for the 

bottom-up method of electrodeposition the effect of Mo on the as-processed microstructure was 

more pronounced since a similar increase of Mo concentration yielded 5-fold and 2-fold 

increase in the dislocation density for electroplating and HPT, respectively. In addition, the 

grain size was reduced by one order of magnitude for electrodeposition while for HPT the grain 



Chapter 5 Comparison between SPD processed and ED Ni-Mo alloys 

 

  
 

103 
 

size decreased only with a factor of ~1.5. Moreover, significant twin fault probability ~3.9% 

was measured for the electrodeposited layer containing ~5.3 at.% Mo but the similar Mo 

concentration in the HPT-processed UFG Ni-Mo alloy did not yield considerable twinning. It 

should also be noted that for the large Mo content, a higher defect density and a smaller grain 

size could be achieved by electrodeposition than by HPT method. 

The difference between the defect structures obtained by the applied bottom-up and top-down 

techniques can be explained by the different formation mechanisms of lattice defects. Namely, 

deformation-induced and grown-in defects were formed during HPT and electrodeposition, 

respectively. In the case of HPT, plastic deformation resulted in a multiplication of dislocations, 

and the maximum dislocation density is determined primarily by the annihilation rate of 

dislocations. The higher the melting point, the lower the SFE and the higher the solute element 

concentration, the more retarded the dislocation annihilation [18]. Therefore, the pinning effect 

of Mo solute atoms on dislocations formed during HPT impedes their annihilation, thereby 

increasing the dislocation density. However, the dislocation density cannot increase above a 

limiting value, as close dislocations with opposite signs are annihilated due to the attractive 

force between them. This is especially valid for the statistically stored dislocations which are 

not necessary for the accommodation of misorientations between the differently orientated 

crystallites. In the case of electrodeposition, the dislocations are not deformation-induced 

defects, but they are grown-in defects formed for the reduction of the mismatch stresses at the 

non-coherent grain boundaries [150–152]. Thus, these defects can be considered as 

geometrically necessary dislocations, and their density is rather determined by the deposition 

parameters controlling the grain size than by the material properties (e.g., the melting point or 

SFE). Accordingly, the smaller grain size is usually accompanied by a higher dislocation 

density as suggested in a recent study on nanocrystalline electrodeposited Ni films  [15]. Twin 

faults (or twin boundaries) also contribute to the accommodation of misorientations in the as-
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deposited layer, but they usually form coherent boundaries between crystallites [197,198]. 

Therefore, the formation of twin faults during electrodeposition is a reasonable process while 

SPD-processing did not yield considerable twinning in Ni-Mo alloys due to their high SFE (twin 

fault energy is proportional with SFE in fcc crystals). 

 

5.2. Comparison of the Thermal Stability 

 

Large differences between the defect structures and the grain sizes in the samples processed by 

electrodeposition and HPT were observed for the higher Mo content. The larger defect density 

and the smaller grain size for the electrodeposited layer evidently led to a higher driving force 

for recovery and recrystallization during annealing, thus a worse stability for the 

electrodeposited film is expected as compared to the HPT sample.  

Fig. 5.1a compares the evolution of the dislocation density versus the annealing temperature for 

the electrodeposited layer and the bulk HPT-processed sample with ~5 at.% Mo. For the latter 

specimen, the data were taken from Ref. [199]. Similar to the electrodeposited layers, for the 

HPT-processed Ni-Mo alloy the heat-treatments were also carried out in a DSC by heating the 

samples up to characteristic temperatures of the thermogram at the same heating rate of 40 

K/min and then quenched to RT. Up to about 800 K, only recovery occurred in both samples as 

revealed by the spot-free Debye-Scherrer rings. In this temperature range, the decrease of the 

dislocation density for the electroplated layer is higher which can be explained by the larger 

driving force for recovery owing to the higher initial dislocation density. If the dislocation 

density is normalized by the initial value, similar temperature dependence is obtained for both 

samples as revealed in Fig. 5.1b. A large difference between the two specimens was observed 

between ~800 and ~1000 K, as while the HPT-processed sample was recrystallized, in the 

electrodeposited layer only the recovery continued. At 1000 K, the dislocation densities in the 
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electroplated and HPT-processed specimens decreased to ~7 ×1014 m−2 and below 1013 m−2, 

respectively. 

The different resistance to recrystallization of the two samples may be caused by the different 

nature of the dislocation structures. In the electrodeposited film, the majority of dislocations are 

assumed to be geometrically necessary dislocations located at the grain boundaries. Due to the 

small grain size (about 30 nm), most probably dislocations are not stored in the grain interiors. 

The relatively good agreement between the diffraction domain size and the grain size also 

suggest that dislocation walls and subgrain boundaries were not formed inside the grains. At 

the same time, for the HPT-processed sample, the diffraction domain size is significantly 

smaller than the grain size [199], suggesting that a considerable fraction of dislocations was 

stored in the grain interiors. As Mo solute atoms have a 10% larger size than the Ni matrix 

atoms, they are located preferentially at dislocations. Since the majority of dislocations can be 

found at the grain boundaries in the electrodeposited film, the segregation of Mo solute atoms 

at the grain boundaries was more pronounced in this sample. Indeed, a recently published study 

proved the enrichment of grain boundaries with Mo in electroplated Ni-Mo films [171]. Similar 

segregation was observed previously for other Ni alloys such as Ni-W [200–202]. It was found 

 
Fig. 5.1: (a) The dislocation density evolution versus the annealing temperature for the 

electrodeposited (HMo-ED) and the HPT-processed (HMo-HPT) Ni alloys with the higher 

(~5 at.%) Mo concentration. Image (b) shows the evolution of the dislocation density 

normalized with the initial (before annealing) value. 

HMo-ED 

HMo-HPT 

 

HMo-HPT 

 

HMo-ED 
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that the concentration of W at the boundaries of the columnar grains is 50% higher than in the 

grain interiors of Ni-W layers when direct current is used for deposition [200]. This effect was 

less pronounced when pulsed current was applied. Computer simulations have shown that the 

segregation tendency decreased with increasing the total W concentration due to the filling of 

the energetically preferable grain boundary sites with solute W atoms [201]. In our samples, the 

high concentration of Mo at the grain boundaries impeded the motion of grain boundaries during 

annealing, thereby retarding grain growth and recrystallization. 

 

5.3. Comparison of the Stored Energies 

 

The stored energy obtained for the Ni-Mo layers produced by electrodeposition is worth to 

compare with the values determined on UFG counterparts processed for 20 turns of HPT [199]. 

For specimen LMo-HPT, the exothermic DSC peak started at ~400 K and finished at ~830 K. 

For the high Mo concentration, the DSC signal began at a similar temperature, however, the 

end temperature was shifted to 1000 K. The areas under the whole DSC signal were 4.7 ± 0.9 

J/g and 7.9 ± 1.6 J/g for samples LMo-HPT and HMo-HPT, respectively. 

The released heats determined experimentally for the HPT-processed specimens were lower 

than the values obtained for the present electrodeposited samples, especially for the materials 

with the higher Mo content (see Table 4.2). This difference between the electrodeposited and 

HPT processed samples can be attributed to the higher grain size (130-180 nm) and the lower 

dislocation density (27-59 × 1014 m-2) in the latter specimens. The contribution of dislocations 

to the released heat for both samples LMo-HPT and HMo-HPT was calculated from the changes 

of the dislocation density during annealing using eq. (4.1) and the values are listed in Table 5.1. 

The probability of twin faults was lower than the detection limit of XLPA, therefore, their 

contribution to the stored energy was lower than 0.01 J/g (see Table 5.1). The heat released due 

to grain growth was calculated from eq. (4.4). However, as the specific GB energy for the HPT-
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processed samples is unknown, a lower and an upper limit were calculated for ΔEGB in 

accordance with the lowest (0.4 J/g) and highest (1.4 J/g) literature values of γGB (see section 

3.4). The corresponding ΔEGB values are listed in Table 5.1. It can be seen that the GB fraction 

in the released heat was significantly smaller (less than 55%) for the HPT-processed UFG Ni-

Mo alloys than the value obtained for the nanocrystalline electrodeposited films (~77%). 

The sum of the contributions of dislocations, twin faults and GBs to the released heat is 1.2-2.6 

J/g for LMo-HPT sample which is much lower than the heat released obtained by DSC (4.7 ± 

0.9 J/g). Similarly, for the specimen HMo-HPT the calculated change of the stored energy (1.8-

3.3 J/g) is found to be much lower than the measured released heat (7.9 ± 1.6 J/g). The difference 

can be attributed to the annihilation of vacancies and/or vacancy clusters. Indeed, former 

publications [149,203] indicated that a very high concentration of vacancies developed during 

SPD-processing. If the difference between the calculated and experimentally determined 

Table 5.1: Calculated and measured stored energies for the Ni-Mo samples processed by 

HPT. ΔEdisl, ΔEtwin and ΔEGB are the changes of the energies stored in dislocations, twin 

faults and grain boundaries, respectively. H is the heat released in the exothermic DSC 

peak. ΔEvac is the calculated change of energy stored in vacancies and Δcv is the estimated 

change of vacancy concentration during annealing. 

LMo-HPT 

ΔEdisl [J/g] 0.6 ± 0.1 

ΔEtwin [J/g] ˂ 0.01 

ΔEGB [J/g] 0.6-2.0 (± 10%) 

Sum [J/g] 1.2-2.6 (± 15%) 

H [J/g] 4.7 ± 0.9 

ΔEvac [J/g] 2.1-3.5 (± 50%) 

Δcv [10-4] (0.7-1.2) × 10-3 (± 50%) 

HMo-HPT 

ΔEdisl [J/g] 1.2 ± 0.3 

ΔEtwin [J/g] ˂ 0.01 

ΔEGB [J/g] 0.6-2.1 (± 10%) 

Sum [J/g] 1.8-3.3 (± 15%) 

H [J/g] 7.9 ± 1.6 

ΔEvac [J/g] 4.6-6.1 (± 50%) 

Δcv [10-4] (1.6-2.1) × 10-3 (± 50%) 
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released heat values is attributed to vacancies, this difference can be used for the determination 

of the vacancy concentration in the HPT-processed Ni-Mo alloys as shown in the next 

paragraph. 

The energy stored in vacancies (Evac) may be expressed by the measured vacancy concentration 

(cv) as [149]: 

 
𝐸𝑣𝑎𝑐 = 𝑒𝑣𝑎𝑐𝐶𝜐

𝑁𝐴

𝑀
, 

(5.1)  

 

where evac is the formation energy of a vacancy in Ni (1.8 eV = 2.9 × 10-19 J [109]), NA is 

Avogadro’s number (6 × 1023 mol-1) and M is the molar mass of Ni (58.7 g/mol). Thus, the 

change of vacancy concentration (Δcv) during annealing can be calculated from the energy 

stored in the annihilated vacancies (ΔEvac). This energy was estimated as the difference between 

the heat released during DSC and the sum of energies of other defects (dislocations and grain 

boundaries). In our case, due to the uncertainty of the specific GB energy, a range was obtained 

for Δcv (see Table 5.1). For low and high Mo contents, the vacancy concentrations annihilated 

during the DSC peak were obtained as (0.7-1.2) × 10-3 and (1.6-2.1) × 10-3, respectively. These 

very high values are in accordance with the vacancy concentrations determined formerly in 

SPD-processed metallic materials [149]. These excess vacancies were formed due to the climb 

of edge dislocations and the movement of jogs during SPD. As the dislocation density is much 

higher for sample HMo-HPT than that for specimen LMo-HPT, a higher vacancy concentration 

is expected for the larger Mo content which is in accordance with the present results. Vacancies 

and vacancy clusters may also exist in the electroplated layers, and they can be annihilated 

during DSC annealing. Their maximum possible vacancy concentration can be estimated from 

the released heat if we minimize the GB energy with the selection of the lowest limit of γGB (0.4 

J/m2). Then, the rest of the released heat is associated with vacancies which yields Δcv=0.2 × 

10-3 and 1.7 × 10-3 for LMo-sac-ED and HMo-sac-ED films, respectively. These values are 
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smaller than the vacancy concentrations determined with the same γGB for the HPT-processed 

samples (see Table 5.1), especially in the case of specimen LMo-HPT (1.2 × 10-3). This result 

suggests that the excess vacancy concentration in the electroplated Ni-Mo alloys is lower than 

that in the SPD processed counterparts even if its value was not determined precisely. 
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New Scientific Results 

 

1. Both Ni alloys with low (0.3%) and high (5%) Mo contents remain in solid solution 

state even after cryorolling and HPT. Although the grain size was not refined into the 

UFG regime during cryorolling, there were very high dislocation densities (~15-35 × 

1014 m-2) in both alloys. HPT at RT led to further enhancement in the dislocation density 

up to ~30-60 × 1014 m-2 and a concomitant gradual grain refinement below 200 nm. 

Irrespective of the Mo content, the saturation of the dislocation density occurred earlier 

(after 5 turns) than for the grain size (only after 20 turns) during combined cryorolling 

and HPT. The minimum grain size and the maximum dislocation density values are, 

respectively, smaller and higher in the alloy with high Mo content than in the material 

with low Mo concentration due to the pinning effect of Mo atoms on the lattice defects. 

This effect also hinders the clustering of dislocations within the grains, as indicated by 

the higher value of the dislocation arrangement parameter. 

 

2. The hardness for both alloys saturated and became homogeneous along the disk radii 

after 5 turns of HPT. The maximum hardness values achieved for 0.3% and 5% Mo 

concentrations were ~3200 and ~4300 MPa, respectively. The higher saturation 

hardness with 5% Mo is in accordance with the microstructural observations. It is 

demonstrated that the hardening caused by the combined process of cryorolling and 

HPT may be related to the increase of the dislocation density using the Taylor equation. 

The α parameter in this equation has a lower value for the higher Mo content due to the 

less clustered dislocation structure. 
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3. For the HPT-processed samples, the recovery of the UFG microstructures started at 

~400 K irrespective of the Mo content, but recrystallization occurred at a much higher 

temperature for the Ni alloy with higher Mo content. During recovery, the low-angle 

grain boundary fraction increased due to the arrangement of dislocations into low energy 

configurations, such as low-angle grain boundaries. In the recrystallization process, the 

fraction of low-angle grain boundaries decreased. The temperature range of the recovery 

is much larger for the alloy with higher Mo content (~515 K) than that for the sample 

with lower Mo content (~280 K). After annealing up to ~1000 K, the grain size remained 

much smaller for the sample with higher Mo concentration. Moreover, the larger Mo 

content yielded a separation of recovery and recrystallization processes in the DSC 

thermogram. In comparison to the sample with lower Mo content, there is a much higher 

onset temperature of recrystallization for the alloy with higher Mo concentration due to 

the segregation of solute Mo atoms at the grain boundaries which may reduce the grain 

boundary energy and additionally hinders the motion of the grain boundaries. The higher 

Mo concentration has a more pronounced hindering effect on recrystallization than on 

recovery. It is concluded that the higher Mo content significantly increases the stability 

of the SPD-processed UFG microstructure in Ni. 

 

4. Annealing to ~600 K resulted in a considerable hardening for the sample with lower Mo 

content while the ductility remained unchanged. This annealing-induced hardening was 

explained by the annihilation of mobile dislocations and the clustering of the remaining 

dislocations into subgrain boundaries. An increase of the Mo concentration in UFG Ni 

led to a much lower annealing-induced hardening which was explained by the hindering 

effect of Mo atoms on the annihilation and clustering of dislocations. Therefore, the 

influence of Mo content on the annealing-induced hardening in UFG Ni-Mo alloys is 
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opposite to the trend observed formerly for their nanocrystalline counterparts processed 

by bottom-up methods due to the different strengthening mechanisms. Annealing to 

high temperatures resulted in a simultaneous reduction in the strength and an 

improvement in the ductility in UFG Ni-Mo alloys. The softening and the increase of 

ductility were lower for the alloy with higher Mo concentration, indicating a better 

thermal stability of this sample compared to the sample with lower Mo content. 

 

5. In the electrodeposited Ni-Mo layers, the increase of Mo content resulted in a smaller 

grain size as well as a higher dislocation density and twin fault probability in the Ni 

layers. This effect is more pronounced for the electrodeposited films than for the UFG 

Ni-Mo alloys with similar compositions but processed by SPD. This difference can be 

attributed to the different formation mechanisms of lattice defects: during SPD-

processing and electrodeposition deformation-induced and grown-in defects were 

formed, respectively. The addition of saccharin to the electrolyte bath also yielded an 

increase of the lattice defect density in Ni-Mo layers for both low and high Mo contents. 

This effect can be explained by the co-deposition of sulfur together with Ni. The 

increase of the defect density due to saccharin addition is more pronounced for Ni film 

with low Mo concentration. 

 

6. The increase of Mo concentration in Ni films resulted in a considerable improvement of 

the thermal stability of the nanocrystalline microstructure. The improved stability due 

to Mo alloying can be attributed to the pinning effect of Mo on the lattice defects such 

as dislocations and grain boundaries, thereby retarding recovery and recrystallization of 

the nanocrystalline microstructure. The electrodeposited film with higher Mo 

concentration exhibited a better stability than the SPD-processed counterpart with the 

same Mo content. Although both Mo alloying and saccharin addition resulted in a strong 
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increase of the lattice defect density in electrodeposited Ni layers, their effects on the 

thermal stability were significantly different. Namely, saccharin yielded a significant 

reduction of the thermal stability of the nanocrystalline Ni microstructure because this 

additive increased the defect density during deposition, thereby enhancing the 

thermodynamic driving force for recovery and recrystallization. At the same time, the 

impurity elements (e.g., sulfur) deposited from saccharin cannot hinder effectively the 

recovery and recrystallization of the nanocrystalline microstructure in Ni films, causing 

a reduced thermal stability. 

 

7. The stored energy investigation for the electroplated Ni films with both low and high 

Mo contents revealed that the majority of the released heat (~77%) can be attributed to 

the contribution of grain boundaries while the rest was caused by the annihilation of 

dislocations and twin faults. From the equality between the measured and calculated 

released heats, the grain boundary energy was estimated as ~0.5 and ~0.7 J/m2 for low 

and high Mo concentrations, respectively. These values are in the lower part of the 

possible grain boundary energy range (0.4 - 1.4 J/m2), suggesting a low excess volume 

in the grain boundaries of the present electroplated films. The grain boundary fraction 

in the released heat was significantly smaller (less than 55%) for UFG Ni-Mo samples 

with similar compositions but processed by HPT. For these specimens, the sum of the 

heat contributions of grain boundaries, dislocations and twin faults was much smaller 

than the released heat obtained by DSC. The difference was attributed to vacancies and 

vacancy clusters. The estimated vacancy concentration was about 10-3. The higher Mo 

content yielded a two times larger vacancy concentration. The electroplated layers 

contain less vacancies than the HPT-processed samples, especially for low Mo content. 

The increase of Mo concentration in the electrodeposited films from ~0.4 at.% to ~5.3 
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at.% resulted in an enhancement of the stored energy with a factor of about two. This 

change is caused by the larger defect density and the smaller grain size. The influence 

of Mo content on the stored energy is less pronounced in the samples processed by HPT. 

 

8. The investigation of the hardness of the electrodeposited Ni-Mo films showed that 

before annealing the saccharin-free layer with low Mo content has the lowest hardness 

value in comparison with the other investigated Ni-Mo layers. This can be explained by 

the much higher grain size and lower dislocation density for this film compared to the 

other three electrodeposited samples. For other investigated layers, the hardness values 

were very close, despite the very different dislocation densities and twin fault 

probabilities. The grain size values for these three samples were very small (between 20 

and 30 nm), which can cause change of the main deformation mechanism from 

dislocation glide to grain boundary sliding. Among all the layers, the minimum variation 

in the hardness during annealing was observed in the saccharin-free layer with high Mo 

content in accordance with the best thermal stability of the microstructure of this film. 

Furthermore, the addition of saccharin reduced the temperature of the large hardness 

reduction. At the same time, the increase of Mo content increased the thermal stability 

of the layers. Unlike HPT processed samples, no annealing-induced hardening was 

observed in the studied electrodeposited Ni-Mo layers. 
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