 
1. Introduction
1.1. The history of amorphous Al-based alloys
Initially, brittle Al-based amorphous alloys have been produced with an Al-content around
60-70 at. %. This type of brittle material represented no interest for structural applications.
The first ductile Al-based amorphous alloy which could be bent 180o without fracturing
was produced in 1987 at Tohoku University, Japan [Inoue 1988, Inoue 1998] and at the University
of Virginia, USA [He 1988]. Soon thereafter, both groups have published a series of papers
concerning the compositional ranges and thermal stabilities of ternary Al-based amorphous alloy
ribbons [Inoue 1987].
The most interesting results of the Tohoku group [Inoue 1988] were for 30 μm thick
Al87Y8Ni5 amorphous ribbons which exhibited good bending ductility with a fracture strength
above 1140 MPa with the specific strength (defined as strength over density) as high as 26
N·m/kg, i.e., much higher than that for conventional alloy steels (about 38 N·m/kg).
The Virginia group published different compositions with similarly high fracture strengths:
880 MPa for Al87Y4.3Ni8.7 and 940 MPa for Al90Fe5Ce5 [He 1988, Laakmann 1993]. The tensile
strength could be further enhanced by nanocrystallization, which resulted in a fracture strength of
1220 MPa for a partially crystallized sample containing about 20 vol. % nano-Al embedded in a
residual amorphous matrix [Laakmann 1993, Zhang 2002].
In 1990, the Tohoku group reported [Inoue 1988] that the addition of Co increases the
mechanical strength without detrimentally affecting the good bending ductility of the Al-Y-Ni
alloy. The tensile fracture strength for the quaternary Al85Y8Ni5Co2 alloy was as high as 1250
MPa. Using this composition, they obtained a 900 μm thick ribbon, the largest thickness obtained
so far for Al-based glasses.
The most relevant amorphous compositions are reviewed in Table 1.1 indicating also the
corresponding literature references. A perusal of Table 1.1 shows that the majority of the Albased metallic glasses contain RE element except those few early transition element Zr- and Hfcontaining ternary (like Al89Fe10Zr1) and some Ba- and Ca- containing binary compositions.
The possible elements in a multi-component Al-based amorphous alloy are shown with red
color in Table 1.2. With blue are shown those elements which have been used in this thesis for the
preparation of novel Al-based amorphous.
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Table 1.1. List of the most representative Al-based metallic glasses published in the literature.
Al-based Metallic Glasses
Binary

Ternary

Quaternary

Quintenary

Al93Ba7 [ Inoue 1998]

Al90Ce5Fe5 [Laakmann
1993]
Al90Ce7Co3 [ Inoue 1998]

Al85Nd8Ni5Co2 [ Louzguine
2002]
Al88Gd6Er2Ni4 [Inoue 1998]

Al85Y4Nb4Ni5Co2 [ Inoue 1998]

Al93Ca7 [ Inoue 1998]
Al92Sm8 [ Wilde 1999]

Al86La5Ni9 [Sanders 2006]

Al88Ce2Ni9Fe1 [Inoue 1998]

Al84Y6Ni4Co2Sc4 [ Inoue 1998]

Al85Y6Ni5Co2Zr2 [Inoue 1998]

Al92La8 [ Guo 1994]

Al88Y7Fe5 [Inoue 1998]

Al88Nd5Ni6Fe1 [Louzguine 2002]

Al85Ni5Y6Co2Fe2 [Yang 2009]

Al92Ce8 [Guo 1994]

Al90Nd5Ni5 [ Inoue 1998]

Al85Ni4Y6Co3Fe2 [ Inoue 1998]

Al91Y9 [Guo 1994]

Al88Y8Ni4 [ Inoue 1998]

Al87Nd3Ni7Cu3 [ Louzguine
2002]
Al85Ce5Ni8Co2 [ Inoue 1998]

Al85Ni3Y8Co2Fe2 [Inoue 1998]

Al90La10 [ Nordström
1994]
Al68Ge32 [ Inoue 1998]
Al90Y10 [ Xing 1999]

Al90Nd5Fe5[Louzguine
2002]
Al89Fe10Zr1 [Wang 2002]
Al89La6Ni5 [ Inoue 1998]

Al83.5Y5Ni8.5(Co,Fe)3[Inoue 1998]

Al85Ni3Y6Co3Fe3 [ Inoue 1998]

Al85Y8Ni5Co2 [Inoue 1998]
Al84Y9Ni5Co2 [Bassim 2000]

Al84Ni8Co4Y3Zr1 [Lisboa 2002]

Al87Ce3Ni10 [Inoue 1998]

Al84.5Y8Ni5Co2.5 [Inoue 1998]

Al85Ce5Mg10 [ Inoue 1998]

Al84.5Y8.5Ni5Co2 [ Inoue 1998]

Al85Y10Ni5 [ Kwong 1991]
Al75Y4Ni21 [Yang 2009]
Al84Ni12Zr4 [ Zhang 2007]
Al85Y10Ni5 [ Inoue 1998]
Al70Si17Fe13 [Dubois 1987]

Table 1.2. Elements occuring in Al-based alloys, published in the literature up to now. With blue are marked the new
glass forming elements found in this work.
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1.2. Statement of the problem and the structure of the thesis
Amorphous Al-based alloys are interesting for their excellent mechanical properties,
superior to those of the commercial crystalline Al-based alloys, e.g. tensile strength of amorphous
alloys is twice as high as that of commercial crystalline ones. However, mechanical properties as
well as their thermal stability can still be improved for some alloys exhibiting a primary
crystallization in which a partially nanocrystalline microstructure is developed. This
microstructure consists of dispersed nano-sized crystals of α-Al embedded in a residual
amorphous matrix. The most successful way of achieving a nanocrystalline microstructure is the
controlled crystallization of an amorphous alloy. Although the main interest in structural materials
is focused on bulk form, the typical procedures for obtaining Al-based amorphous or
nanocrystalline alloys lead to thin ribbons (typically a few tens of μm thick) obtained by meltspinning, or powders produced by gas atomization or mechanical alloying. Therefore, much effort
has been devoted to powder consolidation using different techniques such as hot extrusion, hot
pressing or high-pressure cold consolidation. The target of US Air Force is to prepare bulk Albased alloy samples for structural applications having the following mechanical properties:
ultimate tensile strength at room temperature over 800 MPa and 300 MPa at 300 oC, fracture
toughness 15 J/cm2 (Charpy impact strength) and ductility 3% (elongation until fracture).
Taking into account the worldwide demand for new Al–based alloys with improved
properties, the following goals can be formulated for the present thesis:
- preparation of Al-based amorphous alloys with novel compositions based on a state-of-the-art
review of the literature concerning the glass forming compositions and the glass forming ability
(GFA) criteria,
- thermal analysis of the amorphous-crystalline transformation, in order to establish the details of
the devitrification process as a function of composition.
- selection of the amorphous alloy for practical applications and laboratory level experimental
demonstration of the possibility to prepare dense compacts by different pressing techniques
applied to amorphous flakes and powders.
The structure of the thesis is the following:
Chapter 2 presents a state-of-the-art study of glass forming ability (GFA) in general and
then focuses on Al-based amorphous alloys, trying to understand why real bulk amorphous
samples (with thickness > 1 mm) could not be prepared so far. Surveying the crystallization of
amorphous alloys, special attention will be paid all to present all the evaluation techniques from
the literature in order to give an exhausting thermal characterization based on the continuous
heating DSC and DTA techniques.
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In Chapter 3, the preparation and characterization methods are presented placing emphasis
on melt spinning technique, which is the main method to prepare new amorphous alloys in this
thesis.
In Chapter 4, results and discussions will be presented, particularly:
> new criteria for GFA;
> conservation of the atomic volumes of the elements;
> hardness as a function of valence electron number and a new criterion for high-strength and
high-temperature resistant amorphous alloy;
> novel alloy compositions;
> thermal stability of high and low solute content Al-based amorphous alloys;
> extension of Si solubility in Al by melt spinning and
> possibility of preparing amorphous alloy by doping an industrial Al-Si alloy with Ni and Ti;
> bulk compacts from amorphous and nano-crystalline Al-based alloy powders and flakes.
Finally, in Chapter 5, a summary of the main results of the thesis is given.
To the author knowledge, the study of the amorphous alloys Al-U-Ni, Al-Ta-Ni and Al-SiNi-Ti is for the first time in this thesis and in the related own publications. These studies will be
useful in selecting new Al-based amorphous alloys as precursor material for nanocrystalline
compacts stable up to high temperatures.
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2. Literature survey
2.1. Review of glass-forming-ability (GFA)
2.1.1. Introduction to the glass formation and glass transition
In order to describe the glass formation of alloys, it is common practice to consider the
time-temperature-transformation (TTT) diagram. Figure 2.1 shows a schematic TTT diagram for
crystallization of undercooled melts.

Figure 2.1. Schematic time-temperature-transformation (TTT) diagram for metallic glasses

At the melting temperature, Tm, the time necessary for crystallization tends to infinity.
With increasing undercooling (supercooling see Fig. 2.1), the crystallization occurs at shorter
times because the nucleation rate of the crystalline phase increases. At large undercooling the
crystallization rate decreases again because atomic transport in the under cooled melt becomes
very sluggish. As a consequence, for intermediate undercooling temperatures, the crystallization
curve forms a ‘‘nose.’’ A glass can be formed if the cooling is so fast that the crystallization nose
can be avoided. The faster the cooling, the higher the temperature where the undercooled melt
becomes so sluggish (i.e. the viscosity increases so much) that no diffusion rearrangements of
atoms are possible any more, this is the glassy state.
The time constant for atomic rearrangements is proportional to the viscosity and the time
allowed for rearrangements is inversely proportional to the cooling rate [Yang 2009]. This can be
expressed as
q × η(Tg ) = Cons tan t ,

(2.1)

where q is the cooling rate and η is the viscosity. Therefore, the glass transition occurs when the
product of the viscosity and the cooling rate exceeds some critical value. A high cooling rate will
therefore correspond to a lower viscosity at Tg. The glass transition denotes a glass transition
5
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temperature, Tg, where the viscosity reaches a conventional value of 1012 Pa·s, and the undercooled melt becomes a solid glass.
The name “metallic glass” is preserved for ribbons obtained by cooling an alloy melt fast
enough through the glass transition. Duwez and co-workers [Duwez 1960] were the first to
produce a metallic glass. They reported glass formation by rapid cooling of an Au-Si alloy melt.
For most metallic glasses, cooling rates of about 105-106 K/s are necessary. We call such metallic
glasses conventional metallic glass (CMG). In the following decades, continuous casting processes
like melt spinning were developed for laboratory and commercial manufacture of metallic glass
ribbons and sheets. For conventional metallic glasses, the nucleation kinetics of the undercooled
melt for crystallization is such that the time scale is in the 0.1–1 ms range at the nose of the
nucleation curve of the TTT diagram for crystallization. Starting around 1990, the field of socalled bulk metallic glass (BMG) gained interest. Alloys for which the TTT diagram has
crystallization nose above 100 ms can form a bulk metallic glass. Some multi-component alloys
[Lu 2003] have an exceptional glass-forming ability comparable to that of silicate glasses. This
also implies that they form an undercooled melt that is relatively stable and thus suitable for Tg
studies. By contrast, conventional metallic glasses undergo crystallization below or around the
glass transition temperature and thus can be studied only in solidified form by conventional DSC
techniques.
The glass-formation behavior of any material is conveniently discussed on the basis of
either an enthalpy or a volume-versus-temperature diagram like those shown in Fig. 2.2 and 2.3
[Mondal 2005, Lu 2002, Lu 2003]. Since enthalpy and volume behave in a similar fashion, the
choice of the ordinate is somewhat arbitrary. Let us envisage a small volume of a melt at a
temperature well above the melting temperature Tm of the material. With decreasing temperature,
the atomic structure of the melt will gradually change and will be characteristic of the temperature
at which the melt is held. Cooling down to below Tm, the melt converts to the crystalline state,
provided that the kinetics permits nucleation of the crystalline phase. If this occurs, the enthalpy
(or volume) will decrease abruptly to the value typical of the crystal. Continued cooling of the
crystal will result in a further decrease of enthalpy (volume) due to the specific heat (or thermal
contraction) of the crystal. If the melt can be cooled to below Tm without crystallization, a
undercooled melt is obtained, which, of course, is metastable with respect to crystallization. The
formation of crystalline nuclei takes time. If the cooling rate is sufficiently high, nucleus formation
does not occur. Upon further cooling, the structure of the liquid continues to remain in metastable
configurational equilibrium as the temperature decreases, but no abrupt change occurs in enthalpy
(volume) due to a phase transformation. With increasing supercooling, the viscosity between Tm
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and Tf (see below) increases by about 15 orders of magnitude. The structure of the undercooled
melt begins to deviate from that which would be present if sufficient time were allowed to reach
configurational equilibrium. This situation usually occurs for viscosities around 1012 Pa s (= 1013
Poise). Correspondingly the enthalpy (volume) begins to deviate from the equilibrium line,
following a line of gradually decreasing slope (Fig. 2.2 and 2.3) until it becomes determined by
the specific heat (thermal expansion) of the ‘‘isoconfigurational melt’’ when the viscosity
becomes so high that the structure of the material becomes fixed and is no longer temperature
dependent. The ‘‘mobile melt’’ has now become a rigid glass. A glass can be defined as a
supercooled melt congealed to a rigid, isoconfigurational state. The temperature range lying
between the limits where the enthalpy (volume) is either that of an equilibrated liquid or that of a
glass is denoted as the glass transformation region. Since the glass transformation range is
controlled by kinetic factors, i.e., by the viscosity of the supercooled melt, a slower cooling rate
will allow the enthalpy (volume) to follow the equilibrium line to lower temperatures. The glass
obtained will have a lower enthalpy (volume) than that obtained at a faster cooling rate. The
atomic arrangement will be that characteristic of the supercooled melt at lower temperatures.
Although the glass transformation occurs over a temperature range, it is convenient to
define a temperature that allows us to express the difference in thermal history between glasses.
The extrapolations of the supercooled melt and glass lines intersect at a temperature which in the
literature on glasses is called the fictive temperature Tf. A glass produced at a slower cooling rate
has a lower Tf.

Figure 2.2. Illustration of change of enthalpy during

Figure 2.3. Illustration of structural relaxation during

cooling of a glass-forming and a crystalline material

heating in the volume-temperature diagram of a glass-

[Mondal 2005].

forming material [Mondal 2005].

Finally, it is worth mentioning that in general, the glass transition is studied during heating
of the solid amorphous sample. This glass transition temperature, Tg, is frequently determined by
changes in thermal analysis curves (caloric glass transition temperature) or in thermal expansion
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curves. Tg values obtained from these two methods are similar although not identical. In addition,
Tg is a function of the heating rate used during the analysis, similarly to the dependence of the
glass transition Tf on the cooling rate. Although the glass transition temperature and the fictive
temperature are not identical, the differences are small, usually not more than a few K. Therefore
Tg is a useful indicator of the approximate temperature where the supercooled melt converts to a
glass.
Egami and Waseda [Egami 1984] have proposed a formula for Tg, based on distribution of
the local atomic volumes which can be with the volume strain greater than 0.11 (free volume) and
those less than -0.11 (anti-free volume).

kTg =

2B V
(ε vT )2 , Kα = 23(1(1−−2νν))
Kα

,

(2.2)

where B is the bulk modulus, V is the average atomic volume, KĮ is the coefficient calculated with
the Poisson coefficient, Ȟ, and ε Tν is the local volume strain. Good agreement with the
experimental data can be obtained with ε νT = 0.095 , which corresponds to the total density of
liquid-like sites being 0.22, approximately the percolation concentration for dense-random-packed
structure. The glass transition occurs when the density of these “liquid-like” sites exceeds the
percolation concentration in a dense-random-packed structure [Cohen 1979].
Although theoretical only, it is worth defining the ideal glass transition temperature, the so
called Kauzmann temperature, TK, which is the temperature where the entropy curve Sm(T) of
undercooled melt intersects the entropy Scr(T) of crystalline phase.

Figure 2.4. Illustration of entropy change during cooling: definition of Kauzmann temperature.
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This ideal glass transition temperature is below Tg and has an importance in the modeling
of under cooled liquid.
Glasses are thermodynamically metastable in a twofold sense:
They can undergo crystallization during which the material transforms to one or more
crystalline phases. This crystallization transformation is one of the main subjects of the thesis.
They can undergo relaxation when a glass is reheated to the glass transformation range.
Structural relaxation of an amorphous material leads from a less stable to a more stable although
still metastable amorphous state. It is accompanied by changes in a number

of physical

properties. Clearly, the extent of property changes for a given material will depend on its thermal
history and hence on the way the glass was produced.
The higher the Tg, the higher the thermal stability of the glass. For practical applications as
structural material with high strength and high corrosion resistance a bulk Al-based glass would be
the most attractive.
2.1.2. Introduction to bulk metallic glasses
Although the almost BMG composition Pd77.5Cu6Si16.5 (with a diameter of 0.5 mm) has
been known since 1969 [Inoue 1984], truly bulk amorphous compositions were found in the last
15 years only. These are glass-forming alloys at cooling rates as slow as 1 K/s to 100 K/s in the
bulk via conventional metal processing such as casting, but with the ease of molding of polymers.
The plasticity between glass and crystalline transition temperatures makes possible a one step, net
shape technology for preparing the final form of the sample.
The discovery of multicomponent bulk metallic glasses that exhibit a much greater
resistance to crystallization [Telford 2004] has triggered many investigations on metallic glasses
and their undercooled melts, and special attention has been paid to applications of these bulk
glasses. Some of the bulk metallic glasses are twice as strong as steel, have greater wear and
corrosion resistance, are tougher than ceramics, and yet have greater elasticity. Increased plasticity
in amorphous/crystalline composites now promises new structural applications.
In the tightly packed glassy structure, the displacement of atoms (e.g. to accommodate a
dislocation) is obstructed. A metallic glass, therefore, absorbs less energy upon stress-induced
deformation through damping and returns more by rebounding elastically to its initial shape. With
no crystal defects, mechanical properties combine to produce a material with the following
properties:
• Strength (twice that of stainless steel, but lighter);
• Hardness (for surface coatings);
9
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• Toughness (more fracture resistant than ceramics);
• Elasticity (high yield strength).
The absence of grain boundaries means that the material is more resistant to corrosion and
wear. In the ultimate tensile stress versus elastic limit diagram (Fig. 2.5) the amorphous alloys
occupy the targeted right upper corner compared to other structural materials. It is important to
note that beside the high tensile yield strength (σy ~ 2 GPa), glasses have a high strength-to-weight
ratio satisfying the Ashby importance criterion index [Reddy 2010]. Glasses present less
absorption and greater release of energy, i.e. low damping, means that even after high load and
stress deformation the material springs back elastically to its original shape. This shape memory
ability enables the use of the material in applications such as sporting equipment.

Figure 2.5. Amorphous metallic alloys combine higher strength than crystalline metal alloys
with the elasticity of polymers [Telford 2004].

The focus has been on finding compositions which permit slowing critical cooling rates
(Rc) to increase the critical casting thickness (tc). The characteristic Rc and tc data for some
representative amorphous alloys are summarized in Fig. 2.6.

Melt cooled under flux

Figure 2.6. The critical cooling rate and the maximal sample thickness as a function of glass transition range, ΔTx
[Inoue 2000].
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The glass transition range is defined as the difference between the crystallization and glass
transition temperatures:
ΔTx = Tx-Tg

.

(2.3)

The critical thickness was increased by 3 orders of magnitude in the last 49 years [Long
2009], see Fig. 2.7.
The first commercial bulk metallic glass alloy became known as Vitreloy 1(Vit1) with a
composition: Zr41.2Ti13.8Cu12.5Ni10.0Be22.5 [Lu 2003] and with critical casting thickness of up to 10
cm. One of the best glass-forming alloys which contain only ordinary elements is
Zr62-xTixCu20 Ni8Al10 [Xing 1999].

Figure 2.7. Critical casting thickness versus the year of discovering [Telford 2004].

In order to understand the mechanical properties of bulk metallic glasses, a completely new
model has been developed on the basis of shear-band concept replacing the dislocation mechanism
valid for crystalline materials. In this respect Johnson [Johnson 1996] has pioneered the in-situ
transmission electron microscopy (TEM) of shear band deformation. By modeling the observed
patterns (using finite element analysis of hard particles embedded in a matrix), he has established
the temperature dependence of the transition from homogeneous flow at low strain rates near or
above Tg to inhomogeneous, shear-band-mediated plastic deformation at lower temperatures and
high strain rates.
2.1.3. Conventional glass forming ability (GFA) and bulk glass forming ability (BGFA)
The key empirical criteria for slow crystallization kinetics and, therefore, a stabilized
supercooled liquid state and high glass-forming ability include:
• Multi-component alloys of three or more elements: increased complexity and size of the crystal
unit cell reduces the energetic advantage of forming an ordered structure of long-range periodicity;
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• Atomic radius mismatch Δr/r between elements greater than 12% leads to a higher packing
density and smaller free volume in the liquid state compared with metallic melts, and requires a
greater volume increase for crystallization;
• Negative heat of mixing between the main elements increases the energy barrier at the liquidsolid interface and decreases atomic diffusivity (the increase of the equilibrium melt viscosity is
by

three orders of magnitude greater than for binary alloys); this retards local atomic

rearrangements and the crystal nucleation rate, extending the supercooled liquid temperature
range;
• Alloy composition close to a deep eutectic forms a liquid stable at low temperatures.
The first three criteria belong to the Inoue’s [Inoue 1998] “thumb rules”. The deep eutectic
criterion was the earliest indicator for the preparation of the first amorphous alloy in the Au-Si
system [Sturm 1995] around its deep eutectic composition. The glass-formation composition range
generally coincides with an eutectic region, and a reduced glass-transition temperature Trg = Tg/Tm
as high as 0.6–0.7 is typical for easy glass formers.
Although no standard definition has yet been given for the GFA parameter, its natural
measure would be the low critical cooling rate and corresponding large critical thickness.
However, it is difficult to measure the critical cooling rate precisely and the critical thickness
depends on processing parameters such as casting temperature. This is why one is tempted to
characterize GFA by other, easily measurable parameters. In the following, we will survey such
criteria connected with the thermal stability, atomic size mismatch and thermodynamic
parameters.
Criteria based on characteristic temperatures:
The characteristics temperatures are the liquidus temperature TƐ, the melting point Tm,
(both obtainable by DTA) and the crystallization temperature Tx, and the glass temperature Tg
(obtainable by DSC).
The inverse of TƐ characterizes the stability of the liquid phase and the stability of the
amorphous phase can be measured by Tg (or in its absence, by Tx).
Historically, the first indicator of the GFA was the reduced glass transition temperature
[Lu 2002]:

Trg =

Tg
Tl

.

(2.4)

Good GFA is characterized by Trg in the range of 0.66-0.69.
Later on Tg was replaced by Tx [Mondal 2005] because Tg is not always measurable and
the parameter Į was defined:
Į =Tx/ TƐ.

(2.5)
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Lu and Liu [Lu 2002, Lu 2003] have replaced the reference temperature TƐ by the temperature
½(Tg+ TƐ) corresponding to the “nose” of the C-like TTT diagram, and defined the parameter Ȗ as

Tx
Tg + T"

γ=

.

(2.6)

One of the mostly used indicators for GFA is the supercooled liquid region (or glass
transition region):

ΔTxg = Tx − Tg .

(2.7)

Surveying the data for non Al-based metallic glasses, one can observe the following
numerical data: the reduced Trg is between 0.503-0.690; ǻTxg ranges from 16K to117 K and the Ȗ
value of Lu and Liu is between 0.350-0.500.
Fang et. al. [Fang 2005] proposed a dimensionless parameter:

§ ΔT ·
Φ = Trg ¨ x ¸
¨ T ¸
© g ¹

n

,

(2.8)

where the optimal value of n was taken as 0.143.
Based on the classical nucleation and growth theory, two new parameters were proposed
by Chien and coworkers [Chien 2006, Yuan 2008]:

δ=
β=

Tx
Tl − Tg

(2.9)

Tx ⋅ Tg

.

(Tl − Tx )2

(2.10)

Further expressions which have been proposed even very recently are enumerated in the
following formulas:

Trg =

α=

Tg
Tl

ΔTxg
Tl

§T

[Turnbull 1969],

+

Tg
Tl

T ·

β = ¨¨ x + g ¸¸
© Tg Tl ¹

[Mondal 2005],

[Mondal 2005],

(2.11)

(2.12)

(2.13)
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γ=

Tx
Tg + T"

β=

Tg
Tx
×
T" − Tx T" − Tx

ω=

σ=

Tg
Tx

−

[Lu 2002],

2Tg
Tg + T"

(2.14)

[Yuan 2008],

(2.15)

[Long 2009],

(2.16)

Tmmix − Tm
1
λ [Park 2005].
⋅
mix
Tm
1− CA

(2.17)

Criteria based on atomic size mismatch
It is expected that GFA increases with increasing the overall atomic size mismatch.
Based on the atomic scale elasticity theory, Egami and Waseda [Egami 1984] have suggested the
following minimum solute content:

χ Bmin

§r
ν B −ν A
= χ Bmin ¨ B
¨r
νA
© A

3

·
¸ − 1 ≈ 0,1 ,
¸
¹

(2.18)

where rA and rB are the solvent and solute atomic radius, respectively. VA and VB are the
corresponding atomic volumes.
It turns out, that the larger the atomic size difference is, the smaller the amount of solute is
required to form an amorphous phase. The most important TM solute are collected in the Table
2.2.:
Table 2.2. The minimum solute content for a glass forming Al-TM alloy

Element
xBmin(at%)

Sc
20
Sr Y
4 10

Ti
20
Zr
25

V Cr
45 30
Nb Mo
25 73

Mn
62

Fe
29

Co
30

Ni
29

Cu
35
Ag
73

Zn
35

The atomic size mismatch is usually expressed by the Ȝ parameter of Egami and Waseda
[Egami 1984]:
- for a binary alloys:

3

§R ·
§ RB ·
¸¸ + CC 1 − ¨¨ C ¸¸
© RA ¹
© RA ¹

λ = C B 1 − ¨¨

3

,

(2.19)
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- and for a multicomponent alloy:
Z

λ = ¦Ci ⋅
i=B

3
3
ri3
B rB
Z rZ
C

C
−
1
=
⋅
−
1
+
+
⋅
−1
rA3
rA3
rA3

(2.20)
,

where A denotes the solvent element. According to the Egami and Waseda criterion the Ȝ > 0.1
inequality should be satisfied for good GFA. In the case of Al–based amorphous alloys, however,
amorphous alloys could be obtained even for Ȝ < 0.1. Nevertheless, this criterion is useful also for
the Al-based alloys as well (see Ch. 4.2.1 and 4.2.2), it predicts the existence of the prepeak in the
DSC diagram corresponding to the precipitation of nano-Al phase for

Ȝ < 0.1 (amorphous

behaviour) and the very probably endothermic peak (glass transition) before the main
crystallization peak for Ȝ > 0.1 (glassy behaviour).
For the most popular Al-RE-based binary alloys, the GFA is expressed in terms of the
minimal solute concentration as a function of solute atomic radius in Fig. 2.8. The experimentally
found good GFA concentration ranges are also shown.

Figure 2.8. Minimal solute concentration as a function of atomic radius for Al-RE alloys [Botta 2009].

Beside the expression of Egami and Waseda [Egami 1984], there are other formulas to
express the atomic mismatch. For example, the simple mean-square-root deviation of the atomic
radii į, introduced by Fang, et al [Fang 2004]:

δ=

§

n

ri ·

¦ C ¨©1 − r ¸¹
i

i =1

2

−

n

, r = ¦ C i ri ,

(2.21)

i =1

15

Literature survey
and the expression of Park et al. [Park 2001 ] giving the normalized Ȝ’= Ȝ/ȈCi as a weighted sume
of the mean deviation of the atomic volumes:

λ' =

λ
C B + CC

=

CB
(VB − V A ) + CC (VC − V A ) .
C B + CC
VA
C B + CC
VA

(2.22)

The coordination number of the solute atom depends on the Al-X bond distance as it is
shown in Fig. 2.9. Trial and error experiments have shown that for good GFA, a structure of large
(Y like) clusters or a combination of small (Co-like) and large (Y-like) clusters is preferred.
Coordination number (cluster size)

20
Pb,Tl,
Nd,Gd,Sc,Ca,
Y,Yb,Ce,La,
Na,Ba,K,Rb,Cs

18
16

Y-cluster
Zr,Sc,Li,Hg,Zn,
Hf,Sb,Cd,Sn,In,Bi

14

Zr-cluster

12

Au,W,V,As,Ga,Nb,
Ag,Ta,Ge,Ti,Zn

10

Pt,Ni,Co,Cu,Fe,Mn,Tc,Be,Rh,
Pd,Ir,Cr,P,Os,Ru,Re,Mo,Si

Co-cluster

8
N,C,O,B

6
1.8

2.0

2.3

2.5

2.8

3.0

3.3

Bond distance Al-X (Å)

3.5

3.8

Al85Y8Ni5Co2

Examples: Al85Ce8Ni5Co2

Al90Y10

Figure 2.9. Cluster size of different solute-centered clusters [Botta 2009].

Sencov and Miracle [Senkov 2001] presented the atomic mismatch in a diagram showing
the concentration of the element as a function of the atomic radii. He found the following
correlation: concave curve (Fig.2.10/a) for good glass formers and convex one (Fig. 2.10/b) for
poor glass formers. Unfortunately, the Al-RE-TM-type amorphous alloys studied so far belong to
the convex curve.
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a)

b)

Figure 2.10 Miracle criteria for a) BMG and b) CMG [Senkov 2001].

Criteria based on thermodynamic calculations
The negative heat of mixing can be estimated by the electronegativity difference between
the constituents. In the case of a quaternary alloy series, such as

Al85(Y, Gd, Dy, Er, Sm, La,

Ce)8Ni5Co2, it was found experimentaly that the GFA expressed as the width of the supercooled
liquid range Tx-Tg scales with the electronegativity difference between Al and RE element.
However, this tendency to increase ǻTx with electronegativity of solute is not followed for
Al85Sc8Ni5Co2, although the electronegativity of Sc is 1.32 but Ȝ=0.064. [Louzguine-Luzgin
2006]. It seems that for good GFA, both the electronegativity and atomic size differences should
be large.
More exact thermodynamic estimations can be made using the Miedema model for the
calculation of the heat of mixing. The mixing enthalpy (ǻH) can be calculated based on the
extended Miedema model for solid solutions as:
3

ΔH = ¦ Ω ijc i c j
i =1
i≠ j

,

(2.23)

where ȍij is the regular solution interaction parameter between i-th and j-th elements and is equal
mix
to 4 times the heat of mixing: ȍij = ΔH AB
and ci is the concentration of the i-th elements. The

heats of mixing values are collected in the Tables 2.3/a, b and c [Takeuchi 2000] for the most
important compositions for the present thesis.
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Table 2.3 /a Values of ΔH AB (kJ/mol) calculated by Miedema’s model for atomic pairs between elements with Al3d, Al-4d and Al-5d [Boer 1988].
Al
Ca
Sc
Ti
V
Cr
Mn
Fe
Co
Ni
Cu
Zn

Al
0
-20
-38
-30
-16
-10
-19
-11
-19
-22
-1
1

Ca
-20
0
17
43
44
38
19
25
2
-7
-13
-22

Sc
-38
17
0
8
7
1
-8
-11
-30
-39
-24
-29

Ti
-30
43
8
0
-2
-7
-8
-17
-28
-35
-9
-15

V
-16
44
7
-2
0
-2
-1
7
14
-18
5
-2

Cr
-10
38
1
-7
-2
0
2
-1
-4
-7
12
5

Mn
-19
19
-8
-8
-1
2
0
0
-5
-8
4
-6

Fe
-11
25
-11
-17
7
-1
0
0
-1
-2
4
-6

Co
-19
2
-30
-28
14
-4
-5
-1
0
0
6
-5

Ni
-22
-7
-39
-35
-18
-7
-8
-2
0
0
4
-9

Cu
-1
-13
-24
-9
5
12
4
4
6
4
0
1

Zn
1
-22
-29
-15
-2
5
-6
-6
-5
-9
1
0

Table 2.3 /b and 2.3 /c Values of ΔH mix (kJ/mol) [Boer 1988].
AB
Al
Y
Zr
Nb
Mo

Al
0
-38
-44
-18
-5

Y
-38
0
9
30
24

Zr
-44
9
0
4
-6

Nb
-18
30
4
0
-6

Mo
-5
24
-6
-6
0

Al
0
-38
-38
-39
-19
-2
-30

Al
La
Ce
Hf
Ta
W
U

La
-38
0
0
15
33
32
15

Ce
-38
0
0
14
31
29
14

Hf
-39
15
14
0
3
-6
-2

Ta
-19
33
31
3
0
-7
3

W
-2
32
29
-6
-7
0
1

U
-30
15
14
-2
3
1
0

The effect of atomic size differences can be measured through mismatch entropy term
[Takeuchi 2000] as
2
3
ª3
º
½
1
Sσ = k B « (ζ 2 − 1)y1 + (ζ − 1) y2 − ® (ζ − 1)(ζ − 3) + ln ζ ¾(1 − y3 )» , (2.24)
2
¿
¯2
¬2
¼

where kB is the Boltzmann constant, ζ is a parameter being defined as ζ =1/(1-ȟ) with a packing
fraction ȟ, and y1, y2, y3 are dimensionless parameters
y1 =
y2 =

1

σ

3

3

¦ (d

i

+ d j )( d i −d j ) 2 ci c j

j >i =1

σ2
(σ 3 ) 2

3

¦d d
i

j

( d i − d j ) 2 ci c j

(2.25)

j >i =1

( σ 2 )3
y3 =
(σ 3 ) 2
3

σ k = ¦ ci d ik ; k = 2,3
i =1

.
These two parameters determine a trapezoidal region in a plot of ǻHchem versus normalized
mismatch entropy where the majority of the ternary amorphous systems are situated, see Fig. 2.11.
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Figure 2.11 Relation between ǻHchem and Sı/kB for the 6450 alloys of the 351 ternary amorphous systems [Takeuchi
2000].

Particularly, for the quasi-binary (Zr, Ti, Hf )-(Cu, Ni) systems, Basu et al [Basu 2008]
have found that the mixing enthalpy varies between -13 and -45 kJ/mol and the normalized
mismatch entropy varies between 0.13 and 0.15.
For our Al-based amorphous alloys, similar diagram is shown in Fig. 2.12 where the
mixing enthalpy ranges between -8 kJ/mol and -16 kJ/mol and the normalized mismatch entropy
varies between -13 kJ/mol and -42 kJ/mol.
Amorphous alloys

Mixing enthalpy (kJ/mol)

-8

Al-Ce
Al-Y
Al-U

-10

-12

-14

-16
0,04

0,08

0,12

0,16

0,20

0,24

λΕgami-Waseda

Figure 2.12 Mixing enthalpy as a function of Ȝ parameter for our Al-based amorphous alloys (see Table 4.1.2).
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2.2. Glass forming ability of Al-based alloys by melt spinning
The glass-formation range of Al-RE binary alloys [Inoue 1988, He 1988, Dougherty 1994]
lies on the solute-rich side of the eutectic point where the liquidus temperature increases rapidly as
the minority RE is added, resulting in a low Trg, generally less than 0.5. Unexpectedly, Al-based
alloys exhibit a much better glass formability than other amorphous alloys with a comparably low
Trg [Mondal 2005]. X-ray and neutron scattering results for an Al-Fe-Ce amorphous alloy suggest
that the improved GFA is related to the strong interaction and unique atom configuration between
Al and Fe atoms [He 1993, Hsieh 1990]. However, bulk Al-based amorphous alloys have not been
produced yet. A systematic study of the glass formability of Al-based amorphous alloys in terms
of the normal glass formability criteria employed for producing bulk amorphous metal alloys has
not yet been undertaken.
Concerning the Al-based bulk amorphous alloys, there has been little progress so far. Still,
it is a goal to develop an aluminum-based bulk metallic glass with a critical thickness greater than
1 mm. The thickest sample is 0.9 mm based on Al –Ni - La, see Fig. 2.13.
Apparently there is a strong correlation between the GFA expressed by the maximal
thickness and the size of the RE atom. However, the Eu is an exception to the trend, probably
because it behaves like alkaline earth elements in the presence of Al.
This is why it is necessary to gain a more fundamental understanding of glass formation in
Al-based glasses. It is also important to make new experiments for the critical evaluation of glassforming ability (GFA) of Al-RE-Ni glasses, for example, by measuring maximum amorphous
thickness in wedge mold.
Since Al-based alloys can not be obtained as BMG by melt-quenching, one may try to
prepare a bulk sample by compaction of Al-based amorphous or nanocrystalline powders (see Ch
4.4.1). Work on these advanced Al–based structural materials via metallic glass processing aims to
produce components with isotropic properties and high structural efficiency.
900

Amorphous Thickness (μm)
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400
160
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Eu
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Figure 2.13. Maximal thickness (a measure of GFA) correlates with the size of RE atom [Sanders 2005].
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Figure 2.14. The change of maximal thickness with composition within one ternary system [Sanders 2005].

2.3. Glass-forming ability of Al-based alloys by mechanical alloying
Mechanical alloying is typically achieved using special ball mills. The energy transferred
to the powder from refractory or steel balls depends on the rotational or vibrational speed, size and
number of balls, ratio of the ball to powder mass, the time of milling and the milling atmosphere.
Comparing to other processes, mechanical milling can transfer energy/atom in a large range from
10-8 to 10-2 eV/at.s.[Schwarz 1983]. Milling in cryogenic liquids can greatly increase the
brittleness of the powders influencing the fracture process.
As with any process that produces fine particles, an adequate step to prevent oxidation is
necessary. This requires the milling to take place in an inert atmosphere and that the powder
particles are handled in an appropriate vacuum system or glove box.
The process of mechanical alloying of a binary system has been studied and reported as a
five-stage process governed by competing coalescence (welding) and fragmentation (fracture).
These five stages are 1) plastic deformation, 2) welding predominance, 3) welding-fracture
equilibrium, 4) random lamellae orientation, and 5) microstructural refinement. Fracture and rewelding lead to: homogenization of the chemistry, refinement of the particle size, and disorder in
the atomic structure (with eventual amorphization in alloys of appropriate chemistry). The particle
size can be observed to reach steady state quite quickly while structural and phase evolution can
continue over prolonged time periods. Atomistic and mechanistic models both consider the
temperature rise during collision and particle size. The atomistic model detail the atomic diffusion
process and formation of phases while mechanistic models detail the mechanical properties of the
initial and post-ball milled powders and balls along with the characteristics of the mill.
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Schwarz and Johnson [Schwarz 1983] were the first to demonstrate the formation of
amorphous alloys by solid-state synthesis on multilayer of A and B constituents. They proposed
that for producing an amorphous A-B alloy from its constituents:
- a large negative heat of mixing, ΔHmix , between A and B, and
- a large disparity (asymmetry) in the diffusion coefficients of one in the other (i.e. DB>>DA)
is desired.
In order to understand the amorphization process during ball milling one have to add to
this solid-state synthesis condition the influence of mechanical working which changes the
thermodynamic and kinetic restrictions for amorphization, considered again the alloy made from
A and B starting constituents and concluded that the requirement of a large negative heat of
mixing between A and B does in fact allow for amorphization over wider compositional ranges.
On the other hand, for ΔHmix ~ 0 amorphization can in fact occur if the interlayers are kept below a
critical thickness. This distinction is due to the fact that during the course of mechanical alloying,
the amorphous phase undergoes work softening, and the crystalline phase undergoes work
hardening. This leads to an evolution of the free energy which favours the amorphous phase even
when ΔHmix ~ 0 and DB ~ DA. In addition, the heavy deformation that occurs during mechanical
alloying results in the formation of volume defects and internal surfaces that accelerate the kinetics
of mixing.
Mechanical alloying by ball milling creates particles that are highly stressed and in a
metastable state such that thermodynamically they may be amorphous. In 1998 Schwarz [Schwarz
1998], modelled the amorphization process during mechanical alloying using a solid-state
interdiffusion model in which dislocation pipe diffusion plays a significant role. Mechanical
alloying is viewed as continuously producing fresh metal-to-metal surfaces with a high density of
dislocation. In the mechanical alloying process powder particles are subjected to stresses which
exceed their mechanical strength for short times (on the order of a few μs). On the other hand, for
times of the order of seconds the particles are unstressed. During this longer time period solute
atom diffuse along the core of dislocations left behind from the short time deformation. The
dislocations act as short-circuit diffusion paths which allow for large solute super saturation. This
so called “dislocation solute pumping (DSP)” mechanism could in fact be operative for alloys in
which ΔHmix > 0 as long as the solute-dislocation core interaction exceeds the chemical barrier.
Ball milling has been shown to cause mechanical alloying and amorphization in:
- Al-Zr system [El-Eskandarany 1999],
- Al-Ru system [Liu 2002] and
- Al-Ta system [El-Eskandarany 1992].
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In addition a number of ternary Al based crystalline alloys have been studied for preparing
high resistant aluminum alloy. For example: Al alloys has been studied in order that strength at
high temperature applications could be improved, to be used in automotive internal parts,
[Callegaro 1999] and AlGaN alloy by dry milling and thermal annealing [Cao 2000].
It can be concluded that the study of Al based amorphous binary and ternary alloys by MA
is at its incipient stage.
Surveying the above criteria data for Al-based amorphous alloys, it turns out that
neither the criteria based on characteristic temperatures nor that based on atomic size
mismatch are satisfied: the reduced glass transition or reduced crystallization temperatures
are smaller than 0.6, the Egami parameter is in general smaller than 0.1 and no deep eutectic
can be found with the amorphous forming alloying elements. This is why this thesis aims at
further research to investigate the GFA of Al-based alloys.
2.4. Crystallization of amorphous alloys
2.4.1. Change in free energy and types of crystallization (primary, eutectic, polymorphous)
In metallic glasses, there are three important modes of crystallization that have found to
occur by nucleation and growth processes, depending on the composition of a particular alloy.
Figure 2.4.1 shows the hypothetical diagram of the free energy curve for polymorphous, primary,
and eutectic crystallizations of an amorphous alloy with constituents A and B and crystalline
phases α and β. Polymorphous crystallization of the α phase is labeled as the arrow pointing to a
and polymorphous crystallization of the β phase is labeled as the arrow pointing to f. The arrow
labeled a depicts the change in free energy associated with polymorphous crystallization from the
metastable liquid phase to the supersaturated α phase at fix composition. This lowers the free
energy, but not to equilibrium. The equilibrium would require a mixture of α and β that is
represented by line connecting the free energy curves of α and β tangentially. For a composition
of α less than where Gxa is at its minimum, the equilibrium composition would be the α phase
only.
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Figure 2.4.1. Hypothetical free energy composition diagrams to explain possible modes of
crystallization from an amorphous alloy [Hono 1999].

Thus, the polymorphous crystallization describes the crystallization of an amorphous
phase to a crystalline one without any change in the composition of that phase. The transformation
typically forms a metastable compound (β) or a supersaturated alloy (α). There is no concentration
difference across the reaction front because the concentration does not change.
Primary crystallization of α is represented by the section of the liquidus curve between
points b and c. For a composition xB within this range, the system will go towards lower free
energy by forming α phase particles. In Al-based amorphous alloys these particles are nanosized
due to kinetic restrictions. The concentration of xB in the matrix increases as α nanocrystals form,
and as the system moves towards equilibrium (under continuous heating), secondary
crystallization of β occurs. These primary and secondary crystallization steps decrease the free
energy of the system but the phases are still metastable. The system reaches its lowest energy state
when it forms the equilibrium α + β phase, with concentration of α and β being the two tangent
points of the line connecting α and β curves.
Primary crystallization of β is represented by the section of the liquidus curve between
points d and e. For a composition of xB within this range, the system will go towards lower free
energy by forming β nanocrystals from the liquid. The concentration of xB decreases in the matrix
as β nanocrystals form, and as the system moves towards equilibrium, secondary crystallization of
α occurs. These primary and secondary crystallization steps decrease the free energy of the system
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but, again, the system reaches its lowest energy state when the concentrations of α and β reaches
those corresponding to the two tangent points of the line connecting α and β curves.
Thus, the primary crystallization describes the crystallization of an amorphous phase in
which one phase crystallizes first. This dispersed primary crystallized phase coexists with the
amorphous matrix and may serve as the nucleation site for secondary or tertiary crystallization.
The concentration profile on the crystallizing phase is shown to be high at the interface of the
nanocrystal. There is a lower solvent concentration of the crystallizing element in the amorphous
matrix near the interface than in regions of the amorphous matrix away from any forming
nanocrystals.
The eutectic crystallization occurs in the region between c and d of the liquids curve. For a
composition of xB in this range, the drive towards lowest free energy results in the simultaneous
crystallization of α and β, represented by the line connecting point d to the tangent of the α curve
and the line connecting point c to the tangent of the β curve, respectively.
Thus, eutectic crystallization is the simultaneous crystallization of two crystalline phases
by a discontinuous reaction. This reaction has no concentration difference across the reaction
front, but takes longer time than polymorphous crystallization because the two components have
to separate by diffusion into two separate phases within the crystallized region.
For the present thesis the following binary and ternary diagrams (copied from the CD-ROM
of ASM International), - were important to identify the possible equilibrium compound
phases which form after the devitrification heat treatment:
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Binary Al-Y and Al-Ce phase diagrams

Ternary phase diagrams for Al-Ce –Ni, Al-U-Ni, Al-Y-Ni and Al-Ta-Ni alloys
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2.4.2. Models of crystallization kinetics
Phase diagram and free energy considerations allow us to model the reaction paths for
crystallization events as a function of composition. In the previous section we explored
crystallization paths pertinent to the Al-Mm (where Mm=mischmetal) and Al-Y binary systems.
These systems have eutectics near the Al–rich side of the phase diagram and are significant in
understanding the crystallization of ternary Al-Y-Ni and Al-Mm-Ni alloys on which most of the
nano-Al alloys are based. Along with the crystallization reactions, it is also important to
understand the rates at which these transformations proceed. This is the realm of crystallization
kinetics. The following sections present prevalent models for crystallization kinetics for constant
heating rate scanning and for isothermal processes.
2.4.2.1 Calculation of activation energy
Three different methods will be presented all based on continuous heating DSC or DTA
scan at constant heating rate ȕ.
2.4.2.1/a. Kissinger model of crystallization kinetics
Kissinger [Kissinger 1956] was the first who established that the peak temperature Tp, was
dependent on the heating rate β, and that the variation in Tp could be used to determine the
activation energy EK for the first order reactions. He later extended this to apply to reactions of
any order. Kissinger [ Kissinger 1956] started from the following reaction rate equation:
− EK

dx
= k Ko (1 − x ) n K e RTP
dt

,

(2.26)

where dx/dt is the reaction rate, x is the fraction reacted, nK the empirical order of reaction (it is
labeled nK to differentiate it from JMA morphology index, n) and Tp is the peak temperature in
Kelvin. This means that the reaction rate will reach a maximum and return to zero when the
reaction is finished. The maximum rate of reaction occurs when the derivative of dx/dt is equal
zero. Therefore, if the temperature rises at a constant rate β, differentiation of equation and setting
it to zero results in:

βE K
RT p

− EK

− k Ko nK (1 − x ) nK −1 e RTp = 0 .

(2.27)

Neglecting small quantities, substituting 1 for nK(1-x)nK-1, and differentiating equations gives:
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β

)
T p2
E
=− K .
1
R
d( )
Tp

(2.28)

The activation energy EK can be determined regardless of reaction order by taking DSC peaks at
different heating rates.
2.4.2.1. /b Gao-Wang model [Gao 1986]
This model was proposed mainly for the determination of the Avrami exponent (see
paragraph 2.4.3./b). The formula for determination of activation energy is similar to the Kissinger
eguation using Tp2/ ȕ instead of ȕ/ Tp2 :

d [ln(T p2 / β )]
d [1 / T p ]

=

E
.
R

(2.29)

2.4.2.1./c. Augis and Bennett model [Augis 1978]
Calculation of the activation energy can be performed with similar accuracy by using a
modification of the Kissinger method, representing

ln

1
β
versus
.
Tp − 300
Tp

(2.30)

2.4.2.2. Johnson–Mehl-Avrami (JMA) Model
The JMA model [Avrami, 1939, 1940, 1941, Johnson 1939] describes the crystallization
kinetics during an isothermal process. The rate equation is derived assuming that the following
conditions apply:
- the crystallization is isothermal, i.e. nucleation and growth occur at a constant temperature;
- the sample is assumed to be infinite large and the nucleation is random throughout the bulk of
the sample;
- growth is isotropic until crystals impinge upon one another;
- the activation energy for crystallization and other model parameters are independent of time and
temperature.
The volume fraction transformed during crystallization is written as:
x(t) = 1- exp[-(kt)n],

(2.31)
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in which the volume fraction transformed (x) is a function of time (t), related to the exponential of
the product of the rate constant (k) and the time (t) rose to a power of the morphology (Avrami)
index (n). The value of the morphology index is indicative of the dimensionality of and the
mechanism responsible for the phase transformation occurring during crystallization. n depends on
the specific nucleation and growth mechanism of transformation. The rate constant can be written
as:

k (T ) = k oJMA exp( −Q JMA / RT ) ,

(2.32)

such that kJMA is the rate constant coefficient and QJMA is the activation energy.
There is an inverse correlation between the frequency factor ko and Avrami exponent n. For
example, the order of magnitudes are k0 = 10-7 for n = 3 and k0 = 10-3 for n = 1.5 [Shapaan 2004].
The JMA equation can be rearranged into Arrhenius-like equation and is useful for
calculating the experimental value of QJMA:

ln

t 1 Q JMA
=
t2
R

§1
1 ·
¨¨ − ¸¸ ,
T
T
2 ¹
© 1

(2.33)

where t1 and t2 are the times needed to obtain the same amount of crystalline fraction at
temperatures T1 and T2 respectively.

The JMA model is valid for linear growth, where the growth rate is constant and for diffusion
controlled growth. Given the isotherm (JMA) and non-isotherm (Kissinger) models, it is of
interest to compare the activation energies (QJMA and EK) of each. The morphology index, also
known as the Avrami exponent (n) can be calculated for the x corresponding to the maximum
transformation rate and can be calculated for each x, the latter being called “local” index.
Similarly, local activation energy can be calculated for each x. These “local” parameters will be
discussed in the next paragraph.
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It is worth mentioning that at short times the JMA equation reduces to:
x = (kt)n ,

(2.34)

so the logarithmic derivative dlnx/dlnt gives the exponent n. Also from the early stage
approximation it can be determined that dx/dt = nkntn-1 and for n >1, dx/dt = 0, at t = 0.
For n = 1, dx/dt = nkn, a non-zero constant at t = 0 (i.e. there is now incubation time).
2.4.3. Avrami (morphology) exponent (n) calculation methods
2.4.3./a. Johnson and Mehl method

Starting from equation (2.31), the Avrami exponent can be determined as the slope of the
equation
ln(-ln(1-x)) versus ln(t-to) ,

(2.35)

where to is the incubation time in isothermal measurements.
The exponent (n) can be compared with model specific predictions of nucleation and
growth kinetics in which the particle geometry along with nucleation and growth mechanism
determines the time exponent. For example, the analysis by Avrami on the nucleation and growth
process leads to a time exponent, n = 3 if all nuclei are present at t = 0 and the particle are
spherical and grow at constant rate. On the other hand, if all nuclei are present at t = 0 but the
subsequent growth of spherical particles is parabolic (i.e. growth rate is proportional to t-1/2), then
an Avrami exponent n = 3/2 is expected.
Johnson and Mehl [Johnson 1939] treated the problem of growth of spherical particles with
constant random nucleation in untransformed regions. With a constant growth rate an Avrami
exponent n = 4 results. If growth is parabolic after constant random nucleation then an Avrami
exponent n = 5/2 is predicted. In general, the growth exponent for particles can be expressed as:
n = p+q .

(2.36)

Here p = 0 for immediate nucleation, p = 1 for constant nucleation with time, q = 3 for linear
growth and q = 3/2 for parabolic growth of spherical particles. Other values of n are possible, for
example, if the growth is not of spherical particles. These experimental values serve to describe
the kinetics quantitatively and provide new information to be added and compared to current
literature published on nano-Al alloys used for high temperature applications. Table 2.4.3 gives a
summary of nucleation types, the growth geometries and growth mechanism (linear or diffusional
growth) and the Avrami index values.
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Table 2.4.3. Nucleation types and associated growth geometries and morphology indices (n).

Nucleation type

Instantaneous
Nucleation
(site saturation)
Constant rate
Homogeneous
Nucleation

Growth
geometry for
each type of
transformation.
Bulk 1-D growth
Bulk 2-D growth
Bulk 3-D growth
Bulk 1-D growth
Bulk 2-D growth
Bulk 3-D growth

n for linear law

n for diffusion
(parabolic law)

1
2
3
2
3
4

1/2
1
3/2
3/2
2
5/2

For decreasing nucleation rate we have (n-1) < ndec < n, for heterogeneous nucleation
(n-1) < nhet < n and for increasing nucleation rate n < ninc< (n+1).
2.4.3./b. Gao-Wang model [Gao 1986]
The Avrami exponent can be determined from temperature scanning measurement as well,
using the Gao-Wang model:
1
§ dx ·
n = ¨ ¸ RT p2
dt
0
.
37
βE
© ¹p

,

(2.37)

where β is the heating rate, E is the activation energy, R is the gas constant, Tp is the temperature
of a peak and (dx/dt)p is the crystallization rate at the peak.
Equation (2.37) can then be used to determine the Avrami exponent n as an average of the
set of parameters obtained for different heating rates.
2.4.3./b. Augis and Bennett model [Augis 1978]
This method refers also to temperature scanning measurements. If ǻT1/2 is the full width at
half maximum of the DSC (DTA) peak, then one can estimate n from the relation:

n=

2
2.5 T p
,
ΔT1 2 Ec
R

(2.38)

where Ec is the activation energy (kJ/mole), R is the gas constant (R = 8.31J/mole).
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2.5. Al-Si based amorphous and nanocrystalline alloys
There are two kinds of polycrystalline Al-based alloys: wrought and cast Al alloys.
The TM and RE containing amorphous alloys can be considered as a descendant of wrought alloys
and the question arises whether amorphous alloys can be obtained on cast Al alloys based, i.e. on
Al-Si-based as well. Surveying the literature pure Al100-xSix type binary amorphous alloys have not
been obtained by melt spinning technique [Zhao 2004, Zhao 2003]. Instead, a composite is
obtained which consist of nano-sized-Al, nano-sized-Si and nano-sized amorphous phases with
various percentages as a function of Si content. Theoretically, basing on Egami-Waseda [Egami
1984] criterion an amorphous composition range would be expected between cA* and cB* given by
the following equations:

1 − c *A ≈ 1 − 2λRB3 / RB3 − R A3

c B* ≈ 2λR A3 / RB3 − R A3

,
,

(2.39)
(2.40)

where cA* is the maximal solubility of A atom in B solution and cB* denotes the same meaning for
the B atom in A solution. When cB* is located within cB*< cB< 1- cA* the glass forming is expected.
Substituting Ȝ = 0.05, RAl = 1.43, RSi = 1.18 Å into the above equations the glass formation is
expected in the composition range of 22.9% < cSi < 87.2%. Unfortunately, the cooling rate
obtained by melt spinning is able only to extend the solubility limit of Si in Al and structure
consist of supersaturated Al nanocrystals and amorphous phase. It is worth mentioning that as the
Si content increases the liquidus line of the Al-Si system increases quickly due to the large
difference of melting temperature between Al and Si, which is favorable for the primary
crystallization of Si.
Extending the middle curves of the solidus lines and the liquidus lines of the Al and Si
components to the solid zone along the original slopes we can obtaine the extended eutectic phase
diagram which together with the equilibrium binary Al-Si phase diagram is show in Fig. 2.5.1.
Although binary Al-Si amorphous alloys could not be prepared by melt spinning technique, a few
ternary amorphous Al-Si-X (X= Cr, Mo, Mn, Fe, Ni) alloys had been prepared. Some of them
show good ductility (passing the 1800 bending test without fracture). For instance, Al69.6Fe13Si17.4 ,
which is near to the Al9Fe2Si2 intermetallic compound phase is ductile and, interestingly, the x-ray
diffraction pattern of this amorphous alloy show characteristic distinctly split broad double peak,
corresponding to the Al-Al atoms for the low angle peak and to the Al-Fe and Al-Si atoms for a
high angle peak. This split double peak offers a unit possibility to study the structure relaxation of
the amorphous phase upon annealing.
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Figure 2.5.1. The equilibrium and extended phase diagrams of Al-Si system T01 and T02 are the middle curves and
symbols at cSi = 22.9% and cSi = 87.2 % shows the calculated results of the expected GFA range by Egami-Waseda
criterion [Zhao 2004].

2.6. Mechanical properties of amorphous and nano-Al alloys
The “traditional” way (present practice of industry) of increasing the mechanical properties
is the “precipitation hardening”, i.e. the matrix is Al and different compound phases of nano size
precipitate from the initial solid solution. This method can be applied to amorphous precursors as
well considering the amorphous state as a forced solid solution where from nano-Al precipitate
out.

Tensile strength (MPa)

1500

nanostructured Al alloys

1200

900

strongest conventional Al

600

pure Al

300
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1E-8

1E-7
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Structural scale (m)

Figure 2.6.1. The evolution of the tensile strength
during the last century for the Al based alloys [Inoue 1987].

Figure 2.6.2. Structural scale tensile strength
for Al based alloys [Inoue 1987].

In this way a nanostructured Al-based alloy is obtained with attractive mechanical properties,
which motivate the intensive research activity in this field [Inoue 2004]. The strength of the new
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nano-structured, and of the conventional polycrystalline Al alloys are compared in Fig. 2.6.1 and
2.6.2.
At the time being, the strongest conventional polycrystalline Al-based alloy is the 2195
Al-Li alloy (3.98 Cu; 0.96 Li; 0.36 Mg; 0.28 Ag; 0.15 Zr, balance Al, σ0.2 = 490 MPa.) which
candidates for use in the next generation of space shuttle and combat ground vehicles. For
comparison, it is worth mentioning that for pure Al (1050 Al) σ0.2 = 95 MPa and for a commonly
used Al-based polycrystalline alloy, 5052 Al (2.5 Mg; 0.4 Fe; 0.25 Cr; 0.25 Si; 0.1 Cu; 0.1 Mn;
0.1 Zn balance Al), σ0.2 = 197 MPa.
There are two types of nanostructured alloys obtained by rapid solidification:
(i) fcc nano-Al precipitate in a residual amorphous matrix,
(ii) nanosized quasicrystalline phase precipitate in an fcc-Al residual matrix.
The typical composition for the case (i) is Al85-90RE5-10LTM5-10, where RE stands for
Lanthanide’s, and Yttrium, whereas LTM stands for late transition metals like Ni, Co, Fe or a
mixture of them. The two-phase nanocrystalline alloy, with an optimal fcc-Al content of about
20 %, has higher thermal stability than the amorphous precursor material and preserves the good
ductility of the amorphous state [Inoue 1988]. The origin of the high strength was attributed to the
ultrafine grain structure free of dislocations, which are presumed to be difficult to deform [He
1988]. However, Zhang et al. [Zhang 2008] have reported that the hardness of the two phase
composite is essentially the same with the remaining amorphous phase with the same composition
thus, they attributed the ultrahigh strength of the nanocomposite Al alloys to the solute enrichment
in the remaining amorphous phase.
The typical compositions for the case (ii) are Al90-94Mn2-6LTM2-4; Al92-94Cr2-6LTM2-4 or
Al92-94V2-6LTM2-4, where LTM stands for Fe, Co, Ni, or Cu. The structure consists of spherical
icosahedral particles with a particle size of 30-50 nm surrounded by a thin fcc Al phase with
thickness of about 10 nm. The mixed phase alloys exhibit good bend ductility and high fracture
tensile stress reaching 1320 MPa. Moreover, the latter case presents a larger elongation (~ 10-20
%) and higher Charpy impact energy (~ 15 J/cm2) than the bulk nano-Al alloys. Furthermore, truly
bulk scale nanoquasicrystalline composite alloys can be produced by spray forming with improved
thermal stability [Galano 2010].
In this work we are dealing with fcc nano-Al precipitate in a residual amorphous matrix
type nanocomposites as shown in Fig. 2.6.3.
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RE+TM

Figure 2.6.3. Schematic model of fcc Al particles embedded in amorphous matrix and schematic concentration profile
of Al and solute (TM and RE).

It would not be necessary to consider the dislocation motion especially in the case of
amorphous and nanocrystalline materials since there are hardly any dislocation motion and
therefore there is no hardening in both material phases. In this case the rule of mixtures based on
the volume fraction of each phase can be applied since there is no special interaction between the
particles and the matrix except the force balance. The necessary parameters for the analysis are the
mechanical properties and the volume fraction of each phase. The rule of mixtures for the tensile
strength of the alloy is represented by Equ. (2.44)

σ = f am ⋅ σ am + f Al ⋅ σ Al

,

(2.41)

where f is the volume fraction of each phase, and subscript am and Al represent the amorphous
matrix and the nanocrystalline Al particles, respectively. The volume fraction can be measured
indirectly from DSC curves or directly from image analysis of TEM images.
The actual microstructure of the alloy is composed of nanoscale Al particles embedded in
the amorphous matrix. It is assumed that the particle grain size is so small that two dislocations
can not co-exist on the same slip plane within one grain and that the deformation behavior of the
amorphous phase is flow-like, therefore dislocations do not contribute to the deformation behavior
of this material.
The main factor determining the mechanical properties of the amorphous matrix is the
chemical composition. The strength of the amorphous material with various compositions can be
measured from fully amorphous ribbon specimens. The strength of the amorphous matrix is used
from the fully amorphous ribbon’s experimental results assuming that the solute composition is
constant as an average value throughout the matrix. On the other hand, the particles can be
assumed to have the theoretical maximum strength, since they contain no dislocations or other
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imperfections [He1988-2] and appear to be essentially devoid of solute as shown by atom-probe
field-ion microscopy [Nordström 1994]. They can be treated as a “perfect” material and have a
theoretical strength. Considering the slip systems of fcc structure, Li and Wang [Li 1998]
calculated the shear modulus G{111},110. of Al to be approximately 24.5 GPa. Therefore, the
theoretical shear strength of Al, which is G/16 from the force balance between atoms, is 1.53 GPa.
Using the following relationships between shear stress Ĳ and tensile/compressive stress at yield ı
(2.42) and between tensile/compressive stress and hardness H (2.46) [Boyer 1985] gives a
theoretical hardness value HAl = 752 Kgf/mm2:
ı = 3½ Ĳ,

(2.42)

H = 2.78 ı.

(2.43)

During microstructural evolution the composition of the amorphous matrix will change as
the volume fraction of the particles increases. The composition change of the alloy matrix can be
solved using the following reaction (2.44) assuming that there is no volume change during the
reaction:

Al1− x − y Ni xY y → f Al Al + (1 − f Al ) Al1− f Al − x − y Ni
1− f Al

x
1− f Al

Y

Y
1− f Al

,

(2.44)

where x and y are the concentrations of Ni and Y, respectively. This assumption is reasonable
since the length change during the reaction is about 0.1%, so the volume change is in order of 10-9,
which is negligible. In reality, atom probe data [Kwong 1991] has shown that there is enrichment
of rejected solute near the particle/matrix interface as shown in the schematic Fig. 2.6.3.
As the volume fraction of fcc-Al particles fAl increases, the average concentration of solute
in the amorphous matrix [(x + y)/(1-fAl)] increases slowly at first and faster during the later stages
according to Eq. (2.44), as shown in Fig. 2.6.4 where LTM = Ni and RE = Y.
Al50(LTM + RE)50 represents the maximum amorphous solute concentration, Al90(LTM +
RE)10 represents the minimum initial amorphous solute concentration, and Al80(LTM + RE)20
represents the initial maximum solute concentration for ductile behavior. The dotted 20% solute
concentration line divides the solute range into two parts. The phase compositions above the
dotted line are brittle. Therefore, even if the initial ribbon, for example Al85(LTM + RE)15, is
ductile, the solute content of the amorphous matrix increases during heat treatment as the volume
fraction of fcc-Al increases, and the amorphous phase becomes brittle. Alloys with greater than
20% solute are always brittle.
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Figre 2.6.4. The average concentration of solute (Ni + Y) in the amorphous matrix as a function of the volume
fraction of fcc-Al particles in Al-Ni-Y alloys [Kim 1999].

The average concentration of solute (Ni + Y) in the amorphous matrix as a function of the
volume fraction of fcc-Al particles in Al-Ni-Y alloys showing the maximum concentration of
solute (50%) for amorphous formation, the minimum concentration of solute (10%) for amorphous
formation, and the maximum concentration of solute for ductile amorphous formation [Kim 1999].

Figure 2.6.5. The microVickers hardness of the Al85Ni10Y5 as a function of the volume fraction of fcc-Al particles
[Kim 1999].

The total hardness H is the sum of the amorphous matrix’s contribution famHam and the fcc-Al’s
contribution fAlHAl.
The nanoscale strengthening mechanisms are still under investigation, being not
sufficiently understood so far. It should also be taken into account that the outstanding mechanical
properties were often measured on melt-spun ribbons or indirectly derived from hardness
measurements. Therefore, the expectations may be more or less exaggerated. Nevertheless, this
new group of materials has drawn attention to their superior mechanical properties in recent years,
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whereas the big challenge of these days is to apply such technological routes which would bring
them into the bulky profiles retaining their initial properties. Responding to this challenge, the
present work aims to contribute to a better understanding of the processes leading to successful
compaction of aluminium-based materials reinforced with nonperiodic phases.
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Figure 2.6.7. Thermal stability of fracture strength
for different Al alloys [Balog 2004].

To conclude this chapter of mechanical properties we are comparing different Al-based
alloys in terms of the room temperature tensile strength and the toughness expressed by Charpy
impact strength in Fig. 2.6.6. The target is σf > 800 MPa and Impact strength above 15 J/cm2. The
targeted thermal stability of the tensile strength is shown in Fig. 2.6.7 at different working
temperatures for different industrial Al based alloys. None of them reaches the desired value of
300 MPA at 300oC.
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3. Preparation and characterization techniques and methods
The processing and characterization techniques used in this thesis can be
summarized in the following flow diagram:
XRD
DSC
HV

Amorphous
ribbon
Master
alloy

Bulk compact
of amorphous+
nanocrystalline
alloy

Powder

XRD
DSC

XRD
SEM
Density

In this chapter, we are going to present the items of the diagram.
3.1. Preparation of amorphous and nanocrystalline Al-based materials
3.1.1. Preparation of ribbons by melt spinning
Amorphous alloys can be produced by a variety of rapid solidification processing routes
including splat cooling (this was the first technique used by Duwez in 1960) [Duwez 1960], melt
spinning (Liebermann in 1976), [Liebermann 1976], gas atomization and condensation from the
gas phase. These methods typically require cooling rates of greater than 104 K/s for binary alloys
at a eutectic composition. Rapid solidification process can be applied for those metallic alloys
where the liquid phase remains stable to low temperatures and there are competing crystalline
phases below the liquidus temperature.
A rapid solidification process called melt spinning allows for cooling rates of
approximately 106 K/s. It makes ribbons that are 10-50 μm thick and 1-10 mm wide on a lab-scale.
The melt-spinning procedure involves a jet of liquid metal poured through a crucible orifice onto a
spinning copper wheel, as shown in Fig. 3.1. A thin sheet is then pulled out of the wheel. The
liquid metal at the copper wheel is thin, approximately 20 μm in thickness and several mm in
width therefore, it cools rapidly. The high cooling rate and the properly chosen composition allow
for the nearly instantaneous solidification of the material into ribbon form, which preserves the
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disordered liquid structure to low temperatures. In this way a continuous production is possible.
The faster the wheel spins, the faster the material cools. Ribbon thickness depends on melting
temperature and viscosity, pressure of the back gas, orifice diameter, and wheel speed.
Characteristics of the substrate such as thermal conductivity, interface wetting and reactivity with
the alloy also affect the thickness.

Figure 3.1. Melt spinner used in RISSPO.

Figure 3.2. Illustration of melt spinning
technique.

3.1.2. Preparation by powder samples (inert gas atomization)
There are two major methods for preparing powders: gas atomization and ball milling. We
have used gas atomization, which is described below.
Gas atomization makes rapidly solidified fine powders of different metals and alloys by the
disintegration of liquid material into fine droplets via high velocity gas. It is widely used because
it offers a large degree of processing flexibility and high production rate, as well as chemical
homogeneity. Argon, nitrogen and helium are used as the atomization gases. Low gas atomization
pressures (350-1400 kPa) are used in spray atomization and liquid dynamic compaction. High
atomization pressures (up to 6-8 MPa) are used for finer powder production.
In this work a simplified version of gas atomizer was used (see Fig. 3.3 and 3.4). Molten
material is injected through a small aperture and the droplets are cooled rapidly forming fine metal
powders. In the gas atomizer realized in RISSPO the cooling gas jet is circular and is ejected out
between the two half pieces presented in Fig. 3.3 at an angle which is important in the
effectiveness of the atomizing process. Using this device 50-100gr powders could be collected in
the water containing vessel and later classified using sieves of different sizes.
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Molten alloy jet

Ar gas jet

Figure 3.3. Schematic of a gas atomizer.

a)

b)

Figure 3.4. Home built gas atomizer in RISSPO:
Inductor (1,2,8), atomizer (6) , 7 MPa Argon gas inlet (9) ,water containing collecting vessel of the powder (4), b) the
details of the inductive melting.

Powder size is important in determining the engineering properties. Size distribution
dictates the amount of useful material available for a specific application. It also influences the
degree of microstructural refinement during solidification. For the simplified version of gas
atomizer (6-8 MPa applied gas pressure applied in the atomizer presented in Fig. 3.4), the particle
size ranges between 50 μm and 1 mm. Powder size depends on the gas pressure, temperature and
gas jet diameter. Higher gas pressure and narrower jet diameter results in finer powder size.
The Al-based powders obtained by gas atomization, similar to ball milling, will be used to
prepare bulk samples by compaction at high pressure and high temperature (near to Tg). The
structure of our powders was partly amorphous and partly nanocrystalline for powder size below
100 μm.
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3.2. Consolidation techniques of the powder samples
The high tensile strength has been obtained on melt spin ribbons, whereas structural
application requires the production of bulk components. As consolidation involves thermomechanical processes, partial crystallization can occur, and hence ductility connected to the
amorphous phase may be lost. Until now, very few compositions have been successfully
consolidated to obtain bulk compacts of Al alloys with strength exceeding 1000 MPa [Inoue 2001]
in bulk form. In principle, methods generally used in powder metallurgy processes can also use for
amorphous/nanocrystalline materials. Because of the high level of interparticle friction between
the small size powder particles (typically a few microns), even though the grain size is only few
nanometers, it is a non trivial problem, to obtain fully dens compaction without grain coarsening.
Retention of nano structure requires use of low consolidation temperature and it is difficult to
archive full inter-particle bonding at low temperature. Therefore novel methods of consolidating
nanocrystalline powders are requires. It should be noted that because of the increased diffusivity in
nanocrystalline materials, sintering (densification) take place at temperature much lower than in
coarse-grained materials. Among these new methods, in this thesis new method for hot-pressing,
hot sintering, hot extrusion and electro- discharge compaction have been developed as well.
3.2.1. Hot pressing
Before performing the uniaxial pressing, the powder together with the pressure cell was
heated up to 150oC and consequently placed in a vacuum chamber. After degassing the uniaxial
pressure was applied for 2-3 minutes, keeping the cell under vacuum.

Figure 3.5. Pressure cell with electric contacts.

Figure 3.6. Vacuum chamber with electric contacts.

3.2.3. Hot extrusion
Extrusion is done by squeezing metal in a closed cavity through a tool, known as a die using either
a mechanical or hydraulic press (see Fig. 3.7). Extrusion produces compressive and shear forces in
the stock. No tensile is produced, which makes high deformation possible without tearing the
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metal. The cavity in which the raw material is contained is lined with a wear resistant material.
This can withstand the high radial loads that are created when the material is pushed the die.
In general, for crystalline alloys the hot extrusion is done at fairly high temperatures,
approximately 50 to 75% of the melting point of the metal. The pressures can range from 35-700
MPa. In the case of amorphous and nanocrystalline powders the temperature should not exceed the
crystallization and coarsening temperature, respectively. In the case of Al-based amorphous alloys
the temperature is restricted below 3000C, where oil or graphite lubricant can be applied.

Figure 3.7. Schematic cross-section of extrusion chamber/billet/die arrangement.

In our practice we have applied pre-compaction of the powder up to about 75% of the full
density (see Fig. 3.8) and later on this billet was placed in the die of the extrusion tool (see Figure
3.9) and the extrusion was perform applying pressure of 10 T.

Figure 3.8. Matrix for preliminary condensed
powder (cold compressing).

Figure 3.9. Tool for extrusion installed on the
uniaxial press (Load max 10T).

Aluminum pellets each weighing less than 1 gram has been successfully hot extruded into
wires (2 mm) in diameter. Extrusion speed had little effect on extrusion pressure in accordance
with the literature [Cardoso 2003].
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3.3. Characterization methods
3.3.1. Thermal analysis, DSC and DTA
The DSC is a method based on measuring the difference in heat necessary to maintain a
constant temperature between a sample and a reference. This change in heat (incremental power
supplied by the electronics) flow versus temperature or time can be indicative of the crystallization
process. The onset (time or temperature) of crystallization, the peak temperature, and secondary
peak events can be all detected by this method.
A sample is placed in an aluminum (or graphite, or gold) pan with an empty pan used as a
reference. The sample chamber is kept in an argon environment with flowing water to keep the
heating block chilled. The temperature is measured continuously in both pans to determine the
heating or cooling curves of the sample. The change in heat flow, whether endothermic or
exothermic, can be monitored to determine phase transformation upon constant heating. Similar
heat change can be detected at constant temperature as a function of time (isothermal
measurement). Since the sample sizes are small (between 5-15 mg), it is important that the
reference and sample pans have identical environments for the heat flow difference to a correct
measure of transformation enthalpies.
The majority of the DSC measurements of this thesis have been performed on Perkin
Elmer DSC7 apparatus, which has a maximum temperature of use of 750oC, with a typical
temperature range of operation between room temperature, 25oC, to 700oC. It has a sensitivity of
10-100 μJ/s and can sweep at various heating rates, with typical rates of 0.5 to 80oC/min. The
resulting heat capacity accuracy may be as good as 0.5 % and transition temperature may be
measured to ±0.1oC error. The DSC is used particularly for samples with small temperature
gradients, which eliminates the effects of heat conductivity within the sample.
A small part of the thermal analysis have been performed on a home built equipment based on a
TA Instruments measuring head and on the digital lock-in amplifier of our colleague P. Kamasa.
This equipment works up to 500 oC only and it works actually as a DTA.
3.3.2. X-ray diffraction
Phase composition and microstructure were analysed by X-ray diffraction
technique (XRD) using a Brucker axs type diffractometer operating with Cu K α and Co
K α radiation. Crystalline volume fraction (Vcr ) and average crystallite size were
estimated by this technique.
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Figure 3.10. XRD pattern and deconvolution procedure of the amorphous and crystalline contributions.

To obtain Vcr, a deconvolution procedure (see Fig. 3.10) was applied to separate XRD
peaks and amorphous halo in a 2θ range from 27.5 to 47.5 degrees involving the amorphous halo
and the crystalline diffraction maxima of the α-Al phase (111) and (200). The crystalline peaks
were fitted using Lorentzian function, assuming the small grain size as the main effect
contributing to the broadening of the diffraction peaks. The amorphous halo was fitted using a
Gaussian function. Vcr was estimated from the area ratio under the (111) peak and the sum of
(111) peak and the amorphous halo, according to the following equation:
Vcr =

A(111)
.
A(111) + A(halo)

This area ratio was corrected taking into account the different scattering factor of Al (which can be
assumed as the only element in the crystalline phase [Hono 1995] and those of the elements
composing the residual amorphous matrix (enriched in Mm, Ni and Fe and impoverished in Al), as
it is detailed elsewhere for other nanocrystalline systems.
Average grain size was estimated using Scherrer’s formula.
The bulk samples had a surface smaller than the illuminated area by the X-ray beam.
Therefore, special care was taken for positioning the samples. Before the deconvolution procedure
was applied, background was subtracted using the registered XRD pattern of the empty holder,
specially designed to match the shape of the bulk samples.
The volume fraction of the residual amorphous phase in a two-phase material was
determined with the help of “Peak fitting” extension of the Origin software by decomposing the
strongest diffraction line in amorphous (Gauss type) and crystalline (semi-Voigt) contributions.
The ratio of the two areas is taken equal to the ratio of the corresponding volume fractions, while
the sum of them is equal to unity.
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Further investigations by means of Scanning Electron Microscopy (SEM) and TEM
enabled to visualize the microstructure and to check the size and the dispersion of the nano-grains.
3.3.3. Measurement of mechanical properties
Hardness measurements
Because of the very limited size of the bulk samples obtained, mechanical properties were
estimated in terms of microhardness only. Vicker’s microhardness was measured using a FutureTech 700 hardness tester at a load of 50 or 100 g in the case of the ribbon samples. To improve the
statistics of the results, 10 measurements (5 measurements on each top and bottom surfaces) were
performed on all tested melt-spun and bulk samples.
3.4. Samples prepared for the present thesis
The samples have been prepared in the Metallurgical Lab of RISSPO with the assistance of
the author. The majority of the samples has been obtained by melt spinning (see Table 3.1) under
protecting Ar atmosphere and some compositions with high GFA have been prepared by gasatomization method (see Table 3.2).
I used the Bruker D8 Advance X-ray diffractometer of RISSPO for the identification of the
amorphous structure and the crystallized phases. The majority of the DSC and DTA measurements
were carried out by me at the Technical University of Warsaw within the EU project,
“Manufacture and Characterization of Nanostructured Al alloys” – under Research Training
Network, FP5, contract HPRN-CT2000-00038. I have measured a small number of samples by the
home-built DSC device of P. Kamasa at RISSPO. I have performed the Vickers hardness and
dilatometer (Linseis L-75) measurements at the Transylvania University of Brasov, Romania,
within an exchange program between the Hungarian and Romanian Academies. The Mössbauer
data have been obtained by acollaboration with Indore University (India).
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3.4.1. Al-based amorphous ribbon samples prepared by melt spinning
Table 3.1. List of the Al-based amorphous ribbons prepared for the present work
Composition

Form
XRD
Binaries
Al92Y8
good ribbon
Am
Al90Y10
good ribbon
Am
Al88Y12
good ribbon
Am+Cr
Al92Ce8
good ribbon
Am
Al90Ce10
good ribbon
Am
Al92U8
good ribbon
Am
Al90U10
good ribbon
Am
Al90Pd10
ribbon pieces
Am+Cr
Al95.5Cr14.5
flakes
Am+Cr
Al90Mo10
flakes
Am+Cr
Al90W10
flakes
Am+Cr
Al90V10
flakes
Am+Cr
Al90Nb10
ribbon pieces
Am+Cr
Al90Zr10
ribbon pieces
Am+Cr
Ternaries at the edge of GFA
Al92Ni4Ce4
good ribbon
Am
Al90Ni4Ce6
good ribbon
Am+Cr
Al90Ni5Y5
ribbon pieces
Am+Cr
Al90Ni5Ce5
good ribbon
Am+Cr
Al90Ni5U5
good ribbon
Cr
Al90Ni5Ti5
good ribbon
Cr
Al90Ni5Zr5
ribbon pieces
Cr
Al90Ni5Hf5
ribbon pieces
Am+Cr
Al90Ni5V5
ribbon pieces
Am+Cr
Al90Ni5Nb5
ribbon pieces
Cr
Al90Ni5Ta5
ribbon pieces
Cr
Al88Ni10Cu2
ribbon pieces
Cr
Al88Ni10Co2
ribbon pieces
Cr
Al88Ni10Fe2
ribbon pieces
Cr

Composition
Form
Al88Ni10Mn2
ribbon pieces
Al88Ni10Cr2
ribbon pieces
Al88Ni10V2
ribbon pieces
Al88Ni10Ti2
ribbon pieces
Al88Ni10Y2
ribbon pieces
Al88Ni10U2
good ribon
Al89Mg3Mm8
good ribon
Al87Mg5Mm8
good ribbon
Al87Mg7Mm6
good ribbon
Influence of metalloids
Al85Fe7.5Mm7.5
ribbon
Al83Fe7.5Mm7.5B2
ribbon
Al83Fe7.5Mm7.5C2
ribbon
Al81Fe7.5Mm7.5B4
ribbon
Al79Fe7.5Mm7.5B6
ribbon
Multicomponent Al-LTM

XRD
Cr
Cr
Cr
Am?+Cr
Am?+Cr
Am
Am
Am +Cr
Am+Cr

Al88Co4Ni4Cu4
ribbon
Al85Co5Ni5Cu5
ribbon pieces
Al85Cr3Mn3Fe3Co3Ni3 ribbon pieces
Al85Cr2.5Mn2.5Fe2.5Co2 ribbon pieces
.5Ni2.5Cu2.5
Quaternaries with RE
Al90Ni8Ce1Fe1
good ribbon
Al85Ce5Ni8Co2
good ribbon
Al85Y5Ni8Co2
good ribbon
Al85Ce8Ni5Co2
good ribbon
Al85Y8Ni5Co2
good ribbon
Al-Si based
Al79Si10Ni9Ti2
good ribbon

Cr
Cr
Cr
Cr

Am+Cr
Am+Cr
Am+Cr
Am+Cr
Am+Cr

Am+Cr
Am
Am
Am
Am
Am

3.4.2. Al-based compositions prepared by gas atomization:
Al88Mm5Ni5Co2

powder

Am+cr

Al85Mm8Ni5Co2

powder

Am+cr
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4. Results and Discussions
4.1. GFA and novel Al-based alloys [Based on S1, S2, S3, S4, S5 ]
Although the theoretical and experimental investigations of GFA has made substantial
advances in the last 20 years, not even at the present days can it be regarded a closed chapter in the
materials physics. Many criteria of GFA have been put forward even in the recent literature (see
the review in Chapter 2.1.3.); however, neither the range of validity, nor the connection between
them seems to be clearly established. In the practice of metallurgy, the empirical rules of Inoue
can be used only: i) the average atomic size difference expressed by Egami Waseda’s Ȝ ҏparameter
[Egami 1984] should be higher than 0.1; ii) the heat of mixing should be negative and iii) the
GFA, in general, is increasing with the number elements satisfying the former two conditions. The
most popular compositions are ternary Al100-x-yLTMxREy alloys (5<x<10, 2<y<10), where LTM
stands for late transition elements Ni, Co, Fe or a combination of them and RE stands for Y and
rare earth elements or mischmetal.
Glass-forming ability involves two aspects: the stability of the liquid structure and the
resistance to crystallization. The former is related to the thermodynamic factors, and the latter to
the kinetic factors. Owing to the difficulties in measuring thermodynamic parameters directly from
the liquid state, most indicators of GFA involve parameters measured or calculated from the solid
state, as it was reviewed in Chapter 2.1.3. As there is still much to learn about the liquid structure,
no strictly deduced theoretical factors for GFA are available yet, and most indicators currently
used are only phenomenological.
It is our conjecture that one single indicator cannot be used to predict GFA. Therefore, the
combination of multiple indicators may be a more effective way to evaluate GFA.
4.1.1. New criteria based on combination of heat of mixing versus atomic mismatch
The most straightforward combination seems to be to quantify Inoue’s empirical rules for
the Al–based amorphous alloys, by displaying the heat of mixing (ǻH) as a function of atomic
mismatch Ȝ (or į). For this purpose we have used the Miedema ǻHAB

parameters collected in

Chapter 2.1.3. and the tabulated atomic radii (both metallic and empirical, see Table 4.1.1.)
The calculations have been made on more than 30 compositions which have been prepared
for this thesis and on some of the most representative amorphous compositions found in the
literature and repeatedly prepared for this thesis (see Table 4.1.2). For calculations the formulas
and data from Chapter 2.1.3 have been used. Such calculations can be done before the preparation
of a given composition, just on the basis of tabulated quantities.
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Table 4.1.1. Radii of the elements (All the data are in picometers (pm)) used in Al-based amorphous alloy
compositions [Pauling 1945].
Symbol

Name

Al
Si
Sc
Ti
V
Cr
Mn
Fe
Co
Ni
Cu
Y
Nb
Mo
Sb
La
Ce
Hf
Ta
W
U

aluminum
silicon
scandium
titanium
vanadium
chromium
manganese
iron
cobalt
nickel
copper
yttrium
niobium
molybdenum
antimony
lanthanum
cerium
hafnium
tantalum
tungsten
uranium

Empirical
radii
125
110
160
140
135
140
140
140
135
135
135
180
145
145
145
195
185
155
145
135
175

Metallic
radii
143
162
147
134
128
127
126
125
124
128
180
146
139
187
181,8
159
146
139
156

Table 4.1.2 Heat of mixing and atomic mismatch parameters for the compositions prepared for this thesis. Data with
novel elements, first published in the literature, are in italic.
Composition
Al92Y8
Al90Y10
Al88Y12
Al92Ce8
Al90Ce10
Al92U8
Al90U10
Al90Pd10
Al95.5Cr14.5
Al90Mo10
Al90W10
Al90V10
Al90Nb10
Al90Zr10
Al92Ni4Ce4
Al90Ni4Ce6
Al90Ni5Y5
Al90Ni5Ce5
Al90Ni5U5
Al90Ni5Ti5
Al90Ni5Zr5
Al90Ni5Hf5

Form

XRD
Ȝ
Binaries
good ribbon
Am
0,08
good ribbon
Am
0,1
good ribbon
Am+cr
0,12
good ribbon
Am
0,09
good ribbon
Am
0,12
good ribbon
Am
0,06
good ribbon
Am
0,08
ribbon pieces
Am+cr
0,01
flakes
Am+cr
0,041
flakes
Am+cr
0,0089
flakes
Am+cr
0,0074
flakes
Am+cr
0,018
ribbon pieces
Am+cr
0,0056
ribbon pieces
Am+cr
0,04
Ternaries at the edge of GFA
good ribbon
Am
0.05
good ribbon
Am+cr
0.07
ribbon pieces
Am+cr
0,03
good ribbon
Am+cr
0,04
good ribbon
cr
0,03
good ribbon
cr
0,016
ribbon pieces
cr
0,035
ribbon pieces
Am+cr
0,03

į*100

ǻH(kJ/mol)

6,87
7,56
8,16
7,9
7,92
2.45
2,7
1,26
3,75
0,842
0,842
1,9
6,28
3,525

-11,187
-13,68
-16,05
-11,19
13,68
8,832
-10,8
-16,56
-4,959
-3,65
-0,72
-5,76
-6,48
-15,84

5.9
6,9
6,4
6,6
3,6
3
4
3,79

-9,01
-11,65
-11.11
-11.08
-9,65
-9,71
-12,37
-11,4
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Composition
Al90Ni5V5
Al90Ni5Nb5
Al90Ni5Ta5
Al88Ni10Cu2
Al88Ni10Co2
Al88Ni10Fe2
Al88Ni10Mn2
Al88Ni10Cr2
Al88Ni10V2
Al88Ni10Ti2
Al88Ni10Y2
Al88Ni10U2
Al89Mg3Mm8
Al87Mg5Mm8
Al87Mg7Mm6
Al85Nb6Ni9
Al85Ta6Ni9
Al88Co4Ni4Cu4
Al85Co5Ni5Cu5
Al85Cr3Mn3Fe3Co3Ni3
Al85Cr2.5Mn2.5Fe2.5Co2.5
Ni2.5Cu2.5
Al90Ni8Ce1Fe1
Al85Ce5Ni8Co2
Al85Y5Ni8Co2
Al85U5Ni8Co2
Al85Ce8Ni5Co2
Al85Y8Ni5Co2
Al85U8Ni5Co2
Al88Y7Fe5
Al88Y7Fe4Sb1
Al79Si10Ni9Ti2

Form
XRD
ribbon pieces
Am+cr
ribbon pieces
cr
ribbon pieces
cr
ribbon pieces
cr
ribbon pieces
cr
ribbon pieces
cr
ribbon pieces
cr
ribbon pieces
cr
ribbon pieces
cr
ribbon pieces
Am?+cr
ribbon pieces
Am?+cr
good ribbon
Am
good ribbon
Am
good ribbon
Am +cr
good ribbon
Am+cr
good ribbon
Am
good ribbon
Am
Multicomponent Al-LTM
ribbon
cr
ribbon pieces
cr
ribbon pieces
cr
Multicomponent Al-LTM
ribbon pieces
cr
Quaternaries with RE
good ribbon
Am+cr
good ribbon
Am
good ribbon
Am
good ribbon
Am
good ribbon
Am
good ribbon
Am
good ribbon
Am
good ribbon
Am
good ribbon
Am
Al-Si based
good ribbon
Am

Ȝ
0,02
0,04
0,035
0,036
0,036
0,036
0,036
0,036
0,034
0,032
0,05
0,03
0,084
0,0869
0,0702
0,0151
0,0151

į*100
3,11
3
2,95
4,25
4,35
4,31
4,31
4,25
4,08
4,06
5,55
4,29
7,35
7,43
6,76
0,04
0,04

ǻH(kJ/mol)
-7,02
-7,5
-7,67
-7,7824
-9,0816
-8,5344
-9,1456
-8,504
-9,0144
-10,136
-10,6672
-10,088
-2,572
-2,9048
-2,5872
-11,052
-11,234

0,03
0,05
0,05

4,02
4,43
4,3

-5,85
-7,04
-8,42

0,048

4,2

-6,94

0,02
0,017
0,016
0,049
0,058
0,056
0,048
0.085
0,073

4,7
7,35
7,1
4,5
8,22
7,9
4.3
7,15
7,08

-8,19
-4,236
-14,32
-12,932
-15,90
-16,005
-13,8032
-11,3132
-11,0272

0,09

7.85

-16,377

The ǻH versus Ȝ diagram is shown in Fig. 4.1.1. The atomic mismatch is calculated as a
mean square deviation, į, as well, in order to compare the Al-based alloys with the literature data
published on various other metallic glasses (see Fig. 4.1.2.a and Fig. 4.1.2.b).
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Figure 4.1.1.Mixing enthalpy versus atomic mismatch expressed by the Egami-Waseda Ȝ parameter.
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Figure 4.1.2. Mixing enthalpy versus atomic mismatch (expressed by mean square deviation of atomic radii, į).

Perusal of Fig. 4.1.1 and 4.1.2 shows that the best separation of the amorphous and
crystalline regions can be obtained using the Egami–Waseda parameter (deviation of atomic
volumes), Ȝ, based on metallic radii. Using the metallic radii, however, the Ȝ parameter is smaller
than the theoretically expected 0.1 value. This is why the atomic mismatch parameters have been
calculated with the so-called empirical or Slater type atomic radii as well, which represent the
distance from the centre of the nucleus to the outermost shell of a freestanding atom. Using the
empirical atomic radii, the Ȝ parameter becomes larger than 0.1 but the overlap of the amorphous
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and crystalline compositions is larger and specially the novel amorphous compositions of this
thesis lye in the crystalline region instead in the amorphous one.
Concerning the į parameter for the atomic mismatch, which represent the deviation of
atomic radii, the overlap between the crystalline and amorphous compositions is even more
accentuated, especially for the new compositions, regardless of the type of atomic radii used for
calculations.
Comparing these representations in Fig. 4.1.1 and 4.1.2 , it turns out that the Ȝ parameter
gives the best separation between the amorphous and crystalline compositions. The range of
variation for this į parameter is rather limited for Al-based alloys when compared with the
collected data for bulk amorphous alloy data represented in Fig. 4.1.3. [Zhang 2008].

Figure 4.1.3. Mixing enthalpy versus atomic mismatch diagram for non-Al-based alloys. The region for bulk
amorphous glasses (B1 and B2) can be distinguised from the compound-forming alloys (C) and crystalline solid
solution alloys (S) [Zhang 2008].

It is worth mentioning that although the Egami-Waseda criterion (calculated with metallic
radii) is not fulfilled for a number of Al-based amorphous alloys, the Ȝ parameter proved to be
useful in dividing the Al-based amorphous alloys in two categories: those with Ȝ < 0.1 show a
low-temperature pre-peak where an fcc–Al phase precipitates in the form of nanosized particles
and those with Ȝ > 0.1 which show a glass transition before the main crystallization peak [Inoue
1998a]. These latter alloys are called metallic glass.
It is expected that ǻHmix should be between certain limits: for small ǻHmix values, a solid
solution is expected while for large values, an intermetallic compound forms instead of an
amorphous phase.
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Based on the data represented in Fig. 4.1.2.a., it can be stated that for Al-based amorphous
compositions ǻHmix is between -9 and -20 kJ/mole whereas for bulk metallic glasses (based on Fe,
Cu, Pd, etc.) ǻHmix is between -25 and -40 kJ/mole.
It turns out that the main reason for the non-existent Al-based BMG’s is that both the heat
of mixing and atomic-size mismatch are smaller for the Al-based amorphous alloys compared to
other BMG’s based on other elements. In addition, the criterion of deep eutectic is also not
fulfilled for those Al-TM and Al-ETM binary alloys where the alloying element is not soluble in
Al.
4.1.2. Adaptation of Zhang Bangwei plot for Al-based alloys
The heat of mixing depends mainly on electronegativity differences since a linear dependence was
found between them, varying the concentration of the elements within a given family of alloy (see
Fig. 4.1.4.)
0.18
0.16
0.14

Al-Y-Ni

ΔEn

0.12

Al-Ce-Ni
0.10
0.08

Al-U-Ni
0.06
8

10

12

14

16

18

− ΔH (kJ/mol)

Figure 4.1.4. The correlation of the electronegativity differences with the heat of mixing for selected Al-based
amorphous alloys prepared for this thesis (see Table 4.1.2).

This correlation, however, was found separately for each family of alloys, so the heat of mixing
can be hardly predicted on the base of Pauling electronegativity difference only.
Looking for stronger correlations, we have found the Zhang Bangwei diagram, which we have
adapted for the Al-based amorphous alloys.

The Zhang Bangwei method is based on the

assumption that the heat of mixing depends essentially on the atomic electron parameters which
can be formulated in terms of Miedema coordinates [Zhang 2000]:
- the effective chemical potential (electronegativity): ĭ*=5,5*(Z/Vm)1/3+0,65 (V),
where Z = number of electrons/atom, and Vm is the atomic volume in cm3 ;
54

Results and discussion
- the density of electrons at the boundary of the Wigner –Seitz cell (1/n1/3).
The differences in these parameters are responsible for the negative heat of mixing
between elements A and B:
ǻĭ*= ĭ*A- ĭ*B

and Δ(1 / n)1 / 3 = (1 / n1 / 3 ) A − (1 / n1 / 3 ) B .

Zhang Bangwei et al. [Zhang 2000] have introduced a new parameter Y, by using the above two
differences, in two different forms:
Y = ΔΦ / Δn1 / 3 [Zhang 1999]

(4.35)

and
Y=|10|¨ĭ|-39 |¨(1/n1/3)|-1| [Zhang 2000],

(4.36)

and correlated it with the atomic mismatch expressed as
X=|1-rX/rA| .

(4.37)

For high glass-forming ability, both the size and the electron factor should be large. When
only one parameter is large, then the production of amorphous alloy requires very high cooling
rate or it possibly fails to produce an amorphous state. We have calculated the two factors for 20
Al-based binary alloys and plotted them in Fig. 4.1.5 using the electron factors given by Eq.4.36
and Eq. 4.35, respectively. The bouderline separating the amorphous and non-amorphous regions
is given by Zhang [Zhang 1999] as:
Y = 2.52 X –1/4 .

(4.38)

50
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Figure 4.1.5. Zhang Bangwei type diagram separating the possible binary amorphous and non-amorphous alloy
combinations for Al-based alloys.
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Nevertheless, this Zhang Bangwei type diagram can be used as a guide only to find the
glass-former partners for Al-based alloys. For example, U is indicated as a non–glass former
alloying element although we have demonstrated the contrary.
Finally, planning a composition just on the bases of tabulated properties of alloying
elements can be only partially fulfilled for the Al-based alloys. After all, the formation of a
metallic glass is a non-equilibrium process, and studies in view of equilibrium theories may lead
to incorrect results. Thus, it is still a long way to develop proper indicators for GFA, which are
theoretically strict and composed of very simple and fundamental parameters.

4.1.3. Density of Al-based amorphous alloys
In order to decide what type of the atomic radii should be adopted in the case of Al-based
amorphous alloys, it is plausible to study the average atomic volume in the amorphous state.
Bakonyi [Bakonyi 2005] reported that some ETM-LTM type binary glasses such as Zr–Cu and
Ti–Cu show no deviations from the volume additivities. Ma et al. [Ma 2007] reported similar zero
excess volume of mixing for multicomponent, metalloid-free bulk metallic glasses, i.e. the original
atomic volumes of constituent elemental metals are conserved after melt quenching in amorphous
state.
Table 4.1.3 summarizes the published data of densities determined experimentally for
some Al-based amorphous alloys. Also listed are the molar volumes of glasses, Vexp calculated
using Vexp = <M>/ȡ, where <M> = ȈciAi is the averaged molar weight. The Vexp data are
compared with the molar volumes, Vcalc , calculated using the “rule of mixtures,” i.e., the sum of
atom fraction-weighted molar volumes of constituent elements in their crystalline states at room
temperature, Vcalc = ȈciVi , where i denotes the ith element, ci the atomic fraction, and Vi the molar
volume of the ith element in its crystalline state at room temperature (taken from the periodic
table). The atomic volume in ǖ3 can be readily calculated from the molar volume as [see Bakonyi
2005]:
V atomic (ǖ3/atom) = 1.66· V mol (cm3/mol).
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Table 4.1.3. Collected density (d) and experimental molar volumes (Vexp). Calculated molar volumes (Vcalc) using rule
of mixtures and packing factor (Ș) derived from metallic radii and Vcalc.
Composition

Ref.

d exp
g/cm

V exp
cm3/m
ol
11.53

Ș
calc
0.70

Al90Y10

[Olivier
1986]

2.87

V calc
cm3/m
ol
10.98

Al46Y54

[Olivier
1986]

3.97

15.33

15.11

0.72

Al40Y60

[Olivier
1986]

3.99

15.93

15.95

0.71

Al37.5Y62.5

[Olivier
1986]

4.02

16.17

16.21

0.71

Al35Y65

[Olivier
1986]

4.06

16.42

16.43

0.71

Al33.3Y66.7

[Olivier
1986]

4.17

16.58

16.24

0.72

Al32Y68

[Olivier
1986]

4.11

16.71

16.67

0.70

Al29.5Y70.5

[Olivier
1986]

4.16

16.96

16.84

0.71

Al27.4Y72.6

[Olivier
1986]

4.25

17.17

16.78

0.72

Al25Y75

[Olivier
1986]

4.25

17.41

17.135

0.71

Al22.5Y87.5

[Olivier
1986]

4.26

17.65

17.45

0.71

Al20Y80

[Olivier
1986]

4.27

17.90

17.77

0.71

Al72Cu15V10Mo1Si2

[Chen 1991]

3.70

9.52

9.33

0.75

Al80Cu10Ni8Mo2

[Chen 1991]

3.60

9.433

9.88

0.74

(Al0.84Y0.09Ni0.05Co0.02)95 Sc5

[Inoue 2004]

3.39

10.86

10.408

0.70

(Al0.85Y0.08Ni0.05Co0.02)95Sc5

[Inoue 2004]

3.28

10.77

10.57

0.74

Al87Y8Ni5

[Inoue 1998]

3.09

10.61

10.82

0.72

Ca70Mg5Al25

[Mizutani
1987]

1.645

21.29

21.89

0.72

Ca70Mg0Al30

[Mizutani
1987]

1.676

21.09

21.56

0.72

3

The data have been collected from: [Olivier 1986, Inoue 2004, Inoue 1998, Mizutani 1987, Chen
1991].
The Vexp versus Vcalc data are presented in Fig. 4.1.6. All the data are very near to the first
bisectrix, which indicates that the original atomic volumes (and atomic radii) are conserved in Albased amorphous alloys, similarly to the metalloid-free bulk metallic glasses.
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Figure 4.1.6. Experimental and calculated average molar volumes for Al-based amorphous alloys.

The packing factor was calculated by using the definition: averaged atomic volume of hard
spheres over the average atomic volume:
η=

4π R 3
,
3 V

where R 3 = ¦ c i R 3i and V = ¦ c i Vi .
i

The packing factors calculated with metallic radii and collected in Table 4.1.3. are all
around 0.74 which value is characteristic for dense random packing. It is worth mentioning that
the packing factors for crystalline structures are 0.74, 0.74, 0.68, and 0.52 for fcc, hcp, bcc and sc
structures, respectively. Such an almost constant and plausible packing factor can not be obtained
by using the empirical (Slater) radii; consequently, we should adopt the metallic (Goldschmidt)
radii for Al–based alloys.

4.1.4. Hardness of amorphous alloys
For a restricted family of amorphous alloys, like the Al–based amorphous alloys having
Al-content above 80 at.%, the GFA tendency can be measured by the stability against the
crystallization as it is expressed by the thermodynamical criteria presented in chapter 2.1.3. The
thermal stability and the mechanical strength are both determined by the bond strength which in
metallic alloys is strongly dependent on the electron per atomnumber, e/a, in the given alloy. This
is why a correlation is expected between the microhardness and crystallization temperatures for
Al-based amorphous alloys in a wide composition range. In this way, the GFA can be measured
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by the value of the microhardness as well. In the following, we combine our data with the
literature data and the observed correlation will be used for designing new high temperature Albased amorphous alloys.
In the case of Al-based amorphous alloys, apparently little attention has been paid to the
importance of the electronic structure governed by the average valence electron number per atom,
z. Nagel and Tauc [Nagel 1975] while studying the Pd-based metallic glasses advanced the idea
that the maximal stability of an amorphous structure is connected to the number of the valence
electrons through the condition 2kF= qp, where kF is the wave vector at the Fermi level and qp =
4ʌsinș/Ȝ, the location of the first peak in the structure factor. kF can be calculated in the freeelectron approximation as kF = (3ʌ2n)1/3, where the free-electron density, n, can be calculated as n
= z·d·NA/<A>, where d is the density, <A> is the average atomic weight and NA is the Avogadro
number.
The average valence electron number can be varied through the alloy composition and in
this way the condition for glass forming ability can be met.
The mechanical properties (such as hardness and yield stress) are expected to show also a
monoton variation with the number of outer electrons, e/a, as a consequence of the single phase
nature of amorphous state. This relationship was demonstrated first for the transition metal–
metalloid type glasses [Donald 1980]. A similar systematic collection of the data as a function of
outer electron number per atom is missing yet in the literature for the Al-based alloys.
Here we discuss the results of a systematic investigation of the effect of a wide range of
alloying additions from periods 3, 4, 5 and 6 on the thermal stability and hardness of Al-based
metallic glasses containing RE elements. In addition, we discuss the effect of various RE elements
and their concentration on the formation and stability of Al-based alloys.
There are many definitions of the valence electrons in the case of metals, especially in the
case of transition metals. One of them considers all the outer electrons including the s, p, d and f
electrons. e/a is the average outer (f + d + s) electron number:
e/a = 3*XAl + (3d+4s)XTM + (f+d+s) XRE .
Another possibility is to take into account the definition of Pauling for the valence
electrons as they are bound in the crystalline state as it was used by the group of Inoue [Fukuhara
2007 and Fukuhara 2009] establishing an electronic rule for the formation of glassy alloys (Tg
versus VEC, valence electron concentration).
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Finally, the third possibility is to use the „bonding valence“ to describe how many
electrons does a given atom contribute to the Fermi sea. The bonding valence ZB is defined with
the help of the average electron density, n, at the boundary of the real–space Wigner–Seitz cell
that surrounds each atom as ZB = nȍ, where ȍ is the volume per atom in the elemental metal.
Rose and Shore [Rose 1991] estimated these densities from first-principle muffin–tin density
functional calculations. These three types of valences of the metals for the Al-based alloys are
tabulated in Table 4.1.4:
Table 4.1.4. Valencies of the elements used for preparation of Al-based amorphous alloys.
Element
Al

e/a
3

VEC
3.0

ZB
2.76

Zn

2

-

2.40

Cu

11

5.8

2.57

Ni

10

6.2

2.83

Co

9

6.1

3.09

Fe

8

6.1

3.32

Mn

7

6.0

3.41

Cr
V

6
5

6.0
5.0

3.53
3.45

Ti

4

4.0

3.20

Element

e/a

VEC

ZB

Sc
Ca
Mg

3
2
2

3.0
2.1

2.85
2.22
2.08

Y
Zr
Nb

3
4
5

3.0
4.5
5.4

3.21
3.75
4.14

Mo
La
Hf
Ta
W

6
3
18
19
20

6.1
3.0
4.6
5.5
6.3

4.42
3.50
3.97
4.51
4.79

Before collecting and comparing hardness data, we were performing some maximal load–
to–hardness measurements on Al-based glassy alloys having different thickness in the range 10-40
ȝm. Micro-hardness of such thin ribbons can be measured on the surface of the ribbon or in the
cross section after mounting in epoxy, grinding and polishing. The Pmax versus HV relations have
to be determined for both cases. As a rule for hardness measurements, the diameter of the
indentation should be less then 7/10 of the thickness, D< (7/10)t, for surface measurements and
D< (1/5) t for indentations applied in the cross section.
Based on the above correlations, we adopt Pmax = 20 g ( or 10 g) for all the HV0.01-0,02
measurements. The RE-, U-, and Ta- containing amorphous ribbons were prepared for this work
and the Zr- and Fe-, Co- and Ni- containing amorphous alloys have been collected from the papers
of Inoue's group concerning the GFA of Al-Zr-LTM alloys [Wang 2002, Inoue 1998].
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Figure 4.1.7. Vickers hardness for Al-based amorphous alloys as a function of : a) total valence electron, e/a, b)
Pauling valency, VEC,; c) bond valency, zB The data are own collection from the literature in addition to our
measurements on own compositions.

The best correlation has been obtained for the Pauling type valence and for the total e/a
electron numbers. Even more interesting is to join up these data obtained for Al-based alloys with
the data obtained for other metallic glasses and single-phase high entropy alloys (HEA). In Fig.
4.1.8, a maximum can be observed around e/a = 6 ÷ 6.5 and VEC = 4.5, respectively, which
denotes the highest strength and thermal stability. The scatter of the data can be understood by
taking into account the different sources of the data. Nevertheless, there is no doubt about the
tendency towards a maximum.
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Figure 4.1.9. Correlation of crystallization temperature and hardness for Al–based amorphous alloys. The data are
own collection from the literature in addition to our measurements on own compositions.

It is even more important the correlation we have found between the crystallization
temperature and hardness values for the Al-base amorphous alloys. In Fig. 4.1.9, the collected data
from the literature and our own data are represented. The correlation R = 0.94 is fairly good and
denotes that the hardness can be taken as a measure for GFA of alloys with high temperature
stability. Compositions with the largest e/a (or VEC) should be considered as a receipt for
preparing Al-based amorphous alloys with high GFA.
In this chapter, we have presented an approach to estimate the GFA just using tabulated
data of the elements only. This can be used for designing amorphous alloys before any
experimental action.
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4.1.5. Novel alloy compositions
The empirical rules of Inoue can be interpreted as a kind of anti - Hume Rothery rules,
demanding compositions where the constituents are immiscible in each other but form
intermetallic compounds. The immiscibility criterion is easy to satisfy for Al-based alloys because
there are only 8 elements with solid solubility in Al higher than 1 at %: Li, Mg, Cu, Ag, Zn, Ga,
Ge and Si ( see Table 4.1.5.)
Table 4.1.5. Al-based binary alloys with higher than 1 at.% solid solubility [Okajima 1975].
Solute
element
Ag
Cu
Ga
Ge
Li
Mg
Si
Sn
Zn

Liquid solubility in
at.%
60.9
17.39
97.2
29.5
30
37.34
12.16
97.83
88.7

Solid solubility in
at.%
23.8
2.48
8.82
2.3
13.9
16.26
1.59
<0.02
66.4

The tendency to form intermetallic compound must be diminished by dilution, i.e. starting
from high proportion of solvent Al, which is the present case of searching for ductile Al-based
amorphous alloys. Solute elements with large heat of mixing form stable compounds at the low
melting temperature of Al and will be not dissolved completely in the melt, preventing the
formation of binary amorphous ribbon by melt quenching. This is the case in general, with the AlETM alloys. The RE elements are dissolved in the melt up to 12-14 at.% RE concentration, so
binary amorphous alloys can be prepared by melt quenching. Adding late transition elements
(LTM) to the Al-ETM alloys, the competing tendency of forming ETM-LTM compounds prevents
the precipitation of stable Al-ETM or Al-LTM compounds, the alloying elements are well
dissolved in the melt, consequently the preparation of amorphous alloys by melt quenching is
much easier for these ternary alloys.
It is an old observation dating back to the good glass-forming ability of Cu-Zr and Ni-Zr
systems that the higher the number of intermetallic compounds in the phase diagram, the higher
the GFA is. This observation suggests that each compound would form an embryonic short range
order complementing the atomic size mismatch with the confusion due to the many possible SRO.
This is why one would expect that adding a new element to an amorphous composition would
enhance the GFA. Adding a new element, however, does not always increases the GFA. We have
found experimentally that adding elements with high heat of mixing with Al will prevent the
preparation of fully amorphous ribbons, as it is shown in the following chapter.
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4.1.5./A. Detrimental effect of Sb addition on GFA
An example for this is the well-known AlFeY metallic glass [Inoue 1998] to which we
have added intentionally Sb. The motivation for choosing Sb was that it is known as an additive to
refine the structure of Al-based polycrystalline alloys [Wang 2006]. It forms a thermally stable
grain-boundary phase (Al50Sb50) which increases the yield strength. Recently, it was reported
[Brand 1987] that the addition of a small amount (< 1 at.%) of early transition elements (Ti and V
) to the Al88Y7Fe5 metallic glass [Mukhopadhyay 2007] improves its glass forming ability by
suppressing the primary precipitation of nano-Al at about 280 oC. Replacing 1 at.% Sb for Fe, in
contrast with the effect of Ti and V, does not help the GFA and causes the precipitation of the
stable Al-Sb compound.
The rapidly solidified Al-Y-Fe-(Sb) alloys have been studied using x-ray diffraction
(XRD) and Mössbauer spectroscopy.
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Al6 Fe
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Figure 4.1.10. Detrimental effect of Sb on glass forming ability of Al88Fe5Y7 glass.

Fully amorphous state could be obtained only in a special casting experiment where 60 m/s
peripheral velocity (v) of the copper wheel was used. In sample number (3): Al93Fe5Sb2 ,without
the glass former Y element, the Al6Fe is also precipitating beside the Al and AlSb phases (see Fig.
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Figure 4.1.11. Mössbauer spectra and the corresponding quadrupole distribution of the studied samples.
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Figure 4.1.11 shows the Mössbauer spectra and the corresponding quadrupole distribution
of the studied samples. Table 4.1.6 depicts the hyperfine parameters: I. S. – Isomer shift (with
respect to α-Fe), Q.S. – Quadrupole splitting and the Area % - area fraction of the doublet.
Mössbauer spectra of the studied specimens are fitted well with two quadruple doublets (see
Fig.4.1.11 exhibiting noticeable differences in the obtained hyperfine parameters (see Table 4.1.6.)
Table 4.1.6. Hyperfine parameters of the studied samples.
Alloy
Al88Fe5Y7
Al88Fe4Y7Sb1
Al88Fe5Sb2

I. S. (mm/s) Q. S. (mm/s)

Area (%)

0.206

0.277

41.74

0.192

0.379

58.26

0.173

0.261

25.35

0.136

0.328

74.64

0.146

0.279

58.37

0.253

0.374

41.63

In each of the studied specimens, the presence of two components in the Mössbauer
spectra very clearly shows two different environments around Fe atoms, exhibiting different
values of isomer shift and quadrupole splitting. Perusal of Table 4.1.6 shows that Sb-addition
affects the quadrupole splitting values of component 1 and 2, inducing more disorder with the
increase of Sb addition. The quadrupole splitting (a measure of disorder in the specimen) changes
appreciably in the studied specimens, exhibiting higher disorder in component 2 as compared with
component 1 which gets affected with Sb addition. It is worth noting that the sample without Sb
(sample 1) shows higher disorder than the Y- and Sb- containing one (sample 2). The precipitation
of AlSb compound during casting reduces the disorder in the specimen.
The results suggest that in the studied samples the iron is not thoroughly in supersaturated
solid solution. The local environment of Fe atoms partly resembles that of Al6Fe clusters, similarly
to the Y-free, rapidly quenched Al-Fe crystalline alloys [Boucharat 2004, Foley 1996].
In order to characterize the mechanical behavior, Vickers microhardness was determined
on the as-quenched ribbons 1 and 2 by using 10 g load. Values of 293 and 344 ±10 kg/mm2 values
were obtained for sample 1 and 2, respectively. To estimate the ultimate fracture strength (ı) from
microhardness results, the generally accepted relation HV = 3 ı was used. The obtained ı values
were 976 and 1146 MPa for sample 1 and 2, respectively. So, as expected, ı was estimated to be
higher for the sample containing AlSb precipitates.
As a conclusion, we have shown that the addition of Sb affects adversely the GFA in the
Al88Fe5Y7, Al88Fe4Y7Sb1 and Al93Fe5Sb2 alloy series, but increases its mechanical strength. The
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X-ray amorphous Al88Fe5Y7 alloy shows a short-range order resembling the Al6Fe compound as it
can be judged from the Mössbauer data.
4.1.5. /B. Replacement of lanthanides with actinides: Al-U-LTM amorphous alloys
Replacement of RE element with uranium looks like a natural extension of the widely used
literature composition based on RE elements. First, we have compared the GFA of the III. B
elements in the Al90Ni5X5 series where X = Sc, Y, Ce and U. This series of alloys with high Alcontent series is at the limit of GFA and U proved to be the best glass-forming element between
them (see Fig 4.1.12)
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Figure 4.1.12. Comparing the GFA of III. B elements through XRD patterns.

We have prepared, first in the literature, Al100-xUx and Al100-x –yNix Uy type glassy alloys by
melt spinning. The 3 mm wide and 25 μm thick ribbons were cast under Ar atmosphere. The
peripheral velocity of the wheel was 40 m/s. The amorphous state was checked by X-ray
diffraction using Cu Kαҏ radiation. We have obtained fully glassy states for binary alloys with x =
8 and for ternary alloys with (x = 5, y = 5) and (x = 10, y = 2). Quaternary alloys Al85Y5Ni8Co2
and Al85U8Ni5Co2 without low-temperature DSC pre-peak (below 300 oC) have been also
prepared. The crystallization kinetics was examined by differential scanning calorimetry (DSC) in
continuous scanning mode (see Fig.4.1.14). The results are summarized in the Table 4.1.7.
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Figure 4.1.14. DSC diagrams for the U based as-cast samples.

Table 4.1.7. DSC and GFA parameters.

The GFA for the Al-U-based alloys is discussed in terms of the following criteria:
i) The atomic size mismatch was calculated by using the following metallic radii 1.43;
1.56; 1.24 and 1.25 for Al, U, Ni and Co, respectively. The criteria of Egami and Waseda (see
chapter 2.1.1) would be satisfied for λ > 0.1.
ii) The atomic fraction of the elements is represented in Miracle plot as a function of the
relativ atomic volume in Fig. 4.1.15. An amorphous state is expected above the critical
concentration: Ccr = 0.1/abs(Vx-VAl/VAl). Except the binary alloys, much higher concentrations of
smaller or larger atoms would be required to produce a topological instability in these
multicomponent Al-based alloys.
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Figure 4.1.15. Miracle plot for the new Al-U- based alloys.

iii) In the absence of Tg for the Al-U-based alloys, the γ parameter of Lu and Liu [Lu 2002] is
defined as Ȗ = Tx/(Tx+Tm). For good GFA γ > 0.33, which is equivalent to Tx >

Tm
, where Tm is
2

the melting temperature. This condition is fulfilled for all the Al-U-based alloys.
iv) a similar but somewhat stronger condition is that of Mondal and Murty [Mondal 2005], Tx >
Tl/2, where TƐ is the liquidus temperature. This condition is also fulfilled for all the Al-U based
alloys.
v) The parameter σ of Park and Kim [Park 2005] combines the fractional depression of TƐ, ΔT,
and the effective atomic mismatch of each solute atom, Ȝ’ as σ = ΔT· Ȝ’ (see eqs.2.17 and 2.22).
The values for σ given in Table 4.1.7 are all well below the good GFA limit of 0.1.
vi) The Zhang Bangwei diagram (see Fig. 4.1.5) combines the Miedema parameters with the
atomic mismatch. The Al-U alloy is situated in the non-amorphous region.
As a conclusion, we can state that except criteria iii) and iv) all the GFA criteria predict
that uranium is not a good glass-forming element for the Al-based alloys. Nevertheless, the
uranium element forms stable binary, ternary and quaternary Al-based metallic glasses in
accordance with the general trend of the Al-based amorphous alloys expressed in diagram 4.1.1
where the U-based alloys fit well between the RE-based alloys as far the heat of mixing and the
value of the atomic mismatch is concerned.
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4.1.5. /C. Replacement of lanthanides with refractory elements: Al-Ta(Nb)-LTM amorphous
alloys
The consolidation of Al-based amorphous alloy flakes or powder needs hot isostatic
pressure or hot extrusion which should be carried out much below the crystallization temperature
in order to prevent the devitrification during the compaction. Thus, it was of interest to search for
compositions rich in Al with good GFA and with relatively high Tx values. A study of promising
ternary compositions was undertaken, comprising refractory elements like Ta and Nb. Such
refractory Al-based amorphous alloys have been prepared so far as thin films or layers only, like
Al82W18 to Al62W38 alloys with Tx ranging from 800 K to 920 K [Inoue 1998].
Owing to the very large difference between the melting points of refractory elements
(Tm =3293 K for tantalum, 2742 K for Nb and 933 K for aluminum), the alloying of such
incompatible elements by inductive melting may present considerable problems. These difficulties
may be overcome by inserting a third element, like nickel which has a negative heat of mixing
with both Al and Ta and has an intermediate melting point between Ta and Al. First, Ni64Ta36 (Tm
~ 1350 oC) and Ni60Nb40 (Tm ~ 1175 oC) eutectic compositions were prepared and the final
compositions (Al85Ni9Ta6 and Al85Ni9Nb6) were achieved by adding a proper amount of Al and Ni
to the eutectic Ni-Ta(Nb) compositions. These refractory elements were found to be good glass
formers and can substitute the rare earth metals in the usual Al-RE-Ni compositions. The very
limited solubility in Al (less then 0.04 at% for Ta and less then 0.01 at% for Nb [Kawazoe 1996])
and the large heat of mixing of the compounds Al3Ta and Al3Nb may account for the good GFA.
As the properties of the two refractory amorphous alloys are similar, in the following we present
details on the Ta-containing alloy only.
The important low-q region (2.1<q<3.8) for the amorphous structure is included in the
representative XRD pattern shown in Fig. 4.1.16. This pattern is characteristic for an amorphous
structure.
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Figure 4.1.16. XRD patterns of amorphous Al85Ni9Ta6 and after annealing at 400 oC for 30 min.

The first broad peak is centred around 2ș = 40o. The peak maximum at 2ș = 40o
correspond to qmax = 4ʌsin ș /Ȝ = 2.67 Å-1. When converting this into a principal interatomic
distance d by use of the Ehrenfest relation: qmax .d = 7.7 , we get d ~ 2.8 Å, equal to the
12–coordinated elemental Al-Al distance which dominates the diffraction pattern. This
coincidence between the distances in the amorphous and crystalline states may be fortuitous
because the Ehrenfest constant in an amorphous structure may range from 7.6 to 8.
The DSC scans taken at heating rates of 10, 20 and 40 K/min are shown in Fig. 4.1.17. The
higher resistance to crystallization of the Ta-containing glass compared to the RE-containing
glasses is their most significant feature. The crystallization temperature Tx for Al85Ni9Ta6 is 400oC
(for ȕ = 20 K/min) as compared to the low value of Tx ~ 300 oC for Al85Ce8Ni5Co2. This strongly
enhanced Tx indicates that the new alloy has sufficient long-term stability at room temperature,
and thus fulfils a necessary condition for applications.
It is reasonable to assume that the higher Tx value of the new Al-based glass, as contrasted
to those of earlier RE-containing Al-based glasses, is correlated with the stronger bonding in the
new alloy. Stronger bonding is reflected in the microhardness data as well, measured by Vickers
method using 10 gram load. The obtained value of 486 kg/mm2 is about 1.5 times larger than the
usual HV values for the Al-based amorphous alloys and permits to estimate the ultimate tensile
strength value from the well known correlation HV = 3ı as ı = 1620 MPa, which is really a record
number among the Al-based amorphous alloys.
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Figure 4.1.17. DSC scans at different heating rates.

Next, we compare the crystallization temperature Tx = 670 K of the new glass to the
melting temperature of the corresponding multiphase crystalline alloy (Tm ~ 1130 K). Tx/Tm is
about 0.6 which is to be compared to Tx/Tm = 0.48 for Al85Ce8Ni5Co2, which again shows the
greater thermal stability for the new glass. It is worth mentioning that the typical Tx/Tm values for
metallic glasses lie between 0.44 and 0.68 [Car 1999].
The multiphase product of crystallization after a heat treatment at 400 oC for 30 minutes
consists of fcc-Al and some binary (Al3Ni and Al3Ta) and ternary (AlNi2Ta) intermetallic phases
(see Fig. 4.1.16.). The DSC trace from specimens annealed at 450 oC did not show any exothermic
peak.
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Figure 4.1.18. Kissinger plot analysis of DSC scans.

The enthalpy of the amorphous to crystalline transformation was estimated by integrating
the area corresponding to the exothermic transformation in Fig. 4.1.17. The obtained value, ¨H =
68 J/g, is relatively low as compared to ¨H = 86 J/g for Al85Ce8Ni5Co2, suggesting that, in the
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present new glass, a strong metal-metal binding and a short-range order exists already in the
amorphous state, causing only a small amount of enthalpy to be released upon crystallization.
The apparent activation energy and the frequency factor of the crystallization are estimated
by the Kissinger method [Kissinger 1957]. The peak temperature of the exothermic event taken at
different heating rates ȕ is described in this model by

β / T p2 = ( ZR / E a ) exp(− E a / RT p ),
where Z is the frequency factor, R is the gas constant and Ea is the apparent activation energy.
Plotting ln(ȕ/Tp2) as a function of 1/Tp; a good linear behaviour between 10 and 40 K/min is
obtained, which yields an activation energy of crystallization Ea = 266.83 kJ/mole = 2.76 eV. This
may be compared to Ea =270,15 kJ/mole = 2.8 eV of Al85Ce8Ni5Co2.
As to the mechanical properties, the new Al-glass has fair bend ductility at room temperature,
permitting a 180o bend test over a bend radius of 1 mm, although not over a razor blade edge. But
it is not tough enough, showing fracture after re-bending. Further experiments are in course to add
quaternary elements (e.g. Co) which may increase the ductility of these refractory alloys.
As a conclusion, two novel Al-based amorphous alloys (Al85Ta6Ni9 and Al85Nb6Ni9) have
been identified, exhibiting high crystallization temperature (Tpeak ~ 400

o

C) and high

microhardness (HV0.01 = 486). These values are the largest among the known Al-based glasses,
permitting to estimate a record value of the tensile strength which makes this new glass a
perspective material for preparing bulk samples by different powder consolidation techniques.
4.2. Crystallization of Al-based amorphous alloys [Based on S6, S7, S8 and S9]
An understanding of the devitrification behavior is of interest not only scientifically but
also technologically because it defines the operating limits of amorphous alloys for technical
applications. In this work, we are going to use differential thermal analyzer (DTA), dilatometer
(DL), and X-ray diffraction (XRD) to study the amorphous to crystalline transformation. If it is
possible, we try to identify the transitional phases, which are essential to elucidate the mechanism
of transformation.
The ductile Al-based amorphous alloys can be divided in two categories: i) with high
solute content (around 13-15 at.%) without pre-peak and usually with glass transition denoted by a
small endothermic peak before the main crystallization peak; and ii) with low solute content (8-12
at%) which shows a pre-peak, denoting the primary crystallization of nano-sized Į-Al phase
(nano-Al). For the practical applications of amorphous nanocrystalline composites, the latter
alloys will be considered.
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4.2.1. High (13-15 at. %) solute content Al–based amorphous alloys with glass transition.
Example of Al 85 X 8 Ni 5 Co 2 (X=Y, Ce, Mm) alloys
Ductile Al-RE-TM-based metallic glasses have been prepared in the literature [Inoue
1998] by using pure RE elements. It was a natural demand to replace the pure RE elements with
the much cheaper Mischmetal (a natural mixture of rare earth elements) and to compare their
devitrification behavior. In the following, we will present the glass transition and the kinetics of
crystallization of quaternary Al 85 X 8 Ni 5 Co 2 (X=Y,Ce, Mm) alloys using isothermal and nonisothermal calorimetry and X-ray experiments, with special emphasis on the effect of substitution
of Ce or Y by mischmetal (Mm).
Fig. 4.2.1. shows DSC scans for the three alloys studied at the heating rate of 10 K/min.
The glass transition can be observed for each alloy as an endothermic process occurring
before the crystallization onset. The definition of the glass the transition temperature, T g ,
is somehow arbitrary. In this work, it was defined as the intersection of the steepest slope
with the baseline at low temperature, which might be the glass transition onset [Brüning
1992].

10 W/g

dH/dt

Ce

β=10 K/min
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Y

550

600

650

T [K]
Figure 4.2.1. DSC scans at 10 K/min for as-cast samples of the Al85X8Ni5Co2 (X=Ce, Mm, Y) alloys.

In order to define the T g more exactly, the same DSC scans were repeated at
higher heating rate (see Fig. 4.2.2.), where both the endothermic and exothermic signals
are more larger.

The T g values are indicated by arrows in Fig. 4.2.2. Other authors

[Users Manual DSC7] define T g as the inflection point of the endothermic effect. In the
latter definition, the

T g values are higher and, consequently, the supercooled liquid

region decreases (in our case by about 10 K).
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Figure 4.2.2. DSC scans at 80 K/min for as-cast samples of the Al85X8Ni5Co2 (X=Ce, Mm,Y) alloys in the glass
transition region.

One can observe that T g decreases in the order Mm>Ce>Y for this alloy series. On
the other hand, the supercooled liquid range, calculated as the difference between the
crystallization onset temperature, T x , and T g decreases in the opposite order, Y>Ce>Mm,
being similar for the Ce and Mm alloys (~ 20 K) and clearly larger in the Y alloy
(~ 30 K). The magnitude of the endothermic effect follows the same trend as the width of
the supercooled liquid range.
The dependence of the glass transition temperature on heating rate, q,

was

evaluated in the frame of Vogel-Fulcher-Tamman (VFT) equation:
q = B exp[DT g o /(T g o -T g )],
where B is a constant, D is the strength parameter and T g o is the asymptotic value of T g .
To fit the experimental data (q, T g ), a logarithm of the above equation was taken
and assuming a linear relation between lnq and 1/(T g 0 -T g ), T g 0 was estimated to be about
175 K below the glass transition temperature T g . The difference, ΔT g 0 , between T g and
T g 0 is much larger than those found for other metallic glasses such as Pd 40 Ni 40 P 19 Si 1 and
Pd 77.5 Si 16.5 Ag 6 (ΔT g 0 ≈ 60 K) [Brüning 1992], but of the same order of magnitude as for
La 55 Al 25 Ni 20 [Brüning 1992], (FeCoBC) 80 Si 3 Al 5 Ga 2 P 10 [Borrego 2002] and (CoFe) 62 Nb 6Zr 2 B 30 [Borrego 2002]. From the slope of this representation, D was estimated.
From the analysis of the glass transition parameter versus scanning rate, a very
important parameter can be also estimated, namely, the fragility parameter, m, using the
equation:
m = (DT g o T g )/[(T g -T g o ) 2 ln10].
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The results of this analysis are summarized in Table 4.2.1.
Table 4.2.1. Glass transition parameters for the three alloys studied by DSC: supercooled liquid range
(ΔT x ) obtained at q = 80 K/min, asymptotic value of glass transition temperature (T g 0 ), strength (D) and
fragility (m).
Δ Tx

Tg0

(± 2 K)

(± 50 K)

Mm

17

400

8±2

Ce

19

400

9±2

30

Y

29

375

10 ± 3

30

Al 85 X 8 Ni 5 Co 2

D

m
± 30
30

The parameter that shows more confidence is D, for which values of similar order
of magnitude were found for (CoFe) 62 Nb 6 Zr 2 B 30 but smaller ones for (FeCoBC) 80 Si 3Al 5 Ga 2 P 10 [Borrego 2002]. In spite of the uncertainty of the value of m, deriving from
the high error of the estimation of T g 0 , a value of 30 for the fragility indicates that the
studied amorphous systems lie between the strong and fragile extremes of Angell’s
classification [Angell 1995] and suggests a good glass-forming ability for these alloys, as
it has been observed for similar compositions [Inoue 1998].
The most relevant parameters of the crystallization process as calculated from
DSC plots obtained at a scanning rate of 10 K/min are summarized in Table 4.2.2. The
thermal stability of the amorphous state increases in the order Y<Ce<Mm. In the Ce
alloy, only two stages are detected during the crystallization process, although at higher
heating rates the first peak becomes broader and a “two-peak” structure is observed.
Three stages are clearly resolved in the Y alloy and, for the case of Mm, three stages can
be also observed but with a very important overlapping between the two former stages.
The crystallization temperature range can be defined as the difference between the end of
the last exothermic peak and the crystallization onset temperature. In the Ce alloy,
crystallization process occurs in a smaller temperature range (about 30 K at 10 K/min)
than in the other two alloys. The crystallization temperature range increases up to 45 K
in the Mm alloy. However, the widest range was found for the Y alloy (more than 100 K)
for which the first and the second transformation stages are well resolved.
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Table 4.2.2. Crystallization parameters for the three alloys studied by DSC. Crystallization onset
temperature (T x ), peak temperatures (T P ) and enthalpy (H), of the different crystallization stages .
Tx
T P1
T P2
T P3
ǻH 1
ǻH 2
ǻH 3
Al 85 X 8 Ni 5 Co 2
(± 1 K) (± 0.5 K) (± 0.5 K) (± 0.5 K) (± 5 J/g) (± 5 J/g) (± 5 J/g)
Mm

575

579

Ce

570

572

Y

557

561

583

603

611

74

592

86

656

48

51
41
47

53

The relative enthalpies calculated as the ratio between the enthalpy of each transformation
stage and the total enthalpy of the crystallization process give us information about the relative
weight of each transformation stage. In the case of the first crystallization stage of the Ce alloy,
this parameter is 60 %, similarly to that of the first plus the second stages in the Mm alloy (68 %).
However, for the Y alloy, the relative enthalpy of the first stage is clearly lower (32 %) although
adding the second stage, a value close to those of the other alloys is obtained, 64 %.
Looking for transitional (intermediate) phases, the XRD patterns were determined after
different “quench up” heat treatment performed in the DSC equipment with a heating rate of 10
K/min up to different stages of crystallization, as indicated in Fig. 4.2.3. Amorphous patterns
obtained for the as-cast ribbons are also shown.
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Figure 4.2.3. XRD patterns for the samples of the Mm, Ce, Y alloys heated up to different temperatures at 10 K/min.

In the case of the Mm alloy, to have some information about the first process, a sample
was annealed below the peak temperature of this stage. No difference in the number and positions
of the X-ray peaks was found between this sample and that annealed behind the second
transformation stage, which might be due to the high overlapp between these two stages. Although
some peaks were identified to correspond to fcc α-Al, orthorhombic Al11Mm3 or orthorhombic
Al3Ni phases, most of them were unidentified. The XRD pattern changes drastically after
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annealing behind the third crystallization event. Most of the peaks correspond to the Al11Mm3
phase, but peaks corresponding to fcc α-Al and orthorhombic Al3Ni phases also increase their
intensity, whereas those peaks assigned to the unidentified phase(s) disappear, indicating a
metastable character for the phase(s).
The Ce alloy exhibits crystallization products very similar to those of the Mm
alloy and no remarkable differences can be found between the XRD patterns obtained for
samples annealed at equivalent stages of crystallization.
On the other hand, the Y alloy shows very different crystallization processes.
After the first crystallization stage, fcc α-Al appears as the main phase together with an
important amorphous halo. Small traces of an unidentified phase can also be detected.
Therefore, annealing behind the first peak in the Y alloy results in nanocrystalline
microstructure formation, unlike for Ce and Mm alloys.
For the samples of the Y alloy annealed behind the second crystallization stage,
the intensity of α-Al X-ray peaks increases and they become narrower, indicating an
increase of the grain size of this phase. On the other hand, diffraction maxima of
unidentified phase(s) appear. After the third crystallization event, peaks of this
unidentified phase(s) are reduced and hexagonal Al 3 Y and orthorhombic Al 3 Ni are
detected. The fcc α-Al remains the most important phase, with narrower peaks than after
the previous stages, indicating that grain growth of this phase also occurs during the third
stage.
The importance of the α-Al phase in the Y alloy contrasts with the low XRD
intensity assigned to this phase in the Mm and the Ce alloys, for which the crystallization
products are very similar. The rare earth compound in the case of these alloys is richer in
Al than in the Y alloy (~ 80 and 75 %, respectively). Although this difference could be
explained qualitatively by a larger amount of fcc α-Al in Y alloy, the magnitude of the
difference is too large to be explained only in this way. Another effect can be found in
the binary alloys of Al-RE systems [Inoue 1998]. In the Al-Y system, the supersaturated
solution of Y in fcc α-Al obtained by rapid quenching extends up to 9 at % of Y, whereas
in Al-Ce and Al-La (Ce and La are the main ingredients in the Mm used in this study) is
only 7 at % [Inoue 1998]. Although these values are valid only for binary alloys obtained
by rapid quenching from the melt, they give us an idea on the solubility of each rare
earth element in the α-Al phase. The lower solubility of Ce and La as compared to Y in
fcc α-Al phase makes the formation of this phase in Ce and Mm alloy more difficult than
in Y alloy.
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The kinetics of crystallization for these alloys were studied both by non-isothermal and
isothermal methods. Non-isothermal kinetics of crystallization was studied using Kissinger and
Augis - Bennett approximations.
Due to the overlapp between the first and the second crystallization stages, the Augis–
Bennett method was not applied to the second transformation stage.
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Figure 4.2.4. Kissinger (a) and Augis-Bennett

Figure 4.2.5. Kissinger (a) and Augis-Bennett (b)
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Linear fittings are shown in Fig. 4.2.4. for the first and the second transformation stages
and in Fig. 4.2.5. for the third (second in the case of Ce) transformation stage. The results are
summarized in Table 4.2.3. As it is seen, a good agreement can be found in all the compared cases
corresponding to the Kissinger and Augis Bennett methods, except for those of the first peak in the
Ce and Mm alloys. The best linear fitting for this peak was obtained by using the Kissinger
method (see Fig. 4.2.1.). This could be due to the large overlapp between the first and the second
crystallization stages in the Mm alloy which seems to be even larger in the case of the Ce alloy,
for which only one event is detected during heating at 10 K/min (see Fig. 4.2.1.). This overlapping
must affect the calculated value for the onset temperature used in the Augis-Bennett
approximation. In the case of the Kissinger approximation, an average value is obtained.
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Table 4.2.3. Kinetic parameters of the crystallization process of the three alloys studied by non-iosthermal DSC
analysis.
Al85X8Ni5Co2

Mm

Ce

Y

1st peak
2nd peak
3rd peak

Ea(Kissinger)
(± 0.5 eV)
2.9
2.3
1.7

Ea(AugisBennett)
(± 0.5 eV)
2.1
1.6

1st peak

2.8

1.3

2nd peak

1.5

1.9

1st peak

2.5

2.1

2nd peak
3rd peak

2.7
1.7

-2.0

In the case of the first crystallization peak (and taking into consideration the values
obtained from the Kissinger approximation), very similar values of Ea were observed for all the
three studied alloys. Although the crystallization products after the first transformation stage are so
different between the Y alloy and the other two alloys, the activation energy for the Y alloy is only
slightly lower than that in the case of the Ce and Mm alloys (2.5 eV and 2.8-2.9 eV, respectively).
Similar values of Ea have been observed for a Al85(NiY)15 series of alloys for the primary
crystallization (~ 3 eV) [Saini 1999], although lower values were found for the primary
crystallization of Al-based alloys with low RE content, 3 at. % (~ 1.5 eV) [Tsai 1997]. At the last
crystallization stage (which yields the stable phases Al11Mm3, Al11Ce3 and Al3Y for the Mm, Ce
and Y alloys, respectively), Ea is very similar in all the studied cases (~ 1.7 eV).
Aiming at having a deeper knowledge of the crystallization kinetics of the studied alloys,
isothermal DSC experiments were performed at three different temperatures for 2 h. The annealing
temperature, Ta, was reached in two steps: first, the sample was “quenched up” by heating with
200 K/min up to 20 K below the desired temperature and then it was heated up to the desired
temperature at 10 K/min. With this procedure, we tried to avoid annealing previous to the real
isotherm and to minimize the effect of the transitory signal when the DSC equipment changes
from constant heating rate to isothermal mode.
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Figure 4.2.6. Isothermal DSC plots recorded during
annealing at different temperatures for 2 h of the
(X=Ce, Mm, Y) alloys.

Fig. 4.2.7. DSC scans at 40 K/min for samples
preannealed isothermally at different temperatures
for 2 h of the Al85X8Ni5Co2 alloys.

Fig. 4.2.6 shows isothermal scans for the three alloys studied. Two exothermic
peaks can be clearly observed in the case of the Ce and Mm alloys, however, only one
event is detected in the case of the Y alloy. To have additional information, after
isothermal treatment and cooling down to room temperature, the samples were submitted
to a continuous heating at 40 K/min. This enables us to compare the enthalpy values and
to do a correspondence between isothermal and non-isothermal stages. Table 4.2.4
presents the enthalpy values for the different peaks observed in isothermal scans as well
as the residual enthalpy measured in non-isothermal scans performed on the samples after
isothermal annealing.
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Table 4.2.4. Enthalpy values (ǻH) of the as-quenched alloys studied isothermally at temperatures T a and
for the same alloys studied after preannealing, during continuous heating at 40 K/min.
Al85X8Ni5Co2

Mm

Ce

Y

Ta
(K)
568
563
558
563
558
553
548
543
538

Isotherm
ǻH2
ǻH1
(± 10 J/g) (± 5 J/g)
90
47
93
53
85
91
60
89
53
87
54
81
87
82

Non-isotherm
ǻH
(± 5 J/g)
16
16
35
16
17
18
6
24
37

32
36
43

As it is seen in Fig. 4.2.7, in the case of the Ce and Mm alloys, after annealing,
only one small residual peak is observed during continuous heating. However, for the Y
alloy, two overlapped peaks are detected. Whereas in the case of the Ce alloy, the small
residual peak shows no dependence on the isothermal annealing temperature, for the Mm
alloy the sample annealed at the lowest temperature for 2 h exhibits the largest residual
DSC peak during continuous heating. This is in agreement with the observed
uncompleted second isothermal transformation stage for this alloy at this temperature
(558 K) after annealing for 2 h. The enthalpy values of the first isothermal event reflect
that this event corresponds to the first stage in the case of the Ce alloy and to the first
and second stages in the case of the Mm alloy. The second isothermal stage might
correspond to the second and the third non- isothermal events in the case of the Ce and
Mm alloys respectively, which exhibit similar enthalpy values. In the case of the Mm
alloy, the separation in time between the two processes is larger, in agreement with the
larger separation in temperature between the first and the third processes observed during
continuous heating of the Mm alloy compared to the Ce alloy (see for example Fig. 4.2.1.
or Table 4.2.2). A negligible annealing temperature dependence was found for the peak
temperature of the residual process detected during continuous heating after isothermal
annealing (for the samples in which the second isothermal event was completed).
In the case of the Y alloy, the continuous evolution of the residual DSC peaks
with the annealing temperature indicates that the isothermal process is extended over a
time range larger than 2 h and, as in the cases of the Mm and Ce alloys, the first event
corresponds not only to the first non-isothermal crystallization stage but also affects the
second one. The enthalpy involved in the first isothermal DSC peak is nearly constant.
Therefore, a very broad tail or second peak which is too broad to be detected in
isothermal scanning might be invoked to describe the effects observed during the
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continuous scans performed after the isothermal annealing. In non-isothermal scans after
isothermal annealing, two main peaks are detected. The enthalpy of the first peak
strongly decreases as T a increases, with no changes of the peak temperature. Enthalpy of
the second peak slightly decreases, and the peak temperature shifts to lower values. At
temperatures higher than that of the second event detected from a non-isothermal
scanning after isothermal treatments, smaller exothermic peaks can be observed.
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Figure 4.2.8. JMA plots for the first
peak recorded during isothermal annealing
at three different temperatures for the
Al 85 X 8 Ni 5 Co 2 (X=Ce, Mm, Y) alloys.

Figure 4.2.9. JMA plots for the second
peak recorded during isothermal annealing
at three different temperatures for the
Al 85 X 8 Ni 5 Co 2 (X=Ce, Mm,) alloys.

Figure 4.2.8. shows JMA plots for samples with different fractions of the transformed
phase (0.2 < x < 0.8) for the first isothermal peak. Fig. 4.2.9. shows JMA plots for the same
interval of transformed fraction corresponding to the second isothermal event detected in the Ce
and Mm alloys. A linear regime in JMA plots is better fulfilled for the second peak. For the first
isothermal peak, an overlapp between the signal due to the transformation process and the
transitory signal from the change of continuous heating to isothermal conditions in the DSC
affects the processes with low incubation time at low transformed fractions. However, in the case
of the Y alloy, a clear deviation from linearity is observed. The JMA plot of the Y alloy samples
can be divided into two steps as it was also found for the nanocrystallization process of other AlRE-TM [Gangopadhyay 2000], Fe-based [Suzuki 1995] and FeCo-based alloys [Blazquez 2003].
The second step corresponds to a slowing down in the kinetics of nanocrystallization, which can
be related to the end of nucleation of the α-Al phase and consequently to the growth of
nanocrystals, a process strongly hindered by Y atoms, with slow diffusivity and low solubility in
the α-Al phase.
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The activation energy of the different processes can be obtained from the evolution of the
incubation time with temperature. Table 4.2.5. shows Ea values obtained using this procedure
along with the n values for all the alloys studied. The lowest Avrami exponent corresponds to the
Y alloy which, in the second step of the JMA plot, exhibits values below 1. Low values, about 1,
were previously reported for the nanocrystallization of Al-based alloys [Tsai 1997]. The first
isothermal event shows values of the Avrami exponent between 1.5 and 1.9, lower than those
observed for the second isothermal peak with n = 2.3-2.5. A value of n = 2.5 could be assigned to
constant nucleation rate and three dimensional diffusion controlled growth, lower values could be
explained by a decreasing nucleation rate during the transformation (1.5 < n < 2.5) or even no
nucleation (n = 1.5) [Christian 1975], because of the existence of quenched-in prenuclei in the
melt-spun ribbons. These values are smaller than those found for Al85(YNd)8Ni5Co2 (n = 2.7-5)
[Louzguine 2002].
Values of Ea obtained with isothermal methods are clearly higher than those obtained using
non-isothermal methods (see Table 4.5). In fact, the values of Ea calculated with different methods
correspond to different processes. In the case of the value obtained from the incubation time of
isothermal events, Ea corresponds to the activation energy at 0 % of transformed fraction. On the
other hand, the Kissinger value corresponds to the peak temperature of non-isothermal annealing,
which in our case appears for about 50 % of the total transformation. Values of Ea obtained from
isothermal analysis of crystallization of other amorphous alloys of similar compositions are 2.8-4
eV [Gangopadhyay 2000, Louzguine 2002], which are comparable to those found in this study.
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Figure 4.2.10. Local values of the activation energy, E a (x), calculated from the isothermal annealing data
for the Al 85 X 8 Ni 5 Co 2 (X=Ce, Mm, Y) alloys.

Fig. 4.2.10 shows the plot of the local activation energy, Ea(x), versus x for different
samples and different isothermal events detected. Ea(x) is almost constant for the Mm and Ce
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alloys for the first and the second crystallization stages, and higher than the corresponding Ea
obtained from the Kissinger method. However, in the case of the Y alloy, Ea(x) continuously
decreases down to x = 0.8 and the values are in agreement with the corresponding ones obtained
from the Kissinger method in the range of 0.2 < x < 0.5. The disagreement observed for the other
cases can be due to the complexity of the crystallization processes, for which not only one phase,
but even metastable phase(s) is formed, the formation of which might depend on the annealing
conditions. In the case of the Y alloy, other phases, except residual amorphous and α-Al, are
negligible after the first crystallization stage.
To sum up, the following concluding statements can be made:
- The ductile Al-based amorphous alloys with high solute content (15 at.%) present glass transition
and a supercooled liquid region (Tx-Tg) of about 10-30 K.
- The alloy with Y is the only one of the studied series in which a nanocrystalline structure is
developed during the first stage of crystallization. For the other two alloys simultaneously with the
precipitation of nano-Al, compound phases crystallize as well, leaving back a residual amorphous
matrix.
- The Y-containing alloy shows clear nucleation and growth behavior denoting that this alloy is
free of quenched-in nuclei in the as-cast state.
- The fragility parameters for all three alloys are similar, although the Y-containing alloy shows
the largest endothermic glass transition.
- The behavior of the alloy containing Mm is similar to that of the alloy containing pure
Ce for all the studied properties
4.2.2. Long-term thermal stability
For the practical application of the partially amorphous - partially nanocrystalline composites,
the long-term thermal stability is very important. In the following we describe a method to
estimate the thermal stability based on the Kissinger expression [Kissinger 1957] for determining
the activation energy. Studying the Kissinger expression, one can notice that this method has a
significant corollary, i.e. the linearity of the (lnβ/Tp2) vs. (1/Tp) plot allows the creation of
continuous heating transformation (CHT) diagrams at different heating rates using linear fits of
the Kissinger plot, i.e.,
ln

β
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·
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¸
¹
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where b (which is equal to –E/R) and c are the slope and the intercept constants,
respectively.
Thus, for any peak temperature Tp , the corresponding β will be given as

β = T p2 ⋅ e

b (1 / T p ) + c

.

(4.2.2.)

Then, the heating time (th) can be calculated by (Tp – 298)/β (considering that the heating
starts from

room temperature) and the Tp versus th diagrams can be determined from

experimentally determined b and c values [Calka 1988]. From such a diagram (Fig. 4.2.11.), the
long-time thermal stability can be inferred from the intercept of a constant temperature line with
the (Tp vs th) curves.
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Figure 4.2.11. Temperature-time diagram to determine the long-term stability.

Comparing the long-term thermal stability of different compositions, it turns out that some
partially crystallized samples (Al92Ni4Ce4) can be more stable due to the fact that the residual
amorphous phase is more stable than the fully amorphous as-cast state (Al85Y8Ni5Co2). This is
meaningful by taking into account the fact that the residual amorphous phase contains more
amount of glass-forming element than the as-cast fully amorphous phase. Such a test of long-term
thermal stability is advised to be done for any nano-structured composite compacted from partially
crystallized amorphous precursor powders or flakes.
To sum up this paragraph about the easy to nanocrystallize amorphous precursor materials
at the edge of GFA, the following concluding remarks can be made:
- The pre-peak and the glass transition exclude each other. The pre-peak indicates the quenched-in
nuclei, which can be suppressed by increasing the solute content within the ductility limit.
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- A method was proposed to determine the long-term stability of amorphous and partially
nanocrystalline Al-based alloys based on continuous heating diagrams constructed from the
experimentally determined Kissinger plot.
4.2.3. Scaling approach to describe the nanocrystallization kinetics in Al-based bulk
amorphous alloys
Concerning the true Al-based metallic glasses (without low temperature pre-peak) the
applicability of scaling law to the amorphous–nanocrystalline transformation has been checked. In
addition to the mathematical beauty of such a unifying scaling law, it has the advantage of hinting
some light at the possible minimal value of the glass transition temperature.
There were several attempts to study such a first-order phase transition in terms of a
scaling theory [Yamada 1984, Mazenko 1985 and Horie 1987] although this concept has been
used formerly to understand second-order transitions. In the scaling approach, a characteristic time
scale is used to collapse the isotherms into a universal curve. This characteristic time is found to
exhibit a divergent behavior with temperature. Such a divergence in the scaling parameter is
characteristic of second order phase transitions.
The isothermal crystallization data of Chapter 4.2.1 have been used for amorphous
Al85Y5Ni8Co2 and Al85Ce5Ni8Co2 . The isothermal measurements suffer from the disadvantage
that the annealing temperature range in which the experiments can be performed is fairly limited:
the value of Ta chosen is too high, the crystallization may start even before Ta is reached and if Ta
is too low, the rate of the crystallization reaction will be so slow that it cannot be accurately
determined. The baseline is the second problem in this kind of measurements. It is often difficult
to determine with the required accuracy because of changes in the heat capacity during the
transformation from the amorphous to the crystalline state. In these experiments, a sigmoid
baseline has been drawn under the peak as proposed by Greer [Greer 1982]. The determination of
the incubation time, to, is the third problem of these measurements for obtaining meaningful
results. The incubation time is determined as the time between the attainment of the annealing
temperature and the beginning of the crystallization displayed as a deviation from linearity of the
measured signal. Hence, the parameter time should be taken as (t-to). The crystallized fraction, x,
is calculated from the experimental DSC signal by integration of the dH/dt curve versus time.
The nanocrystallization of the Al-phase takes place in the first stage and the crystalline
fraction is calculated as the integration of the first peak only. The second stage is not the object of
the present study.
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The transformed crystalline fraction x for the first stage of crystallization for
Al85Ce5Ni8Co2 is plotted as a function of time in Fig. 4.2.12. for five isotherms.
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Figure 4.2.12. Transformed crystalline fraction, x, for the first stage of Al85Ce5Ni8Co2 as a function of time at five
different temperatures.

Note that the crystallization goes faster as the annealing temperature is increased although
the pattern of the isotherms is similar. The similarity in the shape of the curves suggests that the
data can be brought to a universal curve on a properly scaled time axis.
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Figure 4.2.13. Tansformed fraction as a function of the scaled time parameter τ = t/t1/2 .

At each annealing temperature, a characteristic scaling time, t1/2, corresponding to the time
at which the crystallization is half completed, x(t1/2) = 0.5, can be defined. Fig. 4.2.13
demonstrates that over the range of temperature used in these experiments, x(t, T) can be collapsed
into a universal curve plotting x versus τ = t/t1/2. Similar results have been obtained for the Ycontaining composition as it can be seen in Figures 4.2.14 and 4.2.15.
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Figure 4.2.14. Transformed crystalline fraction, x, for the first stage of Al85Y5Ni8Co2 as a function of time at three
different temperatures.
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Figure 4.2.15. Tansformed fraction as a function of the scaled time parameter τ = t/t1/2 .

The saturating curve shown in Figs. 4.2.13. and 4.2.15, is fitted with the Johnson-MehlAvrami (JMA) formula:
X(τ) = 1- exp[-(ln2)Âτn] ,

(4.2.3.)

where n is an exponent which reflects the nucleation rate and/or the growth morphology and
K =(ln2)/(t1/2)n

(4.2.4)

is a rate constant which depends on both the nucleation rate and the growth rate. K(T) may be
expected to exhibit an Arrhenius type temperature dependence:
K = Koexp(-E/kT) ,

(4.2.5)

where E is an effective activation energy, T is the absolute temperature and k is the Boltzmann
contant. The activation energy for the crystallization transformation, Q, will be E/n.
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It follows from Eqs.(4.2.4) and (4.2.5) that the scaling parameter t1/2 may be fitted by a
conventional Arrhenius form:
t1/2 = to exp(Q/kT) .

(4.2.6)

However, there are many other possibilities to fit the scaling parameter shown in
Fig. 4.2.16 as a function of annealing temperature, such as:
1600
1400

Al85RE5Ni8Co5

1200

Y5

t1/2 (s)
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Figure 4.2.16. Temperature dependence of the scaling parameter for the two compositions.

the Vogel-Fulcher law [Cyrot 1981]:
t1/2 = to exp[E/k(T-To)];

(4.2.7)

the WLF formula [Williams 1955]: t1/2 = to exp{-20.4(T-Ts)/[101.6 + (T-Ts)]};

(4.2.8)

and the power law applied usually for scaling behavior:
t1/2 = to (T/Tf -1)-n .

(4.2.9)

Unfortunately, we have only a restricted number of t1/2 data from isothermal experiments
so the quality of any fitting is questionable whatsoever good the fits presented in Fig. 4.2.17
appear.
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Figure 4.2.17. Fitting the experimental data with Eqs (4.2.12), (4.2.13), (4.2.14). and (4.2.15) for the Ce5 sample.
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Nevertheless, there are marked differences between the qualities of fittings as one can see
perusing Tables 4.2.5. and 4.2.6., where the values of the fitting parameters and the errors are
collected as obtained from fitting the data with Eqs (4.2.6), (4.2.7), (4.2.8). and (4.2.9).
Table 4.2.5. Fitting parameters of Eqs (4.2.6), (4.2.7), (4.2.8). and (4.2.9) for the Ce5 sample.
Arrhenius

Vogel-Fulcher

WLF

Power law

to = (1.5 ± 2.3)10-42s

to = (2.2 ± 18)10-8s

to = 774 ± 48 s

to = (5 ± 11)10-7

Q/k = 56319 ±637 K

E/k = 2966 ±1661 K

Ts = 547 ± 0.2 K

Tf = 505 ± 4.5 K

To = 424 K

n = 8.47 ± 1.37

Table 4.2.6. Fitting parameters of Eqs (4.2.6), (4.2.7), (4.2.8). and (4.2.9) for the Y5 sample.
Arrhenius

Vogel-Fulcher

WLF

Power law

to = (3.33 ± 16)10-

to = 13.84 s

to = 22803±5465

to = 0.626

E/k = 112.3 K

Ts = 517 ± 1.3 K

Tf = 521.7 K

31

s

E/k = 40941±1165
K

To = 507 K

n=2

The Arrhenius formula yields somewhat bigger activation energy for the Ce5 sample (4.8
eV instead of 3.9 eV determined from the Kissinger plot), but yields totally unphysical values for
the growth velocity pre-factor. In the JMA model, the rate constant K is proportional to Nu3,
where N is the number of nuclei per unit volume and u is the velocity of growth. Using equation
(4.2.6), the scaling parameter can be written as proportional to 1/(N1/3.u). Even if we take N = 1027
m-3 as an upper limit for the number of nuclei, the velocity pre-factor is 1022 m/s, clearly an
unphysical value. This fact, together with the large errors found for to, rules out the Arrhenius
fitting. When applying the Vogel–Fulcher law, we have obtained too small activation energies so
this fitting can also be ruled out.
We suppose that it is inappropriate to regard the very rapid variation of the characteristic
time, t1/2, with decreasing temperature as a simple activation process. The activation assumption is
based on a gradual transformation and does not allow for a divergence of the t1/2 parameter as
shown in Fig. 4.2.17. The remaining two models (WLF and power law) describe properly such a
freezing transformation with decreasing temperature, yielding physically reasonable freezing
temperatures. Nevertheless, by considering that there are the 5 experimental data points only for
the Ce5 sample, one can rule out the power law because of the large error obtained for the to
parameter.
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The WLF formula (Eqs. 4.2.8) seems to be the most acceptable, it involves only two
parameters – the reference temperature Ts and the pre-factor to, which is the value of t1/2 at Ts.
Both fitting parameters, to and Ts have reasonable values for both compositions. The Ts values are
somewhat lower than the experimentally obtained glass transition temperatures (see Table 4.2.5),
but one must not forget that Tg shifts to higher values with the heating rate. The relationship
between Tg and the reference temperature Ts needs further investigations in the case of Al-based
amorphous alloys.
The WLF formula is based on free-volume arguments. The relatively good fittings for the
time-scaling parameter suggests that the rate–limiting steps in crystallization involve slow
relaxation processes in the glassy phase outside the crystallite. The usual surface–tension/volumeenergy arguments are not sufficient to understand the nucleation and growth process. This formula
holds for a variety of polymers, organic, and inorganic glasses and for metallic glasses as well.
To sum up, it was shown in this chapter that the isothermal crystallization of Al-based
glassy alloys can described by a universal scaling behavior by using a scaling time parameter. This
scaling parameter was found to diverge with decreasing annealing temperature, thus defining a
freezing temperature as a lowest limit for Tg. Although the restricted number of data points makes
uncertain the fitting procedure, we believe that the WLF formula is the most appropriate to study
this freezing phenomenon of the amorphous to crystalline transformation.
4.2.4. Thermal stability and viscosity of the rapidly solidified amorphous alloys
Al85Ni5Co2RE8 (RE= Gd, Ce, U)
The viscous flow measurements are the most appropriate to describe the behavior of glassy
metals around the glass transformation temperature. For these investigations, three Al-based
glassy alloys have been chosen with the nominal composition: Al85Ni5Co2RE8 (RE= Gd, Ce, U).
The Ce-containing alloy has been already studied by DSC in Chapter 4.2.1, here two new alloys
containing Gd and U will be studied designated as Ce8, Gd8 and U8, respectively.
Just to compare the thermal stability, the corresponding binary alloys Al92Gd8, Al92Ce8 and
Al92U8 have been also measured by DSC with a constant heating rate of 20 K / min. Fig. 4.2.18
and Fig. 4.2.19 present the crystallization curves (at 20 K/min) for the binary alloys Al92RE8 (RE
= Gd, Ce, U) and the quaternary alloys Al85Ni5Co2RE8 (RE = Gd, Ce, U), respectively. Table 4.2.7
summarizes all DSC data for the rapidly solidified alloys studied: the onset temperatures of
crystallization (Ton), the temperatures of maximum of the crystallization peaks (Tmax) and the
enthalpy of the process (ΔHcr). It is concluded that alloying the binary alloys with a combination
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of nickel and cobalt (5 at.% Ni and 2 at.% Co) increases the thermal stability (the temperature
Txon) by 37, 90 and 130 degrees for the Gd-, U- and Ce-containing alloys, respectively.
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Figure 4.2.18. Crystallization peak(s) of the rapidly
solidified alloy compositions Al92RE8 (RE = Gd, Ce, U)
at a heating rate of 20 K/min.

Figure 4.2.19. Crystallization peak(s) of the rapidly
solidified alloy compositions Al85Ni5Co2RE8 (RE = Gd,
Ce, U), at a heating rate of 20 K/min.

Table 4.2.7. Onset temperature of crystallization, Ton, temperature of the maximum of all crystallization peaks, Tmax,
enthalpy of crystallization, ΔHcr, glass transition temperature, Tg, melt fragility number of Angell, mA, and fracture
strength, σf, of the rapidly solidified Al alloys.
Alloy
Number
Ton
mA
Tmax
TgVis
ΔHcr,
σf
of peaks

(K)

(K)

(mcal/g)

c

(GPa

(K)
Al92Gd8
Al92Ce8
Al92U8

Al85Ni5Co2Gd8

Al85Ni5Co2Ce8
Al85Ni5Co2U8

)

I

531

538.1

-3.7

-

-

-

I

447

463.3

-3.4

-

-

II

533

552.4

-9.7

-

-

-

I

496

507.7

-9.84

-

-

-

II

553

567.1

-0.76

-

-

III

665

679.0

-4.77

-

-

-

I

568

569.9

-11.9

548

58

1.33

II

595

606.1

-1.9

III

658

666.6

-10.4
545

41

1.30

564

31

1.49

I

576

582.3

-18.1

II

596

601.6

-10.1

I

580

589.7

-9.5

Our efforts to obtain ribbons of high quality from the binary alloys were not successful, the
resulting ribbons were too narrow and thin, and were breaking by loading them in the grips of the
assembly for high-temperature creep measurements. Therefore, only the viscosity of the
quaternary alloys was measured.
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The non-isothermal viscosity measurements were performed at a heating rate of 20 K/min
by means of a Perkin Elmer TMS-2 thermo-mechanical analyzer with a specially designed homemade silica glass assembly for high temperature creep measurements. Detailed description of the
method of measuring and calculating the viscosity is presented in [Russew 1995].
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Figure 4.2.20. Measured viscosity of the amorphous alloys Al85Ni5Co2RE8 (RE= Gd, Ce, U) at heating rate 20K/min
(points). Solid curves – calculated viscosity according FVM dependencies (4.2.10) and (4.2.13). Steep solid curves –
temperature dependence of the quasi-equilibrium viscosity Șeq, calculated according eq. (4.2.12).

Fig. 4.2.20 presents the measured (points) and calculated (curves) viscosity data according
to the Free Volume Model (FVM) temperature dependence of the viscosity Ș of the
Al85Ni5Co2RE8 (RE= Gd, Ce, U) alloys. A common feature of the viscosity curves obtained by
measuring under a constant heating rate is the presence of two almost linear parts and a curved
transitional section between them. The steeper part of the temperature dependence approaches the
quasi-equilibrium structural state of the under-cooled liquid state of the alloys, described by the
“hybrid” equation (4.2.12). The other one is the non-equilibrium viscosity of the vitrified alloy.
The solid curves in the same figure represent the viscosity temperature dependence calculated
according the FVM equations (4.2.10) and (4.2.14). The intersection of the straight lines fitted to
the initial steep slope and final low slope region is defined as glass transition temperature Tg. The
most important features of each glass, namely the glass transition temperature Tg and the value of
the viscosity at Tg , η(Tg), are given in Table 4.2.7 and Table 4.2.8, respectively.
In the following, we summarize the FVM model adapted to describe the viscosity
temperature

dependence

under

constant

heating

rate

conditions

[Russew

1995].

The basic assumption is that viscous flow takes place through thermally activated events at
specific sites in the structure, called flow defects. Duine et al. [Duine 1992] have shown that the
most generalized temperature dependence of the viscosity η of a melt can be represented as
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§ Qη ·§ 1 ·
¸¨ ¸ .
© RT ¹© c f ¹

η = η 0T exp¨

(4.2.10)

Here, QȘ is the activation energy for the viscous flow, η0 is a pre-exponential factor whose
physical meaning is discussed in detail in [Spaepen 1980], and cf is the concentration of the flow
defects. The equilibrium concentration of flow defects is given by

§
B
c f ,eq (T ) = exp¨¨ −
−
T
T0
©

·
¸¸ ,
¹

(4.2.11)

where B and T0 are two model parameters [Duine 1992] which can be related to the empirical
constants BVFT and T0,VFT of the equation of Vogel-Fulcher-Tammann. Combining equation
(4.2.10) and (4.2.11), the so-called ‘hybrid’ temperature dependence of quasi-equilibrium
viscosity ηeq of an undercooled melt is obtained:
§ Qη · § B ·
¸ exp¨
¸.
© RT ¹ © T − T0 ¹

ηeq ( T ) = η 0T exp¨

(4.2.12)

In the case of a glassy alloy which has not yet reached the equilibrium state, cf changes
with annealing time, following a bimolecular kinetics [Duine 1992, Tsao 1985]. It has been shown
by Russew et al. [Russew 1995] that the most suitable equation describing the change of cf in the
glassy alloy with temperature under non-isothermal conditions and at a constant heating rate q in
the temperature range around the glass transition temperature Tg is
ª
T
§ T′
· º
§T
·
c −f 1,high (T , q ) = «c −f 1,0 − ³ Q(T ′) exp¨¨ − ³ P (T ′′)dT " ¸¸dT ′» exp¨¨ ³ P (T ′)dT ′ ¸¸ ,
«
¨ T
¸ »
¨T
¸
To
© 0
¹ ¼
© 0
¹
¬
where P ( T ) = −

(4.2.13)

§ Q
B ·
νr
§ Qr ·
¸. νr is the attempt frequency,
exp¨ − r −
¸, and Q ( T ) = − exp¨ −
© RT ¹
q
q
© RT T − T0 ¹

νr

Qr is activation energy of relaxation, cf,0 is the initial defect concentration and R is the universal
gas constant.
Combining equation (4.2.10) with equation (4.2.13), one obtains the temperature
dependence of viscosity η in the high temperature range around Tg. The Free Volume Model
interpretation of the viscosity experimental data [Russew 1995] allows to specify the model
parameters in eq.(4.2.10) and eq.(4.2.13) by using multi-parameter regression analysis.
The glass transition is the main feature of amorphous materials. The value of the viscosity
at the glass transition temperature equals about 1012 Pa·s, although this is only a very rough
estimate. Angell [Angell 1995] has pointed out that not the absolute value of the melt viscosity but
the rate of viscosity change at Tg is the most important factor determining the glass forming ability
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of different substances including classical silicate glasses and amorphous metallic alloys. This is
mathematically represented as

ª d (logη ) º
mA = «
,
»
«¬ d (Tg / T )»¼T =Tg

(4.2.14)

where m is the melt fragility number of Angell [Angell 1995]. Eq. (4.2.14) is based on the
assumption that the melt viscosity of glass forming substances follows the Vogel-FulcherTammann (VFT) temperature dependence and at T=Tg the viscosity value is 1012 PaÂs. In the case
of the FVM interpretation [Russew 1995], the viscosity temperature dependence should be
described by the “hybrid” eq.(3) instead of Vogel-Fulcher-Tamman-type equation. In this case:
ª BTg
º
Q
+ η − 1» .
mA = 0.434 «
2
RT
(
)
T
T
−
g
»¼
o
¬« g

(4.2.15)

Experimental data for the quasi-equilibrium viscosity around Tg are missing for most
metallic melts because of experimental difficulties: the melt crystallizes before reaching the
temperature Tg. The method for measuring the temperature dependence of viscosity of amorphous
alloys by non-isothermal conditions, developed by Russew et al. [Russew 1995], however, makes
it possible to determine accurately the temperature of glass transition Tg and the temperature
dependence of the non-equilibrium viscosity (below Tg) of the glassy alloys.
The free volume model interpretation of the experimental data allows specifying the
parameters in eq. (4.2.15) Tg, Qη, B and To.
Having determined Tg of the alloys, one can calculate their strength by using the formula
(4.2.22) [Yang 2006] based on the physical analogy between plastic deformation and glass
transition:

σ f = 55

(Ɍ

g

− Troom )
Vm

,

4.2.16)

where Vm is the molar volume of the alloy.
Table 4.2.7 shows fragility number of the melts mA and fracture strength σf of the
investigated amorphous alloys Al85Ni5Co2RE8 (RE= Gd, Ce, U) calculated according to the
relationships (4.2.15) and (4.2.16). As mentioned above, alloys with a low fragility number can be
obtained easily in the amorphous state. In this case, the alloys Al85Ni5Co2RE8 (RE= Ce, U)
posseses a low melt fragility number (mA = 31 and 41, respectively), this fact makes them suitable
for experiments to obtain bulk glassy compacts. The calculated fracture strength shown in Table
4.2.7 has values comparable to that of stainless steel [Wang 2005].
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The values of the model parameters in eq.(4.2.10) and eq.(4.2.13), νr, Qr , cf,ɨ , Tɨ, Qη, B
and ηɨ, , obtained by regression analysis of the experimental data shown in Figure 4.2.25, are
given in Table 4.2.8.
Table 4.2.8. Free Volume Model parameters, νr, Qr , cf,ɨ , Tɨ,Qη, B, and ηɨ, and viscosity at Tg, η(Tg) for the
Al85Ni5Co2RE8 (RE= Gd, Ce, U) alloys.
Alloy
Alloy
Parameters Dimension
Alloy
Al85Ni5Co2Gd8

Al85Ni5Co2Ce8

Al85Ni5Co2U8

νr

1/s

5.6E+16

2.74E+17

8.65E+21

Qr

kJ/mol

105

135

204

cf,o

-

1.7E-3

9.7E-05

5.9E-4

To

K

424

411

397

Qη

kJ/mol

230

182

175

B

K

2390

1990

1710

ηo

Pa s/K

1.8E-23

9.9E-16

7.7E-13

η(Tg)

Pa s

2.6E+10

1.5E+11

2.1E+11

This chapter can be summarized as follows:
- The viscosity values at the glass transition temperature are 2.6·1010, 1.5 ·1011 and 2.1·1011 Pa·s,
for Gd, Ce and U, respectively. These values are smaller than the usually considered limiting value
of the viscosity (1013 Pa·s) considered more or less arbitrarily at the glass transition temperature.
- The fragility parameters, m, given in Table 4.2.7 correspond to medium fragile glasses. The
values are 58, 41 and 31 for the Gd8, Ce8 and U8 samples respectively, just inversely proportional
to

the thermal

stability measured

by Txon

(568, 576 and 580 K, respectively).

- The fracture strengths, σf, presented in Table 4.2.7 are between 1300-1500 MPa which are
excellent values for these light-weight Al-based metallic glasses, being comparable to that of
stainless steel.

4.3. Rapidly solidified Al-Si alloys (based on S12, S13)
4.3.1. Extension of the solubility limit and glass forming by melt quenching
The high thermal expansion, Į, is a well known disadvantage of the industrial Al–based wrought
alloys. Alloying with Si could decrease the thermal expansion coefficient. However, an efficient
suppression of Į requires so much Si addition (see Fig.4.3.1) where a primary Si phase precipitates
which deteriorate the mechanical properties. Approximately 40 wt.% Si content (majority in
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precipitate phase) is necessary to suppress the thermal dilatation coefficient to the value of the cast
iron with which it is in intimate contact in applications as pistons for internal combustion engines.

Figure 4.3.1. Variation of the thermal dilatation coefficient in the Al-Si system compared to the motor cylinder
material. A – measured values for chill-cast silumins (0 - 40 % Si) and for compacts from gas atomized powders (50100%Si) [Jacobson 2000]. B – theoretical values, computed by the law of additives [present thesis]; C – value for the
cylinder material (cast iron).

It needs to be pointed out that the classical processing technology of these alloys by casting
only uses hypoeutectic and eutectic compositions. An improvement of the technological and
operational properties of these compositions requires the finishing of the primary silicon and
eutectic separations.
It is well known that the grain size distribution and the morphology of primary silicon in
hypereutectic silumins play an important role in determining their mechanical properties. The
coarse precipitation of primary silicon has a negative effect on both machinability and operational
properties. Conventional ingot metallurgy yields a polygonal, star-shaped and coarse plated
primary silicon phase that limits the further improvement of the properties of hypereutectic Al-Si
alloys.
Reducing the size of primary silicon precipitates can be achieved metallurgically by
introducing new elements (e.g. Sr), as well as by intensifying the cooling rate.
This is why we have carried out systematic investigations on an evaluation of the Si
content in supersaturated solid solution and its precipitation as a function of different cooling
processes applied in industrial environments. At the same time, the research aimed at identifying
the conditions determining a nano or even amorphous structure of hypereutectic silumins by
adding small amount of amorphising elements.
According to the Al-Si thermal equilibrium diagram, silicon solubility in Į solid solution is
1.65% at 577 oC eutectic temperature, and falls to 0% at room temperature. It is known from the
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literature [V. G. Badaev 1983] that for binary Al-Si alloys the amount of Si retained in solid
solution increases by increasing the cooling rate as it is shown in Table 4.3.1.
Table 4.3.1. Silicon concentration in Į solid solution for various cooling rates and compositions [Badaev1983].
No.

Cooling rate (0C/s)

Silicon concentration
in the alloy(%)

1.

Equilibrium at room

1

2

4

8.3

0

0

0

0
0.7

temperature
2.

1

0.1

0.3

0.5

3.

10

0.2

0.4

0.6

0.8

4.

100

0.3

0.5

0.7

0.9

5.

1 000

0.5

0.8

1.1

1.4

6.

10 000

0.8

1.1

1.5

2.2

7.

100 000

1

1.5

2.4

3.3

We have applied several rapid solidification techniques close to the industrial possibilities
in order to check the extension of solid solubility for Si in industrial-purity Al alloys. In sand
casting, the usual cooling rate is about 100 °C/s, while in chill casting it reaches 102 °C/s. Several
techniques were used for the processing of samples solidified at high cooling rates:
a.) casting of wedge (key) and pyramid type samples in copper chills, Fig. 4.3.2a and b;
b.) suction casting in graphite mould placed in copper mould supports, Fig. 4.3.2c and 4.3.3;
c.) solidification of the liquid jet on the exterior surface of the spinning disk (melt spinning).
a

b

b

c

a

Figure 4.3.2. Devices for the high cooling rate processing
of aluminium based alloys:
a) wedge sample chill, b) pyramid sample chill,
c) suction based chill.

Figure 4.3.3. Laboratory vacuum sucking
device.

The evaluation of the cooling rate [Granger 1989] is based on the following equation:
d = A⋅v-n,

(4.3.1.)
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where d is the distance between the secondary dendrite arms or the diameter of the primary silicon
precipitates (in μm), v the cooling rate (in °C/s). A and n are constants.
Two compositions were used for which equation (4.3.1) is known [ùmakov 2000,
Shivkumar 1991] for a large solidification rate interval (see Table 4.3.1 and Fig.4.3.2.).
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Figure 4.3.2. Interdependence: Cooling rate vs. dendrite parameters [Smakov 2000].
Table 4.3.1. Values of the constants A and n.
Composition

Phase

n

log[A]

Al–Si18 %

Primary Silicon

0,402

2,548

References
[Smakov2000]

Al-Si7 %

Solid solution Į

0,4

2,37

[Shivkumar 1991]

By determining the dimensions of the primary phases in samples processed under different
conditions, and by applying Equation (4.3.1) with the constants from Table 4.3.1, the cooling rates
achieved by the presented devices could be calculated. The estimated values of the cooling rates
for the 4 devices are presented in Table 4.3.2.
Table 4.3.2. Estimated values of the cooling rates by device type.
Device

Device type, product dimensions [mm]

Cooling

Code

(length x thickness/thickness)

[ºC/s]

a

Wedge sample chill

10 2 - 5x102

b

Pyramid sample chill 50x (10-10-10)

5x10 2 – 103

c

Suction chill

100x 1,0; x 0,7; x ĭ1

5 x 103 - 104

d

Spinning disk ribbon

0,030 – 0,100

5x10 5 - 5x106

50x10

rate
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In order to study the extension of Si solubility, three binary alloys have been prepared
(Al88Si12; Al80Si20 and Al60Si40, in at.%) starting from the same hypereutectic industrial alloy [in
wt.%]: Si-23,97; Mg-0,06; Mn-0,04; Fe-0,7; Cu-0,21; Cr-0,012; Zn-0,1 ; Ni-0,08; Ti-0,05; Pb0,026; Sn-0,003. The adjustment of the compositions for the three alloys was achieved by alloying
with aluminium and silicon, respectively. Titanium and phosphorus were used for finishing the
structure of the alloys: Al55Si37Fe6P2 and Al51Si30Fe6P2Ni9Ti2. Furthermore, titanium and nickel
were used [Dermarker 1988, Kawazoe 1996] in order to obtain nano and amorphous structures in
the alloy series:
Al79Si11Ni10-xTix where x = 0, 2, 4, 6, 8 and 10.
It needs to be pointed out that while the Al-Si and Al-Ni systems exhibit eutectic
compositions, there is no eutectic in the Al-Ti system.
The quasi-binary and the multi-component compositions were rapidly quenched from the
melt by melt-spinning in argon atmosphere.
The processed compositions were qualified by using structure analysis by means of light
microscope, SEM, X rays, and by thermal analysis.
Due to the high cooling rate, the structure of the ribbon samples of Al-Si12 composition
consists only of solid solution. This observation is confirmed by the X-ray pattern of Fig. 4.3.3.

Intensity (a.u.)

Al reference

AlSi12 w%

20

40

2θ

60

80

Figure 4.3.3. XRD pattern for reference pure Al and for rapidly quenched Al-Si12 alloy.

Hence, due to the high cooling rate, silicon solubility in the solid Į solution has increased from
zero (equilibrium conditions) to 12 at. %. During tempering operations, silicon precipitates are
formed at temperatures exceeding 320-360° C.
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a

c

b

d

Figure 4.3.4. Quantitative and qualitative modifications determined by the increase in cooling rate,
in the case of a hypereutectic silumin Al80Si20:
a)-sand casting, b.)- wedge sample chill casting, c.)- melt-spinning casting.
d) structure of sample c after tempering at 400 ºC.

Optical microscopy reveals the importance of increasing cooling rate on the
microstructure. In the sequences of Fig. 4.3.4, one can follow that an increased cooling rate yields
in addition to the finishing of the structure, also qualitative modifications, involving the
occurrence of the hypoeutectic structure in a hypereutectic composition. This observation is in
agreement with data from literature concerning the expansion of the coupled growth area under the
influence of high cooling rates and its asymmetrical display in relation to the concentration of the
eutectic point [Genau 2004]. At the same time, the obtained structural modifications are more
intensive than those mentioned in the literature for a similar composition [Xu 2006].
SEM analyses have highlighted that increased local concentrations of iron (61-67%) and
zinc (22-26 %) correspond to the defect points on the smooth surface of the ribbons (see
Fig.4.3.5).
a

b

Figure 4.3.5. Defect points on the smooth surface of Al-Si20 ribbons, with increased concentrations
of alloying elements in points 1, 2 and 3: a.) iron and b.) zinc.

The tendency of nano and amorphous structure formation in the quaternary Al-Si-Ni-Ti
system was studied by the processing of Al79Si11Ni10-xTix (x = 0-10) compositions, obtained by
replacing the silicon in the Al-Si20 basic composition by (Ni+Ti).The obtained X-ray patterns are
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presented in Fig. 4.3.6. The amorphous structure of composition Al79Si11Ni10-xTix (x=2.5) was
confirmed also by thermal analysis (DSC).
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Figure 4.3.6. X-ray diffractograms recorded for
Al79Si11Ni10-xTix (x=0-10)compositions.
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Figure 4.3.7. X ray diffractograms recorded for
compositions based on the Al-Si40 system.

Fig. 4.3.7 shows the X-ray patterns for compositions based on the Al-Si40 alloy.
For the rapidly solidified Al60Si40 system, silicon precipitates of 0.5–1.5 microns were
obtained. Doping with Fe-P refines the structure without introducing further intermetallic
compound phases. Based on Scherrer’s formula, the grain size for Al is 53 nm and for Si 63 nm.
Further doping with Ti and Ni changes the phase composition, the Al nanograins mostly disappear
and beside some unidentified compound phases, 60 nm large Si nanograins can be identified.
A subsequent heat treatment of the nanostructured ribbon samples revealed their excellent stability
up to 450°C. Thus, after tempering the Al55Si37Fe6P2 ribbon at 450°C for 70 hours, the structure
remained submicroscopic.
To sum up, it can be stated that:
(i) the structure of silumins used for engine pistons can be improved by intensifying the cooling
rate, which then leads to a more complete and globular eutectic silicon precipitations;
(ii) the solubility limit of Si in Al can be extended up to 12 at% by rapid quenching from the melt;
(iii) experiments have shown the possibility of obtaining nano and amorphous structures in typical
industrial alloys (Al-Si) by doping with cost effective and available elements (Ni, Ti and P).
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4.3.2. Dilatometer study of Al-Si based alloys with metastable structures
Two eutectic silumins solidified at different cooling rates by applying the processing
technologies comprised in Table 4.3.3. have been studied by dilatometer. The first composition
was an industrial alloy (Si-12,5; Cu-0,08; Mn-0,01; Mg-0,02, Zn-0,05; Fe-0,4 and Pb-0,04%) and
the second one cast by melt spinning consisted of pure alloying elements.
Table 4.3.3 shows also the dimensions of the parts obtained by the mentioned technologies.
Table 4.3.3. Sample dimensions depending on the processing technology.

These processing technologies have ensured cooling rates between 1 and 105 oC/s as it was
shown in the previous chapter. For these cooling rates, the resulting structures are metastable, that
is, out of equilibrium. This can be established by the quantity of silicon retained in the solid
solution. During heat treatment, thus during the dilatometric analysis of the test pieces included,
the main transformation is that of silicon precipitation in the super-saturated Į solution. For
dilatometric analysis, test pieces of 6 mm diameter and 10-20 mm length were taken and studied
by means of a LINSEIS L75/230 dilatometer.
Fig. 4.3.8 shows the dilatometric curves and the corresponding derivatives for test piece
no. 3 of Table 4.3.3 for two heating rates, indicated in brackets (in oC/min). The nominal heating
rates were 5, 10, 15, 25, 35, 40 and 50 oC/min. The real values have been determined by using the
registered heating curves which are a little different from the planned values.
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Figure 4.3.8. Dilatometric curves and corresponding derivatives for test obtained by sand mould casting (piece no. 3).

The activation energy could be determined by Kissinger’s method [Kissinger 1957], for the
continuous heating of the test pieces:

ln

β
Tm2

=−

Ea
+M ,
R ⋅T

where: T- temperature;
ȕ(or v)- heating rate in ˚C/s;
R- universal gas constant, R= 8.3144 [J/mol.K];
M- constant;
Tm- maximal point of the dilatation curves derivative, in Kelvin.
Using the dilatometric experimental data, the value of the activation energy could be
determined for the silicon precipitation in the case of samples obtained by different cooling
processes (see Fig.4.3.9.).
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Figure 4.3.9. Variation of the activation energy depending on processing (cooling) conditions.

The values of activation energies depend on the casting (cooling) conditions of the
analyzed test pieces.
In the case of test pieces no. 1 and 3, silicon precipitation takes place on the already
existing silicon precipitates in the structure of the alloy. In this case, the structural transformation
can be described by the following equation:
Įsuper-saturated: Si < 12 % + Sieutĺ Įequilibrium: Siĺ0 % + Si .
In the case of test piece no. 4, solidified at a high cooling rate the entire quantity of silicon
has remained in the Į solid solution, as confirmed by XRD in the previous chapter.
Silicon precipitation in the supersaturated solution was generated by the heat treatment
applied during the dilatometric analysis of the test piece as shown in Fig. 4.3.8.
In this case the structural transformation can be described by the following equation:
Įsuper-saturated: Si > 12 % ĺ Įequilibrium: Siĺ0 % +Si .
Consequently silicon precipitation in the super-saturated solution includes, in this case, both
germination and diffusion phenomena, what accounts for the value of the activation energy, which
is significantly higher than for test pieces no. 1 – 3.
In the case of binary compositions, the main structural transformation is the precipitation
of silicon in the super-saturated Į solid solution.
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Figure 4.3.10. Microstructure of the sample obtained by melts spinning
(test piece no. 4). The ribbone thickness is 30 ȝm.

As a result, we can state that the cooling conditions influence the value of the activation
energy of silicon precipitation, in the sense that it increases with an increasing cooling rate.
In the case of thin tapes, the precipitation of silicon in super-saturated Į solid solution also entails
a nucleation process, what causes the activation energy to be significantly greater than in the case
of solid solution decomposition involving solely diffusion processes.
The values obtained for the activation energies are in good agreement with those obtained
by other methods like DSC [Lasagni 2007, Ovona 2007].
4.4 Application related issues [Based on S15 and S16]: Bulk amorphous and nano-crystalline
aluminum-based alloys obtained by hot pressure consolidation
Al–based

amorphous

alloys

with

well-separated

primary

and

secondary

crystallization peaks are easier to keep under controll during nanocrystallization heat
treatment to keep the nano-Al + residual amorphous dual phase structure during
compaction. The most successful techniques for the production of bulk nanostructured
aluminum alloys involve the production of fully or partially crystalline powders by
atomization and consequent consolidation [Kawamura 2001, Takagi 2001, and Inoue
2001].
The consolidation has been usually performed by hot-pressing or warm-extrusion.
Less mentioned in the literature is the method of production bulk compacts starting from flakes
obtained by cryo-chopping of rapidly quenched ribbons. In this thesis we are going to apply both
gas atomized powders and chopped ribbon flakes.
Before the compaction experiments, we have studied the nanostructured ribbon
samples especially the effect of crystalline fraction on microhardness.
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To reduce the price of the material, we have used mischmetal instead of pure RE elements,
having the following composition Mm = 50.3 Ce, 43.5 La, 5.9 Pr, 0.3 Nd (wt.%).
In order to reduce further the price, we have studied the effect on nanocrystallization of the
replacement of Co to Fe. The composition Al 88 Mm 5 Ni 5 (Fe,Co) 2 was selected to show a wellseparated primary crystallization peak from the second peak of transformation of the residual
amorphous phase as can be seen in Fig 4.4.1.
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Figure 4.4.1. DSC scan at 20K/min of as-cast
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Figure 4.4.2. XRD scan of nanostructured ribbons.

The stability of the amorphous phase is slightly enhanced for the alloys containing
Fe with respect to those containing Co. On the other hand, the 2 nd transformation stage is
shifted clearly to higher temperatures in the case of Fe with respect to the alloys with Co,
for which the overlapp between the 2 nd and the 3 rd transformation peaks is stronger than
for Fe-containing alloys.
The annealing was performed at 230 oC for 20 minutes, just before the onset temperature
of the primary crystallization (236 oC). The XRD pattern (Fig.4.4.2) confirms that the first
exothermic peak in this alloy is associated with the formation of the fcc-Al phase.
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a.)

b.)

Figure 4.4.3. Bright field image with selected-area electron diffraction pattern of a) Al 88 Mm 5 Ni 5 Fe 2 and
b) Al 88 Mm 5 Ni 5 Co 2 ribbons after isothermal annealing at 230°C for 20 min.

The microstructure generally consists of randomly distributed fcc-Al nanocrystals
embedded in the amorphous matrix, as seen on the TEM images shown in Fig. 4.4.3.
In order to study the effect of annealing time on microhardness, amorphous ribbons of
Al 88 Mm 5 Ni 5 (Fe,Co) 2 were annealed at 230 o C for different times and microhardness was
measured. The dependence of microhardness on annealing time is shown in Fig. 4.4.4.

520

HV0.02

480
440
400
360

Al88Mm5Ni5Fe2
Al88Mm5Ni5Co2

320
0

10

20

30

40

50

60

annealing time (min)

Figure 4.4.4. Dependence of microhardness on annealing time of Al 88 Mm 5 Ni 5 (Fe,Co) 2 ribbons.

It can be seen that increasing annealing time up to 10 min leads to a rapid increase
in microhardness from 375 and 342 HV 0.02 up to 480 and 491 HV 0.02 for the Co- and Fecontaining alloys, respectively. After about 20 min of annealing time, the microhardess
values reach a saturation level, which could be related to a completion of the
nanocrystallisation process. The volume fraction of the nano-Al after annealing at

108

Results and discussion
o

230 C /20 min is about 28 % as can be determined from the first peak of the XRD
pattern shown in Fig. 4.4.2.
In accordance with the literature data [Inoue 1994] reported on other Al-based
compositions, it has been found that a homogeneous dispersion of nanoscale fcc-Al
particles within the amorphous matrix can significantly increase the hardness up to about
500 kg/mm 2 (and consequently the tensile strength up to about 1500 MPa) which is about
1.4 times higher than that of the corresponding amorphous single-phase alloy.
Compaction experiments have been performed on quaternary Al88Mm5Ni5Co2 and
Al85Mm8Ni5Co2 alloys. The first one possesses well-separated primary crystallization peaks while
the second one shows higher crystallization peaks, as it was presented in Chapter 4.2. Beside
ribbons, amorphous powders have also been prepared by gas atomization technique, using a home
built device.
Figures 4.4.5-4.4.6 illustrate XRD traces obtained on the as-melt spun Al88Mm5Ni5Co2 and
Al85Mm8Ni5Co2 ribbons and gas-atomized powders. The broad diffuse peaks indicate that both the
as-quenched Al88Mm5Ni5Co2 and Al85Mm8Ni5Co2 ribbons are amorphous whereas the gasatomized powders are partly nanocrystalline. The thermal stability and the crystallization process
can be followed in Figs. 4.4.3-4.4.4, where the DSC curves are shown for rapidly solidified
Al88Mm5Ni5Co2 and Al85Mm8Ni5Co2 samples, respectively. The gas-atomized powders present
smaller DSC signal for the same amount of sample (~10 mg) than the melt spun ribbon, in
accordance with its partially nanocrystalline structure. The amount of the nanocrystalline phase
(fcc-Al) was determined from the total energy of amorphous-crystalline transformation (area
under the DSC signal), taking the area of a fully amorphous ribbon sample corresponding to 100
%. The obtained fractions are ~70 vol.% and 25 vol.% for Al85Mm8Ni5Co2 and Al88Mm5Ni5Co2
gas atomized powders, respectively.
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Figure 4.4.5. XRD patterns of as-melt-spun
Al85Mm8Ni5Co2 and Al88Mm5Ni5Co2 ribbons
(Co-KĮ radiation).
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Figure 4.4.6. XRD patterns of gas-atomized
Al88Mm5Ni5Co2 powders (Cu-KĮ radiation).
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Figure 4.4.7. DSC traces of as-melt-spun
Al85Mm8Ni5Co2 ribbon and powder.

Figure 4.4.8. DSC traces of as-melt-spun
Al88Mm5Ni5Co2 ribbon and powder.

The pre-peak obtained for Al88Mm5Ni5Co2 at Tx1 ~ 250 oC corresponds to the primary
crystallization of fcc-Al. This pre-peak is missing for the alloy with 8 at.% Mm, indicating that the
fcc-Al phase crystallizes together with the intermetallic compounds in this alloy with higher Mm
content. More details of the crystallization have been presented in Chap. 4.2.
The crystallization process as a function of annealing temperature (the annealing time was
30 minutes for each sample) on ribbon samples can be followed by hardness measurement as well
(see Fig. 4.4.9).
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Figure 4.4.9. Evolution of micro-hardness as a function of annealing temperature.

The DSC pre-peak for sample with Mm5 manifests itself in an earlier increase of the
hardness than for the sample with Mm8 which latter remains amorphous up to about 300 oC.
Bulk amorphous (or partly nanocrystalline) Al88Mm5Ni5Co2 and Al85Mm8Ni5Co2 samples
have been produced by hot-pressure consolidation of gas-atomized powders and flakes obtained
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by the chopping of melt-spun amorphous ribbons. Different preheating temperatures and
compaction pressures were explored to improve the quality of compaction.
The appearance of a nano-fcc–Al component in the amorphous structure is not detrimental
for the compaction behavior, whereas the appearance of a hard intermetallic compound makes
impossible a 100 % compaction at around 350-400 oC. After several trials of hot consolidations it
turned out that a true amorphous, nearly 100 % compact disk could be obtained from
Al85Mm8Ni5Co2 ribbon flakes (between 50 – 100 μm) by applying a hot compression at 225 oC
and 870 MPa for 2 min. It is worth mentioning that almost 100 % compaction could bee obtained
only by applying a relaxation treatment for 30 minutes of the preliminary cold-compressed sample
at the annealing temperature. The metallographic picture in Fig. 4.4.10 shows a perfect welding of
the ribbon flakes. The amorphousness was proved by XRD. The Vickers hardness of the
amorphous disc was 425 HV0.04, similar to that of starting ribbon sample.

Figure 4.4.10. Metallographic picture at 500x of bulk Al85Mm8Ni5Co2 disk obtained from amorphous ribbon flakes
(between 50-100μm) consolidated at 225°C and 870 MPa for 2 min.

The gas-atomized powders could be compacted up to a density level of 96 % only, at
similar conditions. Probably a higher pressure level would be necessary for these partly
nanocrystalline powder samples which have a higher hardness than the amorphous one. The
hardness of the 96 % dense disc is in general larger than that of the initial amorphous ribbon but it
depends on the place of the indent and shows a large scatter.
To sum up this chapter, an almost 100 % dense bulk amorphous Al85Mm8Ni5Co2 disc
could be obtained by hot compaction at temperatures below the onset crystallization temperature
of initially cold-compacted amorphous flakes.
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5. Conclusions: The main results of the thesis
By studying the glass forming ability and devitrification of Al-based amorphous alloys, I
have prepared novel amorphous alloys which have primordial importance for the preparation of
compacts with high temperature stability and high strength.
The main results of the thesis are:
1. I have applied data processing methods known in the literature for Al-based amorphous alloys
(both for the own and literature data) which was useful to place the Al-based alloys among the
other metallic glasses (based on Zr, Fe, Cu, etc.) based on some physical characteristics, like heat
of mixing, atomic mismatch, crystallization temperature and hardness:
1.1. A combination of the heat of mixing (ǻHmix) and atomic mismatch parameters has been
used to assess the GFA of Al-based alloys. It can be stated that for Al-based amorphous
compositions, ǻHmix is between -9 and -20 kJ/mole whereas for bulk metallic glasses (based on
Fe, Cu, Pd, etc.) ǻH is between -25 and -40 kJ/mole [S1,S2]. The low GFA of Al-based alloys can
be attributed to the relatively low heat of mixing and low relative atomic volume differences of the
constituent elements. In addition, the lack of a deep eutectic at high Al-concentrations also
contributes to the low GFA.
1.2. By analyzing the density data of Al-based amorphous alloys, I have demonstrated that the
atomic volumes (i.e., the metallic radii) are conserved during alloy formation and the rule of
mixture can be applied for the average molar volume [S2].
1.3. A correlation was found [S2] between the crystallization temperatures and hardness values
for the Al-based amorphous alloys. Furthermore, a correlation was found between the number of
valence electrons and the hardness of Al-based amorphous alloys. In this way, an electronic rule
for the formation of amorphous alloys with high thermal stability and strength could be
established: the larger the average total electron number, e/a (or the Pauling valency, VEC), the
better the strength and stability. Completing our results with the hardness data for other
amorphous alloys from the literature, a maximum strength and thermal stability can be envisaged
for the single-phase amorphous alloys for e/a around 6-6,5.
2. Based on the findings summarized above in item 1, several novel compositions of Al-based
amorphous alloys have been prepared for the first time by rapid quenching from the melt, with the
aim of preparing as cheap as possible alloys with high temperature stability and strength:
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2.1. In the widely investigated alloy system, Al-RE-Ni, the lanthanida element was replaced (i)
by a refractory element, Ta, [S3], which enabled to increase the usual crystallization temperature
from 320-350 oC to 400 oC; (ii) by an actinida element, U [S4], which produced no considerable
improvement in thermal and mechanical properties.
2.2. Elements with large heat of mixing with Al, like Sb, have a detrimental effect on GFA [S5].
2.3. The cheap mischmetal (Mm) can replace the pure and expensive RE elements without
essential modifications of crystallization sequences [S6]. Above 88 at.% Al-content, nanosized Al
grains precipitate out of the Al-RE-TM amorphous alloys. Above 88 at.% Al-content, due to the
crystal nuclei quenched-in during the melt-spinning process, nanosized Al-grain appear at low
temperature (~150 oC), indicated by a pre-peak in the DSC thermogram. The pre-peak and the
glass transition exclude each other. The pre-peak can be suppressed by reducing the Al-content
within the ductility range (~84-88 at.% Al).
3. Based on the existing crystallization models, new procedures were introduced in order to
estimate:
3.1. The long-term thermal stability on the basis of the Kissinger relation [S8].
3.2. A lower bound for the glass-transition temperature [S9], by applying a scaling approach for
the isothermal crystallization.
4. By studying the Al-Si-based eutectic composition (Al88Si12) with industrial purity as a function
of the cooling rate, the following have been established:
4.1. The solubility limit of Si in Al can be extended up to 12 at.% by rapid quenching from the
melt. The activation energy for precipitation of Si is much higher for samples with initial complete
solid solution than for those with partial solute content [S10-S11, S12, S13].
4.2. The Al-Si eutectic composition (Al88Si12) with industrial purity can be amorphized by rapid
quenching from the melt when replacing 10 at.% Al by 7.5 at.% Ni and 2.5 at.% Ti [S13].
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Exploitation of the results
This work can be characterized as fundamental research with both theoretical and practical
applications. The novel alloys complement our knowledge concerning the Al-based amorphous
alloys published so far. The correlation between hardness and crystallization temperatures and
between the hardness and e/a number can be used to compare them with the theoretical
estimations of these parameters. In order to facilitate the practical applications of rapidly quenched
amorphous and/or nanostructured Al-based alloys:
-

Experimental setups were developed and applied for the compaction of amorphous ribbon

flakes in order to obtain amorphous and partly nanocrystalline disk samples [E2].
- Al-Mn based permanent magnet have been prepared by rapid quenching from the melt for the
first time in the literature [E8] wich provided a nanocrystalline precursor magnet having a texture
along the ribbon. The ribbon flakes can be used for preparing highly oriented composite magnets.
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