
Microstructure and Mechanical Performance of      

Ultrafine-grained Titanium and 316L Stainless      

Steel Processed by Severe Plastic Deformation 

 

 

Ph.D. Dissertation 

of 

Moustafa Mamdouh Taha El-Tahawy 

 

Submitted to 

 Eötvös Loránd University, Doctoral School of Physics, 

Materials Science and Solid State Physics Program 

   

Supervisor 

Prof. Jeno Gubicza 

Full professor, DSc. 

 

 

 

 

Eötvös Loránd University 

Department of Materials Physics 

Budapest, 2018 



To the Graduate Council 

 

This Ph.D. Dissertation is submitted as a partial requirement for the degree of Doctor of 

Philosophy in Material Science from Department of Materials Physics in Eötvös Loránd 

University, Budapest. My Ph.D. studies were conducted under the supervision of senior 

supervisor Prof. Dr. Jenő Gubicza in Department of Materials Physics at Eötvös Loránd 

University. 

 

 

Moustafa El-Tahawy 

 

 

Eötvös Loránd University, Doctoral School of Physics 

Head of doctoral school: Prof. Tamás Tél 

 

Materials Science and Solid State Physics Program  

Head of the doctoral program: Prof. István Groma 



   Table of Contents 

i 

 Table of Contents 

  

Table of Contents ............................................................................................................... i 

List of Acronyms .............................................................................................................. iv 

List of Notations ................................................................................................................ v 

Preface…… ……. ............................................................................................................. vi 

Layout of the Thesis ...................................................................................................... viii 

 

Chapter 1     Literature Overview…………........................…………………………1 

1.1 Background ........................................................................................................... 1 

1.2 Severe Plastic Deformation................................................................................... 3 

1.2.1 Two Steps Material Processing .................................................................... 5 

1.2.1.1 Rolling ..................................................................................................... 6 

1.2.1.2 Multi-Directional Forging ....................................................................... 8 

1.2.2 High-Pressure Torsion ................................................................................ 10 

1.2.2.1 The Historical and Fundamental Principle of HPT ............................... 10 

1.2.2.2 Strain Imposed by HPT ......................................................................... 14 

1.2.2.3 Factors Influencing the Microstructure Obtained by HPT .................... 15 

1.2.2.4 Grain Refinement Through HPT-processing ........................................ 17 

1.2.2.5 Dislocations in HPT Processed Materials ............................................. 20 

1.2.2.6 Evolution of the Mechanical Properties During HPT-processing ......... 22 

1.2.2.7 Thermal Stability of HPT-processed Materials ..................................... 28 

1.3 Aims and Motivations ......................................................................................... 30 

 

Chapter 2      Materials and Experimental Methods……...………………...……..32 

2.1 Studied Materials and Their SPD-Processing Techniques ................................. 32 

2.2 Experimental Methods ........................................................................................ 37 



   Table of Contents 

ii 

2.2.1 Fundamentals of X-ray Line Profile Analysis ............................................ 37 

2.2.1.1 Size Broadening .................................................................................... 39 

2.2.1.2 Strain Broadening .................................................................................. 42 

2.2.1.3 Broadening Caused by Planar Faults ..................................................... 44 

2.2.1.4 Instrumental Broadening ....................................................................... 45 

2.2.2 X-Ray Measurement and Evaluation Method ............................................ 46 

2.2.3 Electron Microscopy Characterization of the Studied Materials................ 48 

2.2.3.1 Scanning Electron Microscopy.............................................................. 49 

2.2.3.2 Electron Backscatter Diffraction ........................................................... 49 

2.2.3.3 Energy Dispersive X-ray Spectroscopy ................................................ 50 

2.2.3.4 Transmission Electron Microscopy ....................................................... 50 

2.2.4 Measurement of Mechanical Properties ..................................................... 51 

2.2.4.1 Tensile Tests .......................................................................................... 51 

2.2.4.2 Hardness ................................................................................................ 53 

2.2.5 Differential Scanning Calorimetry ............................................................. 53 

 

Chapter 3    Processing of Ultrafine-grained Titanium with High Strength and Good 

Ductility by a Combination of Multiple Forging and Rolling ............... 54 

3.1 Microstructure of the MF-processed and rolled samples .................................... 54 

3.2 Mechanical behavior of MF-processed and rolled Ti samples ........................... 60 

 

Chapter 4   Microstructure, Phase Composition and Hardness Evolution  in 316L 

Stainless Steel Processed by High-pressure Torsion .............................. 64 

4.1 Change of phase composition during HPT ......................................................... 64 

4.2 Microstructure evolution during HPT as determined by SEM and EBSD ......... 66 

4.3 Grain size and dislocation density from TEM and XLPA .................................. 72 

4.4 Evolution of hardness in the HPT-processed stainless steel ............................... 76 

4.5 Comparison of the results with the literature data .............................................. 78 

4.6 Correlation between the hardness and the grain size .......................................... 80 

 



   Table of Contents 

iii 

Chapter 5   Thermal Stability of Nanocrystalline 316L Stainless Steel Processed by 

High-pressure Torsion ............................................................................... 83 

5.1 DSC investigation of the initial material and the sample processed by HPT ..... 83 

5.2 Changes of phase composition during DSC annealing ....................................... 85 

5.3 Microstructure evolution during annealing ......................................................... 88 

5.4 Influence of the DSC heat treatment on the hardness of the HPT-processed 

samples ................................................................................................................ 95 

5.5 Activation energies determined from the DSC thermograms ............................. 96 

5.6 Comparison of the change of stored energy with the heat released/absorbed during 

DSC annealing .................................................................................................... 99 

5.7 The relation between the hardness and the grain size during annealing ........... 105 

 

Chapter 6  The Effect of Annealing on the Tensile Properties of HPT-processed 

Nanocrystalline 316L Stainless Steel ...................................................... 107 

6.1 Tensile stress-strain behavior of the HPT-processed and subsequently annealed 

316L samples .................................................................................................... 107 

6.2 The Influence of the phase composition and the microstructure change on the 

tensile properties of 316L steel ......................................................................... 111 

6.3 Comparison of the tensile performance of the present samples with the literature 

data .................................................................................................................... 114 

 

New Scientific Results ................................................................................................... 116 

Research Achievements ................................................................................................ 119 

Acknowledgement ......................................................................................................... 121 

References…………………………………………………..…………………………122 

 

 



   List of Acronyms 

iv 

 List of Acronyms 

 
AR Asymmetric Rolling 

ARB Accumulative Roll Bonding 

bcc Body-centred cubic 

CCDF Cyclic Close-die Forging 

CMWP Convolutional Multiple Whole Profile 

DSC Differential Scanning Calorimetry 

EBSD Electron Backscatter Diffraction 

ECAP Equal-channel Angular Pressing 

EDS Energy-dispersion X-ray Spectroscopy 

fcc Face-centred cubic 

HAGB High-angle Grain Boundaries 

hcp Hexagonal close-packed  

hkl Miller Indices  

HPT High-pressure Torsion 

LAGB Low-angle Grain Boundaries 

MF or MDF Multiple Forging or Multi-directional Forging 

NC Nanocrystalline 

RT Room Temperature  

SEM Scanning Electron Microscopy  

SF Ftacking Sault 

SFE Stacking Fault Energy 

SPD Severe Plastic Deformation 

TE Twist Extrusion 

TEM Transmission Electron Microscopy 

UFG Ultrafine-grained 

UTS Ultimate Tensile Strength 

XLPA X-ray Line Profile Analysis 

XRD X-ray Diffraction 

YS Yield Strength 



   List of Notations 

v 

 List of Notations 

 

b Length of the Burgers vector 

cv Vacancy concentration. 

d Grain size 

Edisl Energy stored in the dislocations 

EHAGB Energy stored in the HAGB 

Evac Energy stored in vacancies 

ɛeq Equivalent strain 

G Shear modulus 

KIC Fracture toughness 

Q Activation energy 

q Dislocation character (edge/screw) 

Tp Temperature of DSC peak maximum 

β Heating rate 

βt Twin-fault probability 

γGB Average HAGB energy 

ρ Dislocation density 

σo Lattice friction stress 

σy Yield stress  

<x> area Area-weighted mean crystallite size 

<x> vol Volume -weighted mean crystallite size 

<x>arit Arithmetic average of the crystallite sizes 



   Preface 

vi 

 Preface 

 

In the past, the improvement of mechanical properties of metallic materials was achieved 

mainly by adding alloying elements. The success of this strategy was significantly influenced by 

the availability of the required elements. In addition, many alloying elements are toxic for the 

human body, hence their usage must be avoided in some applications (e.g., in surgery). 

Therefore, in the last decades another strategy was elaborated for the increase of the strength of 

metals which is referred to as severe plastic deformation (SPD). During SPD processes, the 

grains are refined to the ultrafine-grained (UFG) or nanocrystalline (NC) regime. Samples with 

the mean grain size between 100 nm and 1000 nm are referred to as UFG materials. When the 

grain size is reduced below 100 nm, the materials is called as nanocrystalline. 

UFG and NC metals are characterized by unique mechanical and physical properties that 

predestine these materials for novel applications. The most dominant property is the very high 

yield strength. The fatigue strength and the wear resistance are also improved due to the grain 

refinement. Usually, the ductility is reduced when the grain size decreases but for some naturally 

brittle alloys the ductility can be improved at certain temperatures. 

In the last two decades, the manufacturing of UFG and NC materials by means of SPD 

have become an extensively studied research area in materials science. One of most notable 

features of SPD is its capability to process high strength UFG and NC materials with high purity. 

The combination of high purity and strength is essentially important in the applications of 

materials as surgical implants. 

The main topic of this thesis is the study of the microstructure and mechanical properties 

of UFG and NC materials used in medical applications. The present study focuses on 

commercially pure titanium and 316L stainless steel. In both materials the UFG and NC 
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microstructures were achieved by SPD techniques. In the case of titanium, the samples were 

processed by plane rolling and multiple forging (MF). The specimens of 316L stainless steel 

were deformed by high-pressure torsion (HPT). In addition, the thermal stability of the NC 

microstructure in 316L stainless steel processed by HPT was investigated by Differential 

Scanning Calorimetry (DSC).
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 Layout of the Thesis 

 

This thesis is divided into six chapters and each chapter is briefly summarized below: 

Chapter 1 deals with the general features and basics of SPD techniques, which were used 

in the present studies for the production of UFG and/or NC samples. In addition, a brief summary 

is given for the correlation between the microstructure and the mechanical properties of SPD-

processed metals and alloys.  

In chapter 2, I show the experimental techniques applied in my studies. A special emphasis 

is placed on the method of X-ray line profile analysis (XLPA) which was used for the 

determination of the defect structure in my SPD-processed materials. 

In chapters 3-6, I present my research results. First, in chapter 3 the evolution of the 

microstructure and the mechanical properties of Grade 2 titanium semi-products processed by a 

combination of multiple forging and subsequent plane rolling is shown. 

In chapter 4, I present the experimental results obtained on the evolution of the 

microstructure, phase composition and hardness in 316L stainless steel processed HPT at room 

temperature. 

In chapter 5, the thermal stability of the microstructure and the phase composition of NC 

316L stainless steel processed by HPT is studied. In addition, the stored energy in NC 316L 

stainless steel is calculated and compared with the experimentally determined heat released. 

In chapter 6, the effect of annealing at different temperatures on the tensile properties of 

HPT-processed NC 316L stainless steel is determined and compared with the data available in 

the literature. Our study shows that a combination of HPT processing and subsequent annealing 

to 1000 K yields an exceptional combination of high strength and good elongation to failure in 

316L steel.
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 Chapter 1 

 

Literature Overview 

 

In this chapter, the fundamentals of the processing of ultrafine-grained (UFG) and 

nanocrystalline (NC) materials by severe plastic deformation (SPD) are overviewed. The 

equivalent strains of various kinds of SPD techniques applied in the present study are discussed. 

The details about high pressure torsion (HPT) technique, which is the main processing method 

used in this research are also presented. The correlation between the microstructure and the 

mechanical properties of metallic materials processed by HPT is discussed according to the 

literature. Moreover, the literature results on the thermal stability of the defect structure in HPT-

processed materials are also overviewed. Finally, the objectives and the motivations of this study 

are presented. 

 

1.1 Background 

The fabrication of structural materials with enhanced physical and mechanical properties is 

one of the most prominent research area in materials science due to the requirements of the new 

emerging applications for the modern life. It is well established that nanoscale materials possess 

unusual features contributing to their improved physical and mechanical behavior [1-5]. Generally, 

NC materials can be classified according to their dimensions into four categories as illustrated in 

Fig, 1.1: zero dimensional materials (e.g., clusters and nanoparticles), one dimensional materials 

(e.g., nanowires and nanotubes), two dimensional materials (e.g., thin films and multilayers) and 

three dimensional materials (e.g., bulk nanostructured materials) [1, 6-9]. 
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Fig. 1.1: Schematic drawing to show the classification of nanostructured materials according to 

their dimensions as: 0D – three dimensions are nanosized, 1D – two dimensions are nanosized, 

2D - one dimension is nanosized, and 3D – bulk materials with nanosized grains [9]. 

 

Nanostructured materials can be synthesized by two fundamental routes, referred to as 

bottom-up and top-down approaches [9-11]. The underlying concept of the bottom-up approach is 

to build up the nanostructured materials from individual atoms. In this process, the materials can 

be produced by many different methods including inert gas condensation, chemical vapor 

deposition and electrodeposition [3, 9, 12]. 

In the top-down approach, the NC materials are produced form coarse-grained counterparts 

through the process of grain refinement. The grain size reduction is usually achieved by SPD [10, 

11]. It is considered that the SPD techniques are the most common and effective methods in top-

down approach for producing the bulk UFG and/or NC metallic materials [4, 5, 13-15]. The 

fabrication of NC materials using SPD techniques helps to overcome several difficulties of bottom-

up processing methods, such as the residual porosity and contamination. The bulk UFG and NC 

materials processed by SPD are usually structurally disordered, containing a high density of lattice 
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defects such as vacancies, dislocations and grain or interphase boundaries [10, 11]. The high defect 

density in SPD-processed samples has a strong influence on the properties of these materials such 

as strength, ductility, fracture toughness and corrosion resistance  [16, 17]. 

  

1.2 Severe Plastic Deformation 

Severe plastic deformation is a universal term involving a group of material processing 

techniques, which are commonly used for fabrication high strength metals and alloys through grain 

refinement. The history and development of SPD techniques go back to P.W. Bridgman who 

received the Nobel Prize in physics in 1935 for the invention of an equipment that has the 

capability to provide an extremely high hydrostatic pressure [18-20]. This invention allowed to 

deform materials under very high pressures, thereby maintaining the integrity of the deformed 

samples even at high strains. An early attempt to develop SPD techniques was introduced by Segal 

in 1974 [21]. However, the technology of SPD processing was not widely spread until 1990’s. 

Then, SPD became the most frequently used technique for processing bulk UFG and NC materials 

[4, 13-15, 22, 23]. Nowadays, SPD techniques are further developed and include several kinds of 

processing methods such as equal-channel angular pressing (ECAP), high pressure torsion (HPT), 

multiple forging (MF), twist extrusion (TE), etc. [4, 13, 15, 23, 24]. Due to the difference in the 

principal operations and sample sizes of these methods, the resulting microstructure and grain size 

of the samples show a significant variation when processed by different methods. Generally, SPD 

techniques have remarkable ability to produce bulk UFG and NC materials which possess 

extraordinary and attractive mechanical properties [4, 5, 14, 15, 23]. 

It is well known that the grain size is one of the most essential microstructural factors which 

controls the mechanical and physical properties of bulk UFG and NC materials processed by SPD 

[1, 2, 4, 5, 22]. Generally, the strength of polycrystalline materials can be directly enhanced by 

decreasing the grain size. The correlation between the yield stress, σy, and the grain size, d, in 
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polycrystalline materials at low temperatures is usually described by the Hall–Petch relationship 

[25, 26]: 

 𝜎𝑦 = 𝜎𝑜 +  𝑘𝑦𝑑−1/2, (1.1) 

where σo is the lattice friction stress and ky is a constant, depending on the structure and the 

chemical composition of the material. On the other hand, the dependence of the fracture toughness, 

KIC, on the average grain size for polycrystalline materials is usually expressed as [16]: 

 𝐾𝐼𝐶 = 𝐾0 + 𝐾𝐹𝑑−1, (1.2) 

where K0 and KF are two experimental constants, depending on the tested material. The value 

of KF may be positive, negative or zero for the different materials [27, 28]. 

Other important factors that may have a significant effect on the mechanical behavior of 

materials processed by SPD techniques are the lattice defects such as vacancies, dislocations, 

stacking and twin faults. Among these lattice defects, dislocations are considered as the major 

factor which governs the mechanical behavior of metallic materials. It is well known that the 

dislocation density in metals increases with increasing plastic strain. The presence of dislocations 

in UFG metals processed by SPDs is typical with a high density of 1014–1016 m−2 [10, 11]. 

Therefore, in such materials dislocations hinder the movement of each other, causing hardening of 

the material. This phenomenon is known as work hardening. The classical equation which 

describes the relationship between the yield stress and the dislocation density is so-called as Taylor 

equation [29]: 

 𝜎𝑦 = 𝜎0 + 𝛼𝑀𝐺𝑏√𝜌, (1.3) 

where M is the Taylor factor, G the shear modulus, b the length of the Burgers vector, α is a 

dimensionless parameter (usually, α has a value of 0.3-0.4) and σ0 represents the strength 
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contribution caused by other obstacles against dislocation glide. With increasing the imposed 

strain during SPD-processing, the crystallite and grain sizes reach their minimum values while the 

dislocation density increases to a saturated value. Although there is no strict correlation between 

the grain size and the dislocation density, the higher dislocation density is usually accompanied by 

a smaller grain size. 

The application of SPD such as HPT yields not only a high strength of metals [4, 5, 10, 11, 

22], but may also result in significant changes in the fatigue resistance [30], corrosion resistance 

[31], wear resistance [32], ductility [33] and phase composition [34, 35]. Therefore, SPD 

processing can be used for tailoring the properties of materials in accordance with the demand of 

different applications. It is noted that SPD techniques are often combined with conventional 

methods of metal forming, such as extrusion and rolling, in order to achieve a higher imposed 

strain which may result in an enhanced grain refinement. 

In the present study, two routes of processing techniques were used to produce UFG or NC 

materials: (i) HPT for 316L stainless steel and (ii) combination of rolling and MF for titanium 

samples. Such a combination of metal processing is not frequently available in the literature. 

Therefore, the evolution of microstructure and mechanical properties of materials processed by 

this route will not be discussed in this literature overview. At the same time, HPT is a widespread 

processing method that induces extremely high plastic strain in metallic materials. Moreover, the 

HPT technique is considered as the main processing method in this study and therefore it will be 

overviewed in more details. 

 

1.2.1 Two Steps Material Processing  

The combination of two techniques for materials processing is usually introduced to get a 

higher level of grain refinement in metals and alloys, especially if it combines non-monotonic 

strain paths [14, 36]. Although, most of the conventional methods such as rolling are used for 
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processing materials with massive quantities (mass production), but they induced lower strain 

which may not be enough to cause grain refinement to UFG regime. In this case, it is more 

appropriate if the material is further deformed using one of the effective SPD techniques.  

 

1.2.1.1 Rolling 

Rolling is one of the oldest techniques that have been used for metals processing.  

A typical machine used for rolling metal is normally called rolling mill. It is usually used when 

the mass production for industrial applications is important but very high strength is not required. 

In this method, the metals are formed through straining the workpiece between the two rolls 

rotating in opposite directions. A set of pairs of rolls may be used to obtain a uniform thickness 

and high plastic deformation of metal stock. Fig 1.2 shows schematically the conventional rolling 

method.  

 

 

 

Fig 1.2: Schematic representation of rolling. 
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The rolling process is usually classified into two categories according to the processing 

temperature. If the temperature during rolling is above the recrystallization temperature of the 

rolled metal, the process is referred to as hot rolling. On the contrary, if the temperature is below 

the recrystallization temperature, the process is called as cold rolling. The high processing 

temperature leads to the occurrence of recrystallization during/after the hot rolling process. Such 

recrystallization in metals prevents the work hardening and can decrease the material 

heterogeneities, which is usually important in practical applications. On the other hand, cold 

rolling is more effective in grain refinement and the increase of lattice defect density, resulting in 

hardening of the material. In addition, there is no oxidation during this process, thus a high surface 

finish can be obtained using cold rolling. 

Conventional rolling is generally a continuous process, which used for mass production that 

may be required for many industrial applications. It has recently been shown that a significant 

grain refinement can also be achieved during cold rolling in metallic material such as AZ31 

magnesium alloys where the average grain size was reduced to ~2.8 µm [37]. It is noted that 

considerable decrease in grain size during rolling can be obtained for large thickness reductions. 

During rolling process, the cross-section of the workpiece reduces by plane strain 

deformation, while the sheet length increases. The strain induced during rolling depends on the 

gap between the rotating rolls, t, (which is equal to the final thickness of the workpiece) and the 

initial thickness of the sheet, t0. The imposed strain can be given by the thickness reduction, R. 

The latter quantity in percentage can be determined as: 

 𝑅 =
t−𝑡0

𝑡0
× 100 . (1.4) 

Then, the equivalent strain, ɛeq, achieved during rolling is given [38] as: 
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This relation is in this thesis to compare the equivalent strains caused by rolling and other 

SPD methods [39]. 

 

1.2.1.2 Multi-Directional Forging  

Multi-directional forging (MDF) or Multiple forging (MF) was first considered as an SPD 

technique for grain refinement in 1990 [40, 41]. Samples for MF are usually shaped in circular 

rods or rectangular bars, and the load is applied in multiple steps with changing the loading 

direction between the consecutive passes of MF. Forging process can be carried out at either 

elevated or low temperature. In the hot and cold forging processes, the deformation is carried out 

at temperatures above or below the recrystallization temperature, respectively. Cold forging results 

in a good surface finish and a high strain, therefore it yields a higher grain refinement, however a 

high pressure is required to deform the billet material and fill the corners of the die cavity due to 

the high flow stress of cold materials. The forging process can also be classified according to the 

type of loading: hammer forging applies impact load while press forging uses a gradually 

increasing load. In addition, forging may also be classified into three types based on the die 

geometry as: open-die forging, close-die forging (it is also known as impression-die forging) and 

cyclic close-die forging (CCDF) [15]. In the open-die type, the workpiece is compressed between 

two flat platens, where there is no constraint on the material flow in lateral directions as shown in 

Fig 1.3a.  This kind of forging is normally used for large billets. In the case of impression-die 

forging, the two dies of the forging machine have a cavity with a small gap between these dies 

called flash gutter which partially allows the material flow into the gutter and form a flash as 

illustrated in Fig 1.3b. The third type is the cyclic close-die forging which is also called as flashless 

 𝜀𝑒𝑞 =
2

√3
 ln

100

100−𝑅
 . (1.5) 
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close-die forging where the material cannot flow outward during compression as shown in Fig 

1.3c. The billet material is compressed until filled the whole die cavity. Close-die forging is 

suitable for the production of small workpieces and near net shapes. The operation of MF includes 

the repeat of compression in three perpendicular directions and thus the original shape of the 

sample is restored after one cycle of MF.  

The equivalent strain for MF is estimated by the following equation [15]: 

 𝜀𝑒𝑞 = 𝑁
2

√3
𝑙𝑛 (

𝑎

𝑏
), (1.6) 

where a and b are the sample dimensions as shown in Fig. 1.3 and N is the number of 

processing steps. 

The MF process can be used for large scale material production without requiring any special 

tools. The MF process has been successfully applied to produce UFG microstructures in different 

materials, where the grain size depended on the MF processing temperature, the cumulative strain 

as well as the crystal structure and chemical composition of the processed material [42]. The 

minimum grain size obtained by MF processing has reached to about 40 nm in 316 stainless steel 

deformed at 77 K [43]. 
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Fig 1.3: Schematic illustration for the distinct types of MF (a) Open-die forging, (b) Close-die 

forging and (c) Cyclic close-die forging. The three drawings show the change of the dimensions 

of a rectangular bar during one step of MF processing. 

 

 

1.2.2 High-Pressure Torsion 

 

1.2.2.1 The Historical and Fundamental Principle of HPT  

The basic principles of high-pressure torsion (HPT) technique were first proposed by 

Bridgman in 1930s [18, 20]. This method was further developed in Russia by Valiev in the late of 

1980s [4, 44]. Although the HPT procedure was in use from more than eighty years ago, it received 
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a considerable attention only in the last thirty years. Then, it was recognized that HPT can provide 

a very high strain on the materials leading to a grain refinement, usually to the nanoscale level 

[45]. Nowadays, HPT is considered as one of the most effective SPD techniques in metal 

processing giving a larger possibility for achieving highly strengthened materials through 

producing bulk UFG and/or NC microstructures [22, 45, 46]. Moreover, the high hydrostatic 

pressure imposed during HPT-processing suppresses the cracking initiated in the specimen, which 

provides a unique opportunity for SPD of brittle materials at low temperatures, that may be 

impossible or very difficult by other SPD methods such as ECAP [47-49]. Another advantage of 

HPT is its ability to produce supersaturated solid solutions [45, 50], and consolidation of metallic 

powder with densities close to 100% at room temperature [14, 34]. 

The design of HPT-processing device is depicted schematically in Fig. 1.4. The HPT 

machine consists of two anvils with a coin-shaped cavity for placing the specimen during the 

processing. The high applied pressure is imposed between the lower and upper anvils, while one 

anvil (usually the lower anvil) is simultaneously rotating with respect to the other. Although the 

HPT samples have a disk shape, many earlier investigations have been conducted on others shapes 

of samples such as small cylinders [51], rings [52], hollow cone [53], and U-shaped [54] samples. 

The universal HPT samples are machined as thin disks with a typical radius (r) of ~5 mm and an 

initial thickness (h) of ~0.8 mm [45]. The disk is placed in the coin-shaped cavity between the two 

anvils and is subjected to a compressive pressure of several GPa (typically of 1–10 GPa) with 

simultaneous torsional straining through rotating one anvil. The HPT-processing was traditionally 

proceeded at room temperature, but some of recent studies were performed at different controlled 

temperatures up to 1000 K [45, 48, 49]. 
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Fig. 1.4: Schematic of HPT-processing device and HPT specimen. 

 

HPT-processing can be classified into three distinct categories depending on the precise 

geometry of the HPT anvils [45, 55]. These three HPT facilities are constrained, unconstrained 

and quasi-constrained as illustrated in Fig. 1.5. In constrained HPT processing, at least the lower 

anvil has a cavity and the disk is placed inside it as shown in Fig. 1.5a. In this case, the gap between 

the two anvils is close to zero during HPT-processing, therefore the sample material cannot flow 

outward when very high pressure is applied. The constrained HPT is the most effective method 

since this design can provide high back-pressure to the sample. In practice, it is difficult to operate 

HPT-processing under an idealized constrained condition, but at least there is some limitation to 

the material flow between the two anvils if the disk is machined to fit perfectly inside the anvils 

cavities [45]. Fig. 1.5b shows the unconstrained HPT facility, in which the disk is placed between 

two flat anvils, therefore the sample materials are free to flow outward under the applied load [45]. 

Under the quasi-constrained HPT conditions shown in Fig. 1.5c, the two anvils are designed in a  

specific form, which partially allows the materials outflow through the small slit between them 

during the application of the high pressure [56, 57]. In this case, the sum of the depths of both 
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anvil cavities must be less than the initial thickness of the HPT disk. Although, several past studies 

were carried out under the constrained or unconstrained conditions, now the quasi-constrained 

condition is the most popular one among the three different HPT processes  [56, 57]. 

 

Fig. 1.5: Schematic of the different types of HPT facilities: (a) idealized unconstrained, (b) fully 

constrained and (c) quasi-constrained. 
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1.2.2.2 Strain Imposed by HPT  

During HPT processing, the sample is subjected to a torsional shear strain under a high 

hydrostatic pressure [18, 19, 45]. This imposed shear strain (τ) can be estimated as [44, 47]: 

 𝜏 =
2𝜋𝑟𝑁

ℎ
  , (1.7) 

where r and h are the radius and the thickness of the HPT disk, respectively, and N is the 

number of HPT revolutions. This relationship suggests that the strain is strongly inhomogeneous 

along the radius of the HPT disk. The value of the strain increases linearly from zero at the disk 

center to the maximum at the periphery of the disk.  

 A comparison of the strain introduced by HPT with the strains obtained by other types of 

SPD methods is often required. This comparison can be made on the basis of the equivalent strain 

εeq which can be calculated for HPT processing using the von-Mises relationship [4, 58, 59]: 

 𝜀𝑒𝑞 =
𝜏

√3
=

2𝜋𝑟𝑁

ℎ√3 
  . (1.8) 

Although, this equation is always used to estimate the equivalent strain induced by HPT, 

there is an additional strain introduced in the disk due to the high compressive stress applied during 

HPT processing and this compression strain is not considered in Eq. (1.8). Therefore, an alternative 

equation for the equivalent strain has been developed by Degtyarev et. al. [60, 61] which 

incorporates the contribution of reduction in the disk thickness because of the applied pressure. 

Then, the equivalent strain is given by: 

 
𝜀𝑒𝑞 = 𝑙𝑛 [1 + (

2𝜋𝑟𝑁

ℎ 
)

2

]

1
2

+ ln (
ℎ0

ℎ
), 

(1.9) 

where h0 and h are the initial and final thicknesses of the disk, respectively.  
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1.2.2.3 Factors Influencing the Microstructure Obtained by HPT 

The primary parameters influencing the microstructure of materials processed by HPT are 

the imposed strain, the strain rate, the processing temperature and the chemical composition of the 

material [48, 55, 62-64]. It is well known that the shear strain can be controlled by the number of 

HPT revolutions. Significant grain refinement with a high degree of microstructural homogeneity 

along the disk radius can be achieved by increasing the applied pressure and the number of 

revolutions [62, 64, 65]. For harder materials, an increase in the applied pressure is necessary for 

HPT which can lead to significantly higher strains and therefore a more pronounced grain 

refinement [55]. However, the increase of the applied stress is limited by the fracture strength of 

the anvil material. 

The temperature rise within the disk during HPT processing is one of the principal factors 

affecting the grain refinement and the homogeneity of the microstructure. This increase in 

temperature depends on the type of the processed material, the applied pressure and the rotation 

rate of the anvil [57, 66, 67]. When hard materials were processed at high processing rates, a higher 

rise in the temperature was measured [57, 66]. The increase in temperature detected after 10 turns 

of HPT operated at a pressure of 6 GPa and a rotation rate of 1 rpm for aluminum, copper and 

nickel were  ~7, 20 and 35 K, respectively [67]. Generally, the grain refinement is more significant 

if HPT-processing is performed at low temperatures, however a more homogenous microstructure 

can be obtained at higher processing temperatures [48]. The hard metallic materials are usually 

processed at the elevated temperatures, due to their brittle behavior [48, 49]. 

The evolution of grain size and hardness in UFG metals processed by HPT strongly depends 

on the physical properties of the processed material. Edalati et. al. [46, 68] reported the dependence 

of both the grain size and the hardness on the physical properties of 22 pure metals with different 

crystal structures after they were processed to steady-state levels by HPT. It was observed that the 

saturation of grain size and hardness in pure metals are substantially dependent on the type of 
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atomic bonds (metallic or covalent) and atomic bond energy. Larger reduction in grain size and 

higher hardness was observed for the metals with high atomic bond energy such as in Si and Ge 

where the chemical bonds are covalent. It was also noted that the grain size decreases 

monotonically with increasing melting temperature of the processed metals [46]. The dependence 

of the saturation grain size on the melting temperature for high-purity metals processed by HPT is 

shown in Fig 1.6. This figure reflects a good correlation between the saturation grain size and the 

homologous temperature, and therefore confirms that the higher the melting point, the more 

pronounced the grain refinement during HPT processing.  

 

Fig. 1.6: The dependence of the saturated grain size normalized by the Burgers vector on the 

homologous temperature for HPT-processed pure materials [46]. 
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Other factors influencing the homogeneity of UFG microstructures produced by HPT are the 

shape and dimension of the specimen [52, 54, 55]. Thickness to diameter ratio of the disk should 

not exceed a certain limit, and the smaller ratio results in a better sample homogeneity [55]. The 

ring-shaped sample provides an opportunity to achieve high strain in a single revolution leading 

to a more homogeneous microstructure compared to the disk specimen  [52]. 

 

1.2.2.4 Grain Refinement Through HPT-processing 

In the 1930s, Bridgman published the first work which deals with HPT technique and the 

grain refinement in some metals during HPT-processing was discussed [18, 19]. He recognized 

that the grain refinement can be achieved even if the HPT sample is initially a single crystal. He 

suggested that the high shear strain imposed on the HPT disk yields a fragmentation of grains. 

Although numerous SPD techniques are now available, the most attention has been given to ECAP 

and HPT methods [13, 45]. Among these two procedures, HPT got the major attention, owing to 

its capability to generate much smaller grains compared with those produced by ECAP [17, 23, 

45, 63]. Therefore, the grain size produced by HPT is usually comparable with those generated by 

ECAP method. The minimum grain size observed by the transmission electron microscopy in UFG 

or NC metallic materials processed by HPT or  ECAP is collected from the literature and listed in 

Table 3.1 in Ref  [11] and Tables 1 and 2 in Ref  [69]. These experimental data of the grain sizes 

produced by HPT or ECAP technique at the similar conditions showed that the gain sizes obtained 

by ECAP are more than 1.5 times larger than that produced by HPT. 

The effectiveness of HPT processing in grain refinement was further confirmed by 

comparing the saturated grain sizes obtained by HPT and other SPD techniques for the same 

material processed under similar conditions. It has been reported that the average grain size was 

~90 nm in Al–3% Mg solid solution alloy processed by HPT at room temperature [70], whereas 

the same alloy processed by ECAP produced a grain size of ~270 nm [71]. It was also observed 
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that the grain refinement in high purity Ni reached ~170 nm [65] after HPT and ~350 nm after 

ECAP [72].  Fig. 1.7 shows the steady-state grain size in commercially pure aluminum obtained 

after various SPD methods [73]. Obviously, HPT is more capable of refining grain size compared 

to other equal channel angular pressing (ECAP), accumulative roll bonding (ARB), asymmetric 

rolling (AR) and twist extrusion (TE). Furthermore, SPD-processed samples were additionally 

deformed by HPT. It was demonstrated that HPT deformation yielded an additional reduction in 

the grain size from ~300 to ~200 nm in pure Ti processed by ECAP [36]. It was also reported that 

the average grain sizes in Ni samples was ∼350 nm after ECAP, ∼170 nm after HPT and ∼140 

nm after ECAP + HPT [17]. 

 

Fig. 1.7: The minimum achievable grain size in commercially pure aluminum after processing by 

various SPD techniques such as equal channel angular pressing (ECAP), high pressure torsion 

(HPT), asymmetric rolling (AR), accumulative roll bonding (ARB) and twist extrusion (TE) [73].  
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Although many studies were performed to reduce the grain size using HPT, only few 

investigations have attempted to understand the mechanisms of grain refinement. The classical 

theory is based on the idea that a heavy strain induced by HPT yields a high dislocation density in 

the material and later these dislocations rearrange themselves into grain boundaries in the UFG 

microstructures. The second mechanism of grain refinement in materials processed by HPT is the 

formation of stacking and/or twin faults which divide the grains into finer lamellae [74, 75]. A 

former work of Liu et al. revealed that micro-twins formed during HPT can further promote the 

fragmentation of the coarse grains into subgrains [75]. This mechanism for grain refinement is 

predominant in materials having very low stacking fault energy  (SFE) [74]. It was found that the 

low SFE contributed to the finer grain size and therefore higher strength. In addition, the 

combination of both twins and dislocations during tensile testing of UFG metals having low SFE 

plays a significant role in improving their ductility [76]. However, other experiments documented 

that alloying is more important for the saturation of grain size than SFE [77]. The other mechanism 

of grain refinement during HPT deformation can be induced by phase transformation. For instance, 

the formation of ɛ-martensitic platelets in the grains of γ-phase for Co–Cr–Mo alloy after being 

processed by HPT results in a grain refinement [35]. 

It is generally accepted that dynamic recrystallization during SPD may also yield a grain 

refinement in metallic materials processed at high homologous temperatures [75, 78]. For instance, 

the occurrence of recrystallization at RT during HPT deformation has been reported for high-purity 

aluminum and three binary Al–Mg alloys [75, 79]. Recrystallization in severely deformed 

materials usually yields equiaxed submicron sized or nanosized grains [78, 79]. During HPT-

processing, dynamic recrystallization may occur due to the rise of temperature or the effect of high 

lattice defect density in the as-processed materials [80]. However, it was reported that the 

temperature rise during HPT-processing has only a minor contribution to the initiation of 

recrystallization [80]. Simultaneously, many experimental studies provide clear evidence for the 
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occurrence of dynamic recrystallization during SPD at room temperature which is attributed to the 

high density of lattice defects [78, 80]. It is well known that recrystallization removes dislocations 

from the microstructure and therefore it may enhance the ductility as well as the toughness of 

materials [78]. 

As discussed in section 1.2.2.2, there is a strain gradient induced by the HPT process. 

Therefore, it is logical to expect a gradient in the microstructure along the radius of the disk after 

processing by HPT, especially for low numbers of HPT turns. The microstructures produced by 

HPT usually contain higher fractions of high-angle grain boundaries (HAGBs), compared to the 

same materials processed by other SPD methods [17, 64, 81].  For instance, it was found that the 

fraction of HAGBs present in high purity Ni after HPT processing was larger than that in the same 

material processed by ECAP [17, 81]. 

 

1.2.2.5 Dislocations in HPT Processed Materials  

Dislocations play a significant role in determining the mechanical properties of metals. It is 

well known that the dislocation density increases with deformation, resulting in strengthening of 

the materials. On the contrary, annealing reduces the dislocation density and causes a softening 

effect. Many experimental investigations showed that the dislocation density in metals and alloys 

is significantly increased through HPT-processing reaching to the values of 1016 m−2 [11, 35, 82]. 

The high pressure applied during HPT inhibits the recovery of dislocations, resulting in extremely 

high dislocation density in the as-processed materials [11]. It was found that the dislocation density 

increased with the equivalent strain until it reached the maximum value at about εeq= 9 for Co–Cr–

Mo alloy, which indicated the occurrence of a steady state (dynamic equilibrium between 

multiplication and annihilation of dislocations) [35]. After HPT-processing to ɛeq=9, the maximum 

values of the dislocation density in γ and ε phases were 2.8 × 1016 and 3.8 × 1016 m−2, respectively. 

This suggests that the dislocation density depends not only on the imposed strain but also on the 
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phase composition of the sample. The maximum dislocation density determined by X-ray line 

profile analysis in different metallic materials processed by HPT is presented in Table 3.1 in Ref  

[11]. It is worthwhile to mention that the maximum dislocation density achieved by HPT strongly 

depends on the SFE and the melting temperature of the processed material. For instance, Fig. 1.8 

illustrates that the lower the SFE in pure fcc metals, the higher the maximum dislocation density 

achievable by HPT at RT. The very high value of dislocation density in Ag can be then attributed 

to its extremely low SFE (16 mJ/m2 [46]) that hinders both cross-slip and climb during deformation 

thereby minimizing dislocation annihilation [11]. 

 

Fig 1.8: The saturation dislocation density achieved in different pure fcc metals processed by HPT 

at RT as a function of SFE. The values of the dislocation density were taken from Refs [83-85], 

while the values of  SFE were taken from Ref. [46]. 
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1.2.2.6 Evolution of the Mechanical Properties During HPT-processing  

It is well known that the grain size is a key factor in strengthening of metals as discussed in 

previous sections. A significant grain refinement can be achieved in the materials processed by 

HPT, reaching to nanometer level, and accordingly, a high hardness of these materials can be  

expected [4, 45, 46, 62, 64, 69]. This has been confirmed recently through the relationship found 

between the saturation hardness normalized by the shear modulus and the saturation grain size 

normalized by the Burgers vector for HPT-processed pure metals as shown in Fig 1.9 [46]. Clearly, 

the hardness of HPT-processed metals is more sensitive to the grain size than the phase 

composition or even the physical properties of the pure material such as the SFE or the melting 

point. 

 

 

Fig. 1.9: The dependence of the saturated hardness normalized by shear modulus on the saturated 

grain size normalized by the Burgers vector for HPT-processed pure materials [46]. 
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As explained previously in Eq. (1.7), there is a strain gradient imposed by HPT processing, 

where the stain value increases on moving outward from the disk center and reaches its maximum 

at the periphery. Therefore, the inhomogeneity of hardness across the radius of the HPT-processed 

disk is expected, where the hardness increases from the center to the periphery [45, 86, 87]. 

However, other studies have confirmed the possibility of achieving homogeneous microstructure 

and hardness in the HPT disks [17, 48, 55, 62]. The production of a pronounced homogeneous 

specimen is a very important issue from the point of view of industrial applications of the materials. 

It was reported that an excellent homogeneous UFG structure in Armco iron samples can be 

produced through HPT-processing if the saturation strain of this material is reached and the 

optimal geometrical ratios of the sample dimensions are used [55].   

In metal with medium SFE such as high-purity copper, the microhardness measurements 

demonstrated an inhomogeneous hardness at an early stage of deformation, where the lower values 

of hardness were observed at central of the disk compared to that measured on the peripheral 

regions. By continuing the HPT-processing to a higher number of revolutions under high applied 

pressure, almost homogeneous hardness could be achieved across the whole disk [62, 64, 88]. In 

contrast, for the high SFE metals such as high-purity aluminum, the results of the experiments 

showed a higher hardness at the center of HPT disk for a lower number of revolutions in 

comparison with that measured at the peripheral areas [89]. However. with increasing the number 

of turns, the hardness at the periphery still remain unchanged while the hardness in the central 

region decreased, and after a defined number of rotations, the hardness became more homogeneous 

over the whole disk [89]. This is may be due to the dynamic recovery/recrystallization at the 

periphery regions. In such materials, the optimal homogeneity is usually achieved by using a lower 

pressure. Generally, the saturation in hardness is attributed to the homogeneity of microstructure 

achieved along the radial direction of the specimen. The ability to achieve homogeneous 

microstructure and therefore homogeneous hardness along the radius of the HPT disk, despite the 
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strong strain gradient, is most probably due to the spread of plastic deformation into the center 

from the neighboring regions caused by the stress field of dislocations developed out of the disk 

center. This induced plasticity causes grain refinement even in the disk center. Moreover, a recent 

modeling and simulation work [90] showed that the deformation remains localized for the 

materials not displaying strain hardening with increasing the number of HPT revolutions. In 

contrast, if the material exhibits strain hardening, the plastic deformation distributes into the 

sample gradually with increasing the number of turns. 

The variation of hardness with the equivalent strain can be classified into three categories, 

depending upon the nature and rate of recovery in the material [91-93]. The first category 

corresponds to most of metals which exhibit strain hardening in the initial stage of HPT processing. 

For this category, the hardness increases with the equivalent strain, reaching a saturation as shown 

in Fig 1.10a. Usually, recovery does not occur in these materials during HPT which can be 

explained by their not very high SFE as for high-purity copper [88, 93]. For the second category, 

the hardness versus equivalent strain function follows a bell-shaped curve as illustrated in Fig 

1.10b. First, the hardness increases, then slightly decreases and finally reaches a stabilized value. 

This behavior of hardness is usually observed for high SFE materials such as high-purity aluminum 

[89] and zinc [93] where recovery and/or recrystallization may occur above a critical strain. The 

third category rarely occurs, where the hardness decreases with increasing the equivalent strain 

imposed by HPT until it reaches a steady state as shown in Fig 1.10c (called as strain softening). 

Therefore, the hardness values of HPT-processed samples are always lower than the hardness 

measured in the annealed material before HPT, as observed in pure indium and tin [93]. This 

hardness reduction is in accordance with the grain refinement as for pure metals with low melting 

points (e.g., Pb, Sn or In), grain boundary sliding may yield softening at room temperature even if 

the grain size is refined only into the UFG regime. In these materials, grain sizes of several 
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hundreds of nanometers are enough for the dominance of grain boundary sliding at low strain rate 

deformation after HPT. 

 

Fig. 1.10: Schematic representation of the three types of hardness change with equivalent strain 

for HPT-processed metals (a) strain hardening without recovery as in most metallic materials 

such as high-purity copper [93], (b) strain hardening with subsequent recovery as in high-purity 

aluminum [89] and (c) strain softening as in pure indium, lead and tin [93]. 

 

The previous sections underline the ability of HPT technique to achieve exceptional grain 

refinement and high dislocation density in bulk metallic materials. According to that and in 

consequence of the Hall–Petch and Taylor relationships in Eq. (1.1) and (1.3), respectively, the 

HPT processed materials are anticipated to exhibit very high strength. There are many studies in 

the literature documenting the high strengths of the UFG metals processed by HPT at room 

temperature, but these materials may be suffering from low ductility [69, 76, 94, 95]. Fig. 1.11 
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shows schematically the general behavior of strength and ductility of metallic materials during 

HPT. As the applied strain increases, the strength of the material continuously increases until a 

saturation is achieved. On the contrary, the ductility decreases rapidly with increasing strain until 

it reaches a minimum value and then keeps a nearly constant value as the strain increases. 

 

Fig. 1.11: A schematic showing the general trends in strength and ductility with the increasing the 

strain during HPT. 

 

The grain refinement and the high dislocation density evolved during HPT-processing yield 

a significant increment in the mechanical strength [35]. At the same time, the poor ductility of 

UFG materials is attributed to the lack of strain hardening caused by their small grain sizes and 

the saturation of the dislocation density [96]. It was reported that the ductility and the strength of 

UFG materials depend on SFE, and a much higher strength and ductility were measured for low 

SFE metals compared with that found for materials with high SFE [76]. 

It is noted that only limited information is available in the literature for the tensile 

performance of HPT-processed UFG materials since the fabrication of tensile specimens is very 
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difficult due to the small size of the HPT disk. Only miniature tensile specimens can be cut from 

the disks using complicated and expensive processes, such as electric discharge machining. In 

addition, the inhomogeneity of the microstructure along the disk radius may make the 

interpretation of the tensile test results difficult. An early investigation described the nature of the 

stress-strain curves for Fe–Ni–Al–C specimens processed by HPT for different numbers of turns. 

It was reported that the coarse-grained alloy exhibits a tensile strength of ~800 MPa and a ductility 

of ~40% [94]. During the tensile test the samples processed for 50 turns failed in the elastic region, 

therefore the strength of ~2386 MPa was estimated as one-third of the hardness. However, the 

tensile strength increases and the ductility decreases with increasing the strain during HPT. The 

specimens processed for 0.5 to 10 turns exhibit good combination of ultrahigh-strength of 1900–

2200 MPa and reasonable uniform ductility of 16–19%. Both high strength and good ductility in 

metallic materials can be obtained by processing materials by HPT and then annealing for a short 

time [95]. This suggested that the low-temperature annealing is usually beneficial in NC metals 

produced by HPT technique because it can significantly enhance ductility without a notable 

reduction in strength. Such processes can provide an opportunity to make stable and strong metals 

and alloys. 

It is noted that the reduction of grain size is not beneficial for the strengthening materials, if 

the grain size falls into the regime of the inverse Hall–Petch relationship [10, 97]. It was reported 

that some nanostructured metals and alloys with the grain sizes less than 20 nm may exhibit both 

lower strength and ductility compared to materials with larger grain sizes [5]. This observation 

suggests that there is an optimum value of grain size for which NC materials have both high 

strength and good ductility. 
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1.2.2.7 Thermal Stability of HPT-processed Materials  

  Generally, NC metals and alloys produced by HPT are expected to have low thermal 

stability due to their high densities of lattice defects such as dislocations and grain boundaries [11, 

98]. However, many studies observed a relatively good thermal stability of NC alloys processed 

by HPT. For example, austenitic stainless steel samples processed by HPT at room temperature 

and 673 K have the grain sizes of 55 and 90 nm, respectively. The hardness of this steel in both 

cases remained unchanged during annealing up to 923 K [99]. 

During heat treatment of NC materials, there are many processes which may occur, such as 

recovery of lattice defects (vacancies, dislocations, grain boundaries), recrystallization, phase 

transformation and grain growth [11]. The temperature range for the occurrence of any of these 

processes depends on the type of material, the HPT processing temperature, the imposed strain, 

and the heating rate applied during annealing [11]. It was revealed that the higher the dislocation 

density and the smaller the grain size, the lower the onset temperature of recovery and/or 

recrystallization, i.e., the material exhibits poor thermal stability [11, 98]. It was reported that a 

HPT-processed Cu sample has lower stability than for Cu materials processed by other SPD 

techniques [98]. This is due to the extremely high dislocation density and small grain size caused 

by HPT. Another investigation carried out on an Al-3% Mg-0.2% Sc alloy processed by 10 turns 

of HPT at RT and 450 K  revealed no considerable change in the microstructure during annealing 

at 423 K for 1 h for both samples [100, 101]. Above the annealing temperature of 473 K, the 

hardness of the samples processed at RT abruptly decreased concomitantly with a substantial 

increase in the grain size, as shown Fig 1.12. At the same time, the sample processed by HPT at 

450 K showed only a slight decrease in hardness due to a lower increase in the grain size even 

after annealing to a higher temperature of 523 K. Furthermore, after annealing to 773 K the grain 

size increased to ~6.2 μm and ~1.8 μm for the samples HPT-processed at RT and 450 K, 

respectively. It was revealed that the UFG Al–Mg–Sc alloy processed by HPT at 450 K exhibited 
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a better thermal stability in comparison with the same material processed by HPT at  RT [101]. 

This suggests that the processing temperature has a significant influence on the thermal stability 

of the microstructure in UFG materials processed by HPT.  

 

Fig. 1.12: Grain size versus annealing temperature for Al–3Mg–0.2Sc alloy processed by HPT for 

10 turns at RT (300 K) and 450 K [101]. 

 

Some UFG and NC materials with low SFE and/or low melting point usually have low 

stability where the recovery/recrystallization can occur even during storage at the room 

temperature [11, 102]. This phenomenon is called as self-annealing. The effect of SFE on the 

stability of UFG metals processed by HPT has been demonstrated in a recent work on Au, Ag and 

Cu [102]. All these three metals have FCC structure and comparable melting points of 1235, 1337, 

and 1356 K for Ag, Au and Cu, respectively [46]. However, they differ in SFE with the values of 

16, 32 and 45 mJ/m2 for Ag, Au, and Cu, respectively [46]. The softening and the microstructural 

coarsening occur during storage at room temperature for HPT processed Ag and Au, However, the 

Cu microstructure remains unchanged even after storage for a longer time. It was recognized that 

during HPT processing of low SFE metals more dislocations are formed due to the lower rates of 
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dislocation annihilation [103]. Therefore, the largest density of lattice defects (dislocations, 

stacking faults, grain boundaries) was expected in Ag processed by HPT which then promotes the 

grain growth not only through increasing the driving force but also through enhanced atomic 

diffusion through these lattice defects. Therefore, it was suggested that the low SFE usually 

facilitates self-annealing in HPT processed metallic materials. 

 

1.3 Aims and Motivations 

Porosity- and contamination-free bulk UFG and NC materials for different practical 

applications can be produced by SPD techniques. HPT is an attractive SPD method in the 

fabrication of high strength parts or components with small sizes such as medical tools, mini-

screws, staples, teeth, medical implants as well as micro-components used in micro-electro-

mechanical systems. Moreover, HPT is an ideal method for consolidating a broad range of metallic 

powders and converting them into bulk samples with high densities close to 100%. Accordingly, 

this technique can be used to develop materials suitable for specific purposes such as hydrogen 

storage. 

A combination of two material processing techniques such as MF and rolling is beneficial 

to increase the grain refinement in UFG materials. As both processing steps can be easily scaled 

up for industrial applications, this material processing route is usually used for mass production of 

metallic materials with superior mechanical properties. 

Since titanium and 316L stainless steel do not contain harmful elements, they exhibit 

biocompatibility with the human body (non-toxic and not rejected by the body). Therefore, they 

are widely used as a fundamental material in medical applications such as orthopedic implants 

[104-106]. Additionally, 316L stainless steel is also commonly used as a standard structural 

material in industrial and engineering applications as well as in nuclear power facilities owing to 

its superior mechanical properties such as high strength, good ductility, high fracture toughness, 
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excellent corrosion resistance and a low rate of absorption for neutron radiation [107-109]. The 

titanium is extensively used as a lightweight, extremely strong, high-temperature creep resistance 

and high corrosion resistant material in aircraft, missiles, seawater desalination plants and heat 

exchangers [110, 111]. Accordingly, 316L stainless steel and titanium are key materials in the 

modern industry. However, SPD processing of these materials may result in further improvements 

in the mechanical properties, thereby broadening the palette of the possible applications of 316L 

stainless steel and titanium. Therefore, in my PhD work the following topics were covered: 

1. Studying the microstructure and the mechanical performance of UFG Grade 2 titanium 

processed by a combination of multiple forging and subsequent plane rolling.  

2. Examining and understand the factors affecting the evolution of the grain refinement, the 

phase transformation, and the microstructure during HPT processing of 316L stainless 

steel. In addition, the dislocation densities at the peripheries of the disks were determined 

by X-ray line profile analysis to provide the first evaluation of dislocation densities in 

316L stainless steel processed by HPT. The evolution of hardness during HPT and its 

relation to the grain size was also investigated. 

3. Investigating the thermal stability of the microstructure and the phase composition in 

nanocrystalline 316L stainless steel processed by HPT. The temperature ranges and the 

activation energies of the processes occurring during annealing were determined by DSC. 

Moreover, the energies stored in dislocations, vacancies and grain boundaries were 

determined. The dislocation density and the grain size were determined as a function of 

annealing temperature by XLPA and electron microscopy, respectively. 

4. The effect of annealing at different temperatures on the tensile properties of HPT-

processed NC 316L stainless steel is determined and compared with the available data in 

the literature. 

In my PhD research work, I carried out the XRD experiments including the sample surface 

preparation, determined the phase composition and the microstructural parameters from the XRD 

patterns using the XLPA methods, evaluated the TEM images, the EBSD images and the DSC 

thermograms, calculated the energy stored in the SPD-processed samples, measured the hardness 

and correlated the mechanical properties to the microstructure. 
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 Chapter 2 

 

Materials and Experimental Methods 

In this chapter the materials processing and the experimental techniques used in this 

dissertation will be discussed. X-ray line profile analysis (XLPA) is considered as the main 

examination method in these studies; therefore, XLPA will be discussed in details. In addition, 

the other complementary investigation techniques used for the examination of the microstructure 

such as SEM and TEM are also described. The mechanical properties of the samples were 

characterized by microhardness, nanohardness and uniaxial tensile tests. Differential scanning 

calorimetry (DSC) was used to study the thermal stability of the microstructure and the phase 

composition in nanocrystalline 316L stainless steel processed by HPT.  

 

2.1 Studied Materials and Their SPD-Processing Techniques 

Grade 2 titanium and austenitic 316L stainless steel were used in these investigations. It is 

well known that commercially pure titanium is available with four different impurity contents, 

designated as Grade 1, 2, 3 or 4. Table 2.1 shows the chemical composition and the mechanical 

properties of the four grades of titanium. Titanium samples with different Grade numbers exhibit 

different properties. For instance, Grade 1 has the highest formability, while Grade 4 has the 

highest strength and a moderate formability. Grade 2 titanium are used in most applications 

where both formability and strength are important. 
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Table 2.1: The impurity content and the mechanical properties of Grade 1, 2, 3 and 4 titanium. 

It is noted that the mechanical characteristics in the table represent the minimum requirements 

according to ASTM F67 standard  [112, 113]. 

Grade 

Maximum impurity (wt. %)  Mechanical properties at RT 

N C H Fe O  

Yield 

strength 

(MPa) 

Ultimate 

tensile 

strength 

(MPa) 

Hardness 

(MPa) 

Elongation 

to failure 

(%) 

1 0.03 0.08 0.015 0.20 0.18  170 240 1130 24 

2 0.03 0.08 0.015 0.30 0.25  280 340 1570 20 

3 0.05 0.08 0.015 0.30 0.35  380 450 1765 18 

4 0.05 0.08 0.015 0.50 0.4  
480 

 
550 2452 15 

 

316L stainless steel falls within the low carbon steel category, which contains ultra-low 

carbon content with a maximum of 0.03 wt.% that indicated by letter L in its designation. In 

316L steel, the main alloying elements are chromium, nickel and molybdenum, where chromium 

is added to suppress atmospheric corrosion (i.e., rusting) and Ni and Mo increase the corrosion 

resistance of the alloy against chloride-containing human body fluids. The latter property is 

important because similar to titanium this alloy is also used in surgery applications. The chemical 

composition of the 316L stainless steel used in this investigation was determined by energy-

dispersion X-ray spectroscopy (EDS) and listed in Table 2.2. 

 

Table 2.2: The concentrations of the main alloying elements for 316L stainless steel used in this 

study as determined by EDS. 

Element Fe Cr Ni Mo Mn Si Cu Co 

wt.% Bal. 17.20 8.97 2.13 1.03 0.77 0.48 ≤ 0.35 

 

 

The face-centred cubic (fcc) structure of 316L stainless-steel is generally stable at room 

temperature and this phase is designated as γ-austenite. However, a martensite phase may form 
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during cooling to a very low temperature. According to the principle developed by Eichelman 

and Hull [114-116], the temperature of martensite phase formation in 316L steel falls in the range 

of cryogenic temperatures (below 87 K [116, 117]). At the same time, plastic deformation can 

induce martensitic phase transformation at room temperature or even higher temperatures [118]. 

It was reported that plastic straining of 316L stainless steels can result in a phase transformation 

form γ-austenite to body-centred cubic (bcc) α’-martensite structure [118, 119]. However, 

hexagonal close-packed (hcp) ɛ-martensite can also be observed as an intermediate structure 

during the nucleation of α’-martensite phase [120]. Therefore, the martensitic phase 

transformation sequence in 316L steel may be γ-austenite → ɛ-martensite → α’-martensite or γ-

austenite → α’-martensite [116, 118, 120].  

In stainless steels, the martensitic phase transformation caused by plastic deformation 

strongly depends on the temperature, the type and degree of deformation and the SFE of steel 

[116, 118, 121]. 316L stainless steel possesses a low SFE with the value of about 20 mJ/m2 [122]. 

The concentrations of alloying elements (e.g., Cr, Ni, Mn, Mo and Al) have a strong influence 

on the value of SFE of steels [122-124]. For instance, the addition of Al considerably increases 

SFE of 316L steel which stabilizes γ-austenite during SPD and facilitates the reverse martensitic 

transformation during annealing [124]. The deformation temperature is another important factor 

that influences the formation of martensite structure. It was recently reported that the processing 

of 316L steel by HPT at very low temperatures between 77 and 290 K resulted in transformation 

of γ-austenite into ɛ-martensite [118]. At high HPT temperatures (> 720 K), dislocation glide is 

the dominant deformation mechanism in γ-austenite. At medium deformation temperatures, 

between 290 and 720 K, twinning was also observed. Both twinning and the development of ɛ-

martensite is attributed to the low SFE of 316L steel. At HPT-processing temperatures between 

77 and 990 K, α-martensite was not observed [118]. Although the α’-martensite structure is 

harder than γ-austenite, the high fraction of α’-martensite phase in steels may yield an easier 
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corrosion and intergranular embrittlement [116, 125]. Therefore, there is a demand to obtain 

UFG microstructure in 316L steel while maintaining the fcc austenitic structure which is a one 

goal of the present thesis. 

Grade 2 titanium specimens with a length of l0=100 mm and a square shaped cross section 

of a0×b0=26.5×26.5 mm2 were used for SPD-processing. First, the samples were annealed at 920 

K for 2 h, then they were cooled to room temperature in air. The annealed specimens represent 

the initial state. The deformation process of titanium was performed by a combination of multiple 

forging (MF) and plane rolling. The first stage of the combined process was performed by MF 

under plane strain conditions using a Vacari PV270 friction screw press. The schematic of 

multiple forging is shown in Fig. 2.1. Before MF processing, the workpiece was heated up to the 

temperature of 620 K. Then, the sample was forged in the direction parallel to edge a0 (see Fig. 

2.1a). During this step the dimension a0=26.5 mm was reduced to a=20 mm while b0=26.5 mm 

was increased to b=35 mm, as shown in Fig. 2.1b. The length l0=100 mm did not change. This 

dimension of the sample was measured along axis X1 which is perpendicular to the plane of Fig. 

2.1. In the next step (see Fig. 2.1c), the workpiece was rotated by an angle of 90° about the axis 

parallel to l0 and then forged in the direction parallel to edge b. In this step, the prism shape of 

the specimen with the dimensions of 20×35×100 mm3 was practically unchanged, as shown in 

Fig. 2.1d. This sample was considered as the material processed by one pass of MF. The number 

of MF passes was increased by repeating the last step of the processing. The first forging step 

during the first pass of MF is used only for forming the initial square shaped cross section to a 

rectangular one. After this first step, each MF pass comprises one plane strain deformation step. 

In this study, the workpieces deformed by 1, 3 and 4 passes were investigated. It should be noted 

that the temperature of the workpiece decreased from ~620 to ~520 K by the end of the fourth 

pass of MF, as measured by a probe thermometer. 
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 Fig. 2.1: The sketch of multiple forging. The axes of the coordinate system attached to the 

sample are denoted as X1, X2 and X3 where axis X1 is perpendicular to the plane of the figure. 

 

The samples multiple forged for 4 passes were further deformed by plane rolling. A twin 

motor rolling mill with the power of 2×7.5 kW was used in this experiment. The diameters and 

the speed of the rolls were 180 mm and 8 rpm, respectively. The rolling direction was parallel to 

the specimen edge which has the dimension of 35 mm after forging for 4 passes (direction X3 in 

Fig. 2.1). The rolling was performed under three different conditions: (i) the sample was rolled 

at 290 K and the thickness was reduced from 20 to 10 mm, (ii) the rolling temperature was 470 

K and the thickness decreased from 20 to 10 mm and (iii) the rolling temperature was 470 K and 

the thickness was reduced from 20 to 5 mm. In the cases of (i) and (ii), the dimension of the final 

product was 10×38×160 mm3 while for (iii) the sample size was 5×44×270 mm3. In all cases, 

the rolling was performed in multiple steps. Above and below the workpiece thickness of 14 

mm, the thickness reductions in each rolling step were 2 and 1 mm, respectively. 

The initial 316L stainless steel material was heat treated at 1373 K for 1 h and then 

quenched to room temperature in water to form a homogeneous coarse-grained single phase γ-

austenite. As it was mentioned in the previous chapter, the HPT process is one of the most 

powerful techniques to produce bulk UFG and NC materials where the samples are subjected to 

torsional strain under high hydrostatic pressure. Therefore, this method was selected to obtain a 
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NC microstructure in 316L stainless steel. First, 316L disks were prepared from the initial 

annealed material with diameters of 9.85 mm and thicknesses of ∼0.85 mm. All disks were 

processed by HPT operating under quasi-constrained conditions [56, 57] with an applied pressure 

of 6.0 GPa at room temperature (RT). The HPT deformation was carried out for N = ¼, ½, 1, 3, 

5, 10 and 20 turns. 

 

2.2 Experimental Methods 

 

2.2.1 Fundamentals of X-ray Line Profile Analysis 

X-ray diffraction (XRD) is a powerful and non-destructive technique for the determination 

of the atomic structure of crystals. The incident X-ray beam is diffracted by atoms in accordance 

with the Bragg’s law: 

 2𝑑ℎ𝑘𝑙𝑠𝑖𝑛𝜃 = 𝑛𝜆  , (2.10) 

where λ is the X-ray radiation wavelength, dhkl is the spacing between planes hkl and 𝜃 is 

the Bragg (or diffraction) angle. The interplanar spacing dhkl can be related to the hkl Miller-

indices and the lattice parameter(s). For instance, in the case of a cubic structure the following 

equation is valid: 

                             dℎ𝑘𝑙 =  
𝑎

√ℎ2 + 𝑘2 + 𝑙2
  , (2.11) 

where a is the lattice constant. For hexagonal structures, the interplanar spacing for indices 

hkl is expressed with the two lattice parameters (a and c) as: 

 
dℎ𝑘𝑙 =

1

√
4
3 [

ℎ2 + hk + 𝑘2

𝑎2 ] +
𝑙2

𝑐2

  . 
(2.12) 
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In practice, the lattice spacing values for the different indices are determined from the 

Bragg’s law and then the lattice parameter(s) are calculated from dhkl and hkl values using eqs. 

(2.2) or (2.3), for cubic and hexagonal crystals, respectively. 

In addition to the conventional applications of X-ray diffraction, such as phase analysis 

and determination of lattice parameters, it is also capable for the investigation of the defect 

structure in materials. This method is referred to as X-ray line profile analysis (XLPA). XLPA 

examines 103-105 times larger volume than that studied in TEM [126], thereby yielding a better 

statistics of the microstructural parameters determined by this method. Additional advantages of 

XLPA are non-destructivity and the easily sample preparation. 

There are two well-known theories of XRD, the kinematical and the dynamical theories 

[127]. In the former approach, the description of diffraction is based on three assumptions. The 

first one is that the multiple scattering is negligible, i. e., each X-ray photon is scattered only 

once inside the crystal. The second assumption is that the X-ray photons are scattered elastically 

which means that the wavelength of photons does not change during the scattering event. The 

third condition is that the diffraction is coherent, i.e., the phase change of the X-ray wave during 

scattering is the same for all scattering events. 

According to the kinematical scattering theory, for a large single crystal without any lattice 

defect the diffraction peaks would have Dirac-delta shape with infinitesimal breadth. On the 

other hand, if the crystal lattice is distorted and/or the sample consists of relatively small coherent 

scattering domains (crystallites) with the size less than 1 µm, the diffraction peaks are broadened. 

Therefore, the evaluation of the peak profiles gives an opportunity to characterize the 

microstructure parameters such as the type and density of lattice defects (dislocations and 

stacking faults) and the crystallite size distribution. In practice, there are numerous effects 

causing peak broadening, such as small crystallite size, lattice distortions (e.g., dislocations and 

particle surface relaxation), planar faults, solid solution concentration heterogeneities as well as 
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instrumental effect [128, 129]. However, the contributions of chemical heterogeneities and 

surface relaxation on line broadening of NC materials produced by SPD are usually very small 

and can be neglected compared with other broadening effects.  

In UFG and NC materials, the measured X-ray diffraction profile broadening is mainly 

attributed to the small crystallite size, the line and planar defects. These three effects result in 

distinctively different X-ray line broadening with strong hkl dependence which gives a basis to 

separate these effects from each other during the evaluation procedures. The Fourier-transform 

of the measured intensity profile AM (L) is the product of the Fourier-transform of the size AS (L), 

distortion AD (L) planar fault AF (L) and instrumental AI (L) Fourier-transforms: 

 𝐴𝑀(𝐿) = 𝐴𝑆(𝐿) ⨁ 𝐴𝐷(𝐿) ⨁ 𝐴𝐹(𝐿) ⨁ 𝐴𝐼(𝐿)  , (2.13) 

where L is the Fourier variable with length dimension, given by: 

 𝐿 =
𝑛𝜆

2(sin 𝜃2 − sin 𝜃1)
   , (2.14) 

where n is an integer, λ is the wavelength of X-rays while 𝜃1 and 𝜃2 are the start and the 

end of the angular range of the measured direction profile, respectively. 

 

2.2.1.1 Size Broadening 

Line broadening due to coherent domain (or crystallite) size was the first microstructural 

effect studied by XLPA through the Scherrer formula in 1918 [130]. Later, Bertaut realized that 

the size broadening can be considered as a result of incoherent scattering of columns building up 

the crystallites perpendicular to the reflecting planes [131, 132]. Therefore, the line broadening 

caused by the size effect can be calculated from the column length distribution and vice versa 

the latter distribution can be determined from the shape of the line profile. Then, the crystallite 
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size distribution can be obtained from the column length distribution using a model of the shape 

and size distribution of crystallites. 

In the simpliest case, the crystalline domains are assumed to be spherical, therefore the 

size broadening effect is isotropic, i.e., independent of the diffraction order (i.e., of the indices 

hkl). In addition, the size distribution is described with a lognormal function which is 

characterized by two parameters, m and σ denoting the median and the square-root of the log-

normal variance of the distribution, respectively. The crystallite size distribution density 

function, f(x), is given as [133]: 

 𝑓(𝑥) =
1

√2𝜋𝜎

1

𝑥
 𝑒𝑥𝑝 [−

(ln (
𝑥
𝑚))

2

2𝜎2
]  , (2.15) 

Then, the Fourier transform, AS (L) of the line profile caused by the crystallite size can be 

written as [134, 135] 

 

𝐴𝑠(𝐿) =
1

2
𝑒𝑟𝑓𝑐 [

ln (
|𝐿|
𝑚 )

√2𝜎
−

3√2𝜎

2
] 

−  
3|𝐿|

4𝑚 𝑒𝑥𝑝(8.125 𝜎2)
𝑒𝑟𝑓𝑐 [

ln (
|𝐿|
𝑚 )

√2𝜎
− √2𝜎] 

+   
3|𝐿|3

4𝑚3 𝑒𝑥𝑝(10.125 𝜎2)
𝑒𝑟𝑓𝑐 [

ln (
|𝐿|
𝑚 )

√2𝜎
] , 

(2.16) 

where erfc is the complementary error function define as: 
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 𝑒𝑟𝑓𝑐(𝑦) =
2

√𝜋
∫ exp(−𝑦2) 𝑑𝑦

∞

𝑦

 . (2.17) 

There are three different mean crystallite sizes which can be determined from the two 

parameters, m and σ of the log-normal size distribution. The arithmetic average of the crystallite 

sizes, <x>arit, is given as: 

 < 𝑥 >𝑎𝑟𝑖𝑡= ∫ 𝑥. 𝑓(𝑥)𝑑𝑥 = 𝑚.

∞

0

exp (
𝜎2

2
)  , (2.18) 

where x denotes the diameter of crystallites. The area-weighted mean crystallite size, <x> 

area, is defined as the mean size of crystallites weighted by their surface area which can be 

obtained from the following equation: 

 < 𝑥 >𝑎𝑟𝑒𝑎=
∫ 𝑥. 𝜋𝑥2. 𝑓(𝑥)𝑑𝑥

∞

0

∫ 𝜋𝑥2∞

0
. 𝑓(𝑥)𝑑𝑥

= 𝑚. exp (
5𝜎2

2
) . (2.19) 

The third average domain size is the volume-weighted mean crystallite size, <x> vol, 

defined as the mean size of crystallites weighted by their volumes which can be obtained as: 

 < 𝑥 >𝑣𝑜𝑙=
∫ 𝑥.

𝜋𝑥3

6 . 𝑓(𝑥)𝑑𝑥
∞

0

∫
𝜋𝑥3

6
∞

0
. 𝑓(𝑥)𝑑𝑥

= 𝑚. exp (
7𝜎2

2
)  . (2.20) 

It is worth to note that in this thesis <x> area is used for the characterization of the crystallite 

size. 
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2.2.1.2 Strain Broadening  

The Fourier transform of the peak profile caused by the lattice distortion (strain) can be 

given by the following formula [136]:  

 𝐴𝐷(𝐿) = 𝑒𝑥𝑝(2𝜋2𝑔2𝐿2 < 𝜀𝐿
2 >)  , (2.21) 

where g is the magnitude of the diffraction vector hkl and < 𝜀𝐿
2 > is the mean-square strain 

that is caused by the displacement of atoms from their ideal positions normal to hkl lattice planes. 

In SPD-processed materials, the lattice distortion is mainly caused by dislocations. Due to the 

long-range character of the strain field of dislocations, these defects resulted in a significant 

contribution to line profiles broadening [137]. For dislocations, the mean-square strain can be 

given by the following formula [138-140]: 

 < 𝜀𝐿
2 >=

𝑏2

4𝜋
𝜌𝐶𝑓∗ (

𝐿

𝑅𝑒
)  , (2.22) 

where b and ρ are the magnitude of Burgers vector and the dislocation density, 

respectively, C is the dislocations contrast factor,  f* is the so-called Wilkens function as given 

in Ref  [138] and Re is the effective outer cut-off radius of dislocations with a length dimension. 

Equation (2.13) suggests that the strain field of a dislocation structure depends on both the 

dislocation density and the arrangement of dislocations. Without going into the details, the 

Fourier-transform of the line profile caused by the strain field of dislocations can be expressed 

as: 

 𝐴𝐷(𝐿) = 𝑒𝑥𝑝 (−
𝜋𝑏2

2
𝑔2𝐿2𝜌𝐶𝑓∗ (

𝐿

𝑅𝑒
))  . (2.23) 
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This equation shows the factors affecting the contribution of dislocations to line 

broadening. Obviously, strain broadening effect depends on the relative orientations of 

dislocation line, Burgers vector and diffraction vector, as well as on the elastic anisotropy of the 

studied material. The anisotropic nature of strain line broadening due to dislocations is taken into 

account by the contrast factor (orientation factor) C [141, 142]. 

For a texture-free polycrystalline material or if the different equivalent slip systems are 

equally populated by dislocations, an averaging of the individual contrast factors is needed over 

hkl indices of the reflections which appear at the same Bragg angle [143]. For materials with 

cubic crystal structure, the average contrast factor for hkl reflection, 𝐶̅hkl, can be given as [143]: 

 𝐶ℎ̅𝑘𝑙 = 𝐶ℎ̅00(1 − 𝑞𝐻2)  , (2.24) 

where parameter q describes the edge/screw character of dislocations, 𝐶ℎ̅00 is the average 

contrast factor for reflection h00 and  

 𝐻2 =
ℎ2𝑘2 + ℎ2𝑙2 + 𝑘2𝑙2

(ℎ2 + 𝑘2 + 𝑙2)2
  . (2.25) 

For a given dislocation slip system (slip plane and slip direction), the values of 𝐶ℎ̅00 and q 

can be calculated from the anisotropic elastic constants (cij or sij) of the studied material using 

the Anizc software (that can be found on the website http://metal.elte.hu/anizc) [144].  

For materials with hexagonal close-packed (hcp) structure, the average contrast factor, 

𝐶ℎ̅𝑘𝑙, can be given as [145]:  

 𝐶ℎ̅𝑘𝑙 = 𝐶ℎ̅𝑘0(1 + 𝑞2𝑧 + 𝑞2𝑧2)  , (2.26) 
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where q1 and q2 are two parameters depending on the type of slip system and the 

anisotropic elastic constants of the investigated material, 𝐶ℎ̅𝑘0 is the average dislocation contrast 

factor for reflections hk0 and 

 𝑧 =
2

3
(

𝑙

𝑔𝑎
)

2

 . (2.27) 

The values of the three quantities 𝐶ℎ̅𝑘0, q1 and q2 can be estimated for the eleven possible 

slip systems in hexagonal structures using the software Anizc [144]. 

 

2.2.1.3 Broadening Caused by Planar Faults  

Unlike the peak broadening effects caused by crystallite size and dislocations, planar faults 

may result in not only an anisotropic (i.e., hkl dependent) line broadening, but also a shift and 

asymmetry of peaks [129]. In addition, the line broadening due to planar faults depends on the 

type of defect (intrinsic or extrinsic stacking fault or twin boundary), the hkl indices of reflection 

and the faulting/twinning probability. The presence of extrinsic and intrinsic stacking faults in 

fcc crystals causes asymmetric XRD profile shape [146], while twin boundaries lead to 

symmetrical diffraction peaks. The intrinsic and extrinsic stacking faults cause opposite 

asymmetry for the same reflection [146]. Therefore, the type and density of the planar faults can 

be determined from the shape and breadth of the peak profiles. 

The influence of stacking faults and twin boundaries on XRD patterns for fcc crystals has 

been evaluated numerically in Ref. [146] using DIFFAX software [147]. Each diffraction peak 

consists of sub-reflections since the permutations of indices hkl yield the same interplanar 

spacing. Generally, the planar faults influence the line profiles if h+k+l≠3m, where m is an 

arbitrary integer. It was found that these sub-reflections can be well described by Lorentzian 

functions [146]. At the same time, the sub-reflections are Dirac delta type functions if 
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h+k+l=3m. Therefore, the theoretical profile functions caused by planar faults (IF(𝜅)) in fcc 

crystal can be described as [146]: 

  𝐼𝐹(𝜅) = 𝑤𝛿𝑓𝛿(𝜅) + ∑ 𝑤𝑗
𝑙𝑓𝐿𝑂

𝑗

4

𝑗=1

(𝜅 − 𝑔𝑗)  , (2.28) 

where 𝑓𝛿 is the Dirac delta profile component at the exact diffraction peaks positions, 𝑓𝐿𝑂
𝑗

 

(j = 1, 2, 3 or 4) is the Lorentzian profile function for the jth sub-reflection with the center 

position of 𝑔𝑗. The weights 𝑤𝛿 and 𝑤𝑗
𝑙 are the intensity fractions of the sub-profiles unaffected 

and affected by planar faults, respectively. Twinning in fcc structures usually occurs on the 

{111} close-packed planes while in hcp crystals the twin faults form on the non-basal planes 

(e.g., on planes {101} and {112}). Therefore, the nature of X-ray line broadening caused by twin 

faults in hcp materials differs from that observed in fcc crystals. Consequently, special theoretical 

descriptions were developed for evaluating the twin fault probability in hexagonal crystals [148]. 

The broadening caused by the twin faults in hexagonal system will not be discussed here because 

twinning in the studied hexagonal crystals did not occur. 

 

2.2.1.4 Instrumental Broadening 

In order to get high-reliability microstructural parameters for coarse-grained or less 

deformed materials, the instrumental broadening was taken into account during the evaluation 

of the peak profiles. The instrumental profiles were determined experimentally on a LaB6 

standard powder (NBS 660a). This material contains large crystallites with a negligible amount 

of lattice defects. The XRD measurement on the standard material should be performed under 

the same experimental conditions as for the studied samples. 

 



Chapter 2   Materials and Experimental Methods 

46 

2.2.2 X-Ray Measurement and Evaluation Method 

The XRD measurements on titanium samples were performed using a high-resolution 

rotating anode diffractometer (Rigaku, RA Multimax9) with CuKα1 (λ=0.15406 nm) radiation. 

In the case of 316L steel specimens, the XRD patterns were measured by a high-resolution 

diffractometer with CoKα1 radiation (wavelength: λ=0.1789 nm) since iron atoms yield a high 

fluorescent scattering of X-rays with CuKα1 radiation. For both investigations, two-dimensional 

imaging plates were used for the detection of the Debye–Scherrer diffraction rings of the 

scattered X-rays. The line profiles were determined as the intensity distribution perpendicular to 

the rings. 

The X-ray diffraction patterns were evaluated by the Convolutional Multiple Whole Profile 

(CMWP) fitting method [149]. In this procedure, the diffraction pattern is fitted by the sum of a 

background spline and the convolution of the instrumental pattern and the theoretical line profiles 

related to the crystallite size and dislocations. The instrumental pattern was measured on a LaB6 

line profile standard material. The CMWP evaluation program selects automatically the nearest 

instrumental profile to each diffraction peak of the samples. It is noted that the instrumental 

broadening was about 4–10 and 5–20 times smaller than the breadth of the diffraction profiles 

for the severely deformed titanium and 316L steel samples, respectively. Therefore, the 

instrumental correction had only a marginal effect on the microstructural parameters determined 

by XLPA. The theoretical profile functions used in the fitting procedure were calculated based 

on a model of the microstructure, where the crystallites have spherical shape and log-normal size 

distribution, and the lattice strains are caused by dislocations. 

About twenty peaks of titanium were fitted in the evaluation of line profiles. In the case of 

316L steel, HPT-processing and the subsequent heat treatments yielded multiphase materials and 

XLPA was carried out only on the main phase in the samples. When bcc α′-martensite was the 

main phase, four XRD peaks of this phase were fitted by the CMWP method and the other peaks 
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related to γ-austenite and ɛ-martensite phases were put into the background. At the same time, 

for the samples with fcc γ-austenite main phase the fitting was carried out on the five peaks 

associated to this phase.  

The area-weighted mean crystallite size (<x>area) and the dislocation density (ρ) were 

determined from XLPA. The CMWP procedure also enables the determination of the prevailing 

dislocation character (edge/screw) through q parameter for cubic structure. In the case of 

titanium with hexagonal structure, the experimental values of parameters q1 and q2 obtained by 

the CMWP method can be used for determining fractions of dislocation population in different 

slip systems. In γ-austenite with fcc structure, besides the parameters of the dislocation structure, 

the twin-fault probability (βt) was also evaluated by the CMWP fitting method [146]. This 

quantity gives the fraction of twin faults among {111} planes in the fcc structure. 

The CMWP evaluation of the parameters of the dislocation structure requires the 

knowledge of the average dislocation contrast factors 𝐶ℎ̅00 and 𝐶ℎ̅𝑘0 for the cubic and hexagonal 

structures, respectively. The theoretical 𝐶ℎ̅𝑘0, q1 and q2 values for the eleven possible slip 

systems in titanium have been calculated and listed in Table 2 in Ref [145]. The eleven 

dislocation slip systems can be classified into three groups based on their Burgers vectors: 

b1=1/3〈2̅110〉 (<a> type), b2= 〈 0001〉 (<c> type) and b3=1/3〈2̅113〉 (<c+a> type). The 

comparison between the experimental and theoretical values of parameters q1 and q2 yields the 

fractions of dislocations in the different types of slip system. This evaluation was carried out 

using the HexBurger program [150]. The average contrast factors for cubic polycrystals can be 

calculated according to Ref. [144] as discussed in section 2.2.1.2. The theoretical values of 𝐶ℎ̅00 

and q for 316L stainless steel are not available in the literature, therefore they were calculated in 

this study from the anisotropic elastic constants of the two major phases in this material. The 

anisotropic elastic constants are c11= 210, c12= 130 and c44= 120 GPa, and c11= 248, c12= 110 

and c44= 120 GPa for γ-austenite and α’-martensite phases, respectively [151, 152]. These values 



Chapter 2   Materials and Experimental Methods 

48 

were used for the determination of 𝐶ℎ̅00 and q for both phases using ANIZC software [144] (see 

section 2.2.1.2). The calculation was carried out for both edge and screw dislocations and the 

obtained values of 𝐶ℎ̅00 and q are listed in Table 2.3.  

 

Table 2.3. The values of 𝐶ℎ̅00 and q for edge and screw dislocations for both γ-austenite and α’-

martensite phases in 316L stainless steel. 

structure 
anisotropic elastic constants [GPa]  Edge  screw 

c11 c12 c44  𝐶ℎ̅00 q  𝐶ℎ̅00 q 

α′-martensite 248 110 120  0.205 0.55  0.276 2.51 

γ-austenite 210 130 120  0.281 1.53  0.289 2.33 

 

 

2.2.3 Electron Microscopy Characterization of the Studied Materials  

The microstructure, the phase composition and the grain size of the samples were 

investigated using one or more microscopic techniques. In the case of the HPT-processed 316L 

samples, scanning (SEM) and transmission electron microscopy (TEM) were used to examine 

the microstructures on the cross-sections of the disks as a function of the numbers of HPT 

revolutions. To implement these measurements, each HPT-processed 316L disk was cut into 

quarters as shown in Fig 2.2. For the titanium samples processed by MF, the investigations were 

carried out on the surface lying normal to the last forging direction. In the case of the rolled 

titanium specimens, the examinations were performed on the surface containing the rolling and 

the normal directions. 
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Fig 2.2. Schematic of the HPT-processed disk 

 

2.2.3.1 Scanning Electron Microscopy  

SEM is a powerful method for the study of the surface topography, microstructure and 

chemical composition of materials [153-155]. The microstructures of the initial and the SPD-

processed 316L samples were studied using a FEI Quanta 3D scanning electron microscope. 

Each surface was mechanically polished with 1200, 2500 and 4000 grit SiC abrasive papers and 

then the polishing was continued with a colloidal silica suspension (OP-S) with a particle size of 

40 nm. Finally, the surface of the 316L steel samples was electropolished at 28 V and 0.5 A 

using an electrolyte with a composition of 70% ethanol, 20% glycerine and 10% perchloric acid 

(in vol%). 

 

2.2.3.2 Electron Backscatter Diffraction 

Electron backscatter diffraction (EBSD) is a frequently used technique for the 

characterization of the microstructure, phase composition, grain boundary misorientation and 

texture [155, 156]. The grain structure and the phase composition were investigated by EBSD 
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on the initial 316L sample and the cross-section of the HPT-processed disks. Due to the strong 

grain refinement and distorted microstructure at the periphery of the HPT-processed samples, 

EBSD images were taken only at the center of the disk processed for low number of turns. For 

the Grade 2 titanium samples processed by MF, the microstructure was investigated by EBSD 

on the surface perpendicular to the compression direction in the last applied MF pass. 

For the EBSD investigations, a very good sample surface quality is required. Therefore, 

the surface of MF titanium specimen was first mechanically polished with 1200, 2500 and 4000 

grit SiC abrasive papers. Then, the polished surface was ion milled by an Ar-ion beam using 

SEMPrep2 device (manufacturer: Technoorg Linda Ltd., Budapest, Hungary). During ion 

milling, the samples were cooled to liquid nitrogen temperature to avoid unwanted annealing. In 

the case of the EBSD measurements for 316L steel, the same surface preparation method was 

applied as described in section 2.2.3.1. For both titanium and 316L steel, the EBSD 

investigations were performed using a FEI Quanta 3D SEM. The EBSD images were taken with 

a step size of 30 nm and evaluated by OIM software made by TexSem Laboratories.  

 

2.2.3.3 Energy Dispersive X-ray Spectroscopy 

Energy dispersive X-ray spectroscopy (EDS) was used in FEI Quanta 3D SEM for the 

determination of the chemical composition of the studied 316L steel material. This technique 

can provide the concentration of elements with atomic number Z>4 [154, 157]. 

 

2.2.3.4 Transmission Electron Microscopy 

Transmission electron microscopy (TEM) is a powerful technique for the characterization 

of the microstructure [155, 157]. The grain structures in the initial and the rolled of Grade 2 

titanium specimens were examined by a Tecnai G2 X-TWIN TEM. In the case of the rolled 

specimens, the TEM foils were prepared from the longitudinal sections containing the rolling 
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and the normal directions which were thinned by mechanical grinding to a thickness of 20–40 

μm. Then, the foils were further thinned by Ar-ion milling using a Gatan Model 691 precision 

ion polishing system. Automated Crystallographic Orientation Mapping (ACOM) was also 

performed in TEM using ASTAR technique. 

In the periphery of the HPT-processed disks, it was not possible to investigate the strongly 

refined and distorted microstructure by EBSD. Therefore, TEM investigations were applied for 

the determination of the grain size. The TEM lamellae were prepared with special care from the 

cross-sections of the disks in order to avoid unwanted annealing of the samples. Namely, low 

temperature glue (GATAN G1) was used at 330 K to fix the sample in the 3 mm diameter Ti 

disk. In addition, ion milling was conducted at 7 keV with continuous cooling of the sample by 

liquid nitrogen. The TEM examinations were performed in a Philips CM20 electron microscope 

operating at 200 keV. Images and diffraction patterns were recorded on imaging plates and the 

diffraction patterns were indexed using the ProcessDiffraction program [158, 159]. 

 

2.2.4 Measurement of Mechanical Properties  

 

2.2.4.1 Tensile Tests 

The mechanical properties of the samples processed by MF and rolling were investigated 

by uniaxial tensile tests using an Instron universal mechanical testing machine (type 8809) at RT 

and with a cross-head velocity of 6 mm/min. The tests were carried out on cylindrical specimens 

with the length and diameter of 25 and 5 mm, respectively, machined out from the deformed 

bars. 3-3 samples were tested for each processing condition (1, 3 and 4 passes of MF, and rolling 

to 10 mm at 290 K and 470 K, and to 5 mm at 470 K after 4 passes of MF). 

The tensile performance of 316L steel was investigated immediately after HPT processing 

and for the samples annealed to the two characteristic temperatures of the DSC thermograms, 
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i.e., to ~740 and ~1000 K. Small specimens were cut from the regions between the half-radius 

and the periphery of the HPT disks as shown in Fig. 2.3. These tensile samples were heated in 

the calorimeter to ~740 and ~1000 K at a heating rate of 20 K/min and then quenched to RT at 

~300 K/min. For the tensile tests, two miniature specimens were cut from each HPT-processed 

disk by electro-discharge machining (EDM). The gauge length, width and thickness of the 

specimens were 1.1, 0.95 and 0.6 mm, respectively. Tensile tests were performed on a Zwick 

Z030 testing machine at RT with an initial strain rate of 10-3 s-1. 

 

 

 

 

Fig. 2.3: Schematic illustration showing the miniature tensile samples cut from the HPT disks. 
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2.2.4.2 Hardness 

For the 316L steel disks processed by HPT, the hardness was measured as a function of 

the distance from the center. In addition, the stability of the microstructure in these samples was 

also monitored by measuring the Vickers microhardness as a function of the annealing 

temperature. The hardness test was performed using a Zwick Roell ZHm hardness tester with a 

Vickers indenter, an applied load of 500 g and a dwell time of 10 s. 

In the case of 316L samples, the local mechanical performance of the areas with different 

contrasts on the SEM images was determined by nanoindentation. The nanohardness 

measurements were performed using a UMIS Nano-hardness device with a Vickers indenter and 

a maximum load of 3 mN. The size of the indents was ∼1 µm. A series of 400 indentations was 

recorded which were arranged in an 8×50 matrix with lateral spacings of 10 µm. The shorter 

edge of this matrix was parallel to the disk diameter. 

 

2.2.5 Differential Scanning Calorimetry 

Differential scanning calorimetry (DSC) was used to investigate the thermal stability of 

the phase composition and the microstructure at the periphery of the HPT-processed 316L 

stainless steel specimens. For DSC, small samples were cut from the peripheral regions of the 

HPT disks and the experiments were performed in a Perkin Elmer (DSC2) calorimeter at a 

heating rate of 20 K/min under an Ar atmosphere. In order to determine the activation energies 

of the processes related to the DSC peaks, the thermograms were measured at different heating 

rates of 10, 20, 40 and 60 K/min. The maximum temperature of the DSC scans was 1000 K. 
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 Chapter 3 

 

Processing of Ultrafine-grained Titanium with High Strength and                                 

Good Ductility by a Combination of Multiple Forging and Rolling 

 

In this chapter I will show the evolution of the microstructure (grain size, crystallite size, 

and dislocation density) and the mechanical properties of Grade 2 titanium processed by a 

combination of multiple-forging and subsequent plane rolling. I will illustrate the influence of 

processing temperature on the microstructure and mechanical performance of the samples. The 

results shown in this chapter have been published in Materials Science & Engineering A [160]. 

 

3.1 Microstructure of the MF-processed and rolled samples 

The crystallite size, the density and the fractions of <a>, <c> and <c+a> dislocations were 

determined by XLPA. As an example, Fig. 3.1 shows the CMWP fitting for the sample MF-

processed and rolled at 470 K to the thickness of 10 mm. The processing details can be found in 

section 2.1. The microstructural parameters obtained by XLPA are shown in Table 3.1. It can be 

seen that the crystallite size is small (~72 nm) while the dislocation density is large (~9 × 1014 

m−2) even after the first pass of MF which changed only slightly with increasing the number of 

MF passes up to four. Subsequent rolling yielded only a negligible reduction of the crystallite 

size. At the same time, the dislocation density increased to ~18 × 1014 m−2 due to rolling at 470 

K to the thickness of 10 mm. The larger thickness reduction to 5 mm did not yield smaller 

crystallite size or higher dislocation density. This observation suggests that in the rolling process 

at 470 K a saturation of the microstructure was achieved already at the thickness reduction to 10 

mm, therefore more severe rolling did not yield further increment in the dislocation density. In 

addition, the decrease of the rolling temperature to 290 K also did not lead to a higher dislocation 
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density. This result can be explained by the fact that the sample rolled nominally at 290 K also 

underwent a warm deformation since the temperature of the workpiece increased by about 100–

150 K during rolling, owing to the friction between the rolls and the material, as well as the 

transformation of plastic work into heat. Therefore, the dislocation density values were similar 

in the samples rolled at 470 and 290 K.  

 

  

 

Fig. 3.1: The measured (open circles) and the fitted theoretical (solid line) X-ray diffraction 

patterns obtained on the sample MF-processed and rolled to a thickness of 10 mm at 470 K 

(denoted as 4MF + R10/470). The difference between the measured and the fitted patterns is 

shown at the bottom of the figure. The inset shows peak 101 with higher magnification. 

 

 

 



Chapter 3   UFG Titanium Processed by MF and rolling  

56 

Table 3.1: Parameters of the microstructure obtained for the initial specimen and the samples 

processed by MF and rolling. The samples are denoted as: 1MF, 3MF and 4MF – MF processing 

for 1, 3 and 4 passes, respectively; 4MF + R10/470 and 4MF + R5/470 – rolling at 470 K to the 

thickness of 10 and 5 mm, respectively, after 4 passes of MF; 4MF + R10/290 – rolling at 290 

K to the thickness of 10 mm after 4 passes of MF. 

Sample 
Grain size 

[nm] 

Crystallite size 

[nm] 

Dislocation density 

[1014 m-2] 

Initial 20000 ˃1000 ˂0.1 

1MF 2000 79 ± 8 9 ± 1 

3MF -- 67 ± 7 9 ± 1 

4MF 1500 73 ± 7 11 ± 1 

4MF + R10/470 890 63 ± 6 18 ± 2 

4MF + R5/470 870 59 ± 6 17 ± 2 

4MF + R10/290 560 58 ± 7 18 ± 2 

 

A comparison between the dislocation densities obtained in the present study and 

published in the literature for other SPD-processed titanium samples can be performed using the 

data listed in Table 3.2. The dislocation density achieved by the combination of MF and rolling 

processes in the present study (~18 × 1014 m−2) was smaller than the value achieved by the 

combination of warm ECAP at 700 K and cold rolling in a former work (~30 × 1014 m−2 [161]). 

Most probably, in the previous study the lower temperature of rolling was the reason of the higher 

value of the dislocation density. The work of Dragomir et al. [162] showed that the dislocation 

density in a commercially pure titanium increased from 5 × 1014 to 10 × 1014 m−2 by increasing 

the reduction in thickness from 40% to 80% during hot rolling. The latter deformation 

corresponds to an equivalent strain of 1.85. At the same time, a dislocation density of ~23 × 1014 

m−2 was estimated after cryo-rolling to an equivalent strain of 2.66 (thickness strain of 93%) 

[163]. The additional room temperature forging and drawing processes after high temperature 

ECAP yielded an increase of the dislocation density in titanium samples from 6 × 1014 to 24 × 
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1014 m-2 [164]. Thus, the dislocation density achieved in the present study by a combination of 

the simple MF and rolling processes resulted in a similar order of magnitude in the dislocation 

density as obtained by the more complicated SPD techniques (e.g., by ECAP). 

 

Table 3.2: The dislocation density in UFG and NC pure titanium samples produced via various 

SPD techniques. 

Processing method 

Dislocation 

density 

[1014 m-2] 

References 

MF at 620 K 11 ± 1 Present study [160] 

MF at 620 K + Rolling at RT or 470 K 18 ± 2 Present study [160] 

Cryo-rolling  23 ± 3 [163] 

ECAP, 1 pass, at 77 K ~4.3 [165] 

ECAP, 4 passes, at 470 K ~10.2 [166] 

ECAP, 4 passes, at 670 K ~6.6 [165] 

ECAP, 8 passes, at 700 K 6 ± 1 [164] 

ECAP, 8 passes, at 700 K + CR at RT 30 ± 6 [161] 

ECAP, 8 passes, at 700 K + Forging at RT 12 ± 1 [164] 

ECAP, 8 passes, at 700 K + Forging at RT + 

Drawing at RT 
24 ± 3 [164] 

ECAP-C, 4 passes, at 470 K ~9 [167] 

ECAP-C, 8 passes, at 470 K ~11.7 [167] 

HPT, 6.0 GPa, at RT ~5.6 [168] 

HPT, 2 GPa, at 77 K ~15 [169] 

HPT, 2 GPa, at RT ~18.5 [169] 

 

The fractions of <a>, <c> and <c+a> dislocations were also determined for the samples 

processed by MF and subsequent rolling. For all materials, the <a>-type dislocations have the 

highest fraction (72–78%), while the fraction of <c+a> dislocations is only 18–26%. The amount 

of <c> dislocations is negligible. The abundance of <a>-type dislocations can be attributed to 
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their lowest energy due to the smallest Burgers vector. It was also revealed that among <a>-type 

dislocations the fraction of prismatic edge dislocations is much higher than those for basal or 

pyramidal dislocations. This can be explained by the easier slip of prismatic dislocations than 

the other ones which is a common feature of hexagonal structures with the ratio of lattice 

parameters lower than 1.63 [170]. In the <c+a> dislocation group, the pyramidal edge 

dislocations with the Burgers vectors of  21121132
3

1
 and  11101132

3

1
 have the highest 

fractions. A good agreement was found between the present results and the former work on 

titanium deformed by rolling at 540 K [162]. In that study, it was found that <a>-type 

dislocations were dominating the dislocation population, irrespectively of the reduction in 

thickness. The percentage of <a> dislocations increased with increasing degree of rolling, 

reaching 80% at the thickness reduction of 80%. Simultaneously, the fraction of <c+a>-type 

dislocations decreased with increasing the strain in rolling and the fraction of <c> dislocations 

remained at very low level even if the rolling was performed to high strains. It was also reported 

that the fractions of the different dislocation types were strongly influenced by the deformation 

temperature [148, 171]. The fractions of <a>- and <c+a>-type dislocations in magnesium 

samples remained unchanged with increasing the deformation temperature up to 373 K, whereas 

at higher temperatures the fraction of <a>-type dislocations was reduced, and the fraction of 

<c+a>-type dislocations increased [148]. This trend can be explained by the higher activation 

<c+a> slip systems in hexagonal metals at elevated deformation temperatures [171]. 

Fig. 3.2 shows EBSD images of the microstructures for the samples processed by one and 

four passes of MF (i.e., for the lowest and highest strains applied in MF processing). The grains 

are defined as the volumes bounded by boundaries with misorientation angles larger than 15°. 

The grain size of the initial annealed material was about 20 μm [164]. The EBSD images in Fig. 

3.2 reveal that the grain size decreased to 2 and 1.5 μm after one and four passes of MF at 620 
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K, respectively. The average grain size values are also listed in Table 3.1. It can also be seen in 

Fig. 3.2 that the grain size distribution is broad, consisting of both large and small grains.  

 

Fig. 3.2: EBSD images showing the microstructures of the samples processed by one pass (a,b) 

and four passes (c,d) of MF. Figures (b) and (d) show magnified parts of figures (a) and (c), 

respectively. 

 

The ACOM-TEM images in Fig. 3.3 illustrate the microstructures of the samples rolled 

after four MF passes. The average grain sizes determined from the TEM images are listed in 

Table 3.1. It can been seen that rolling resulted in an additional grain refinement, compared to 

the sample processed by four MF passes. Rolling at 470 and 290 K yielded to a reduction of the 

average grain size from about 1.5 μm to 870–890 and ~560 nm, respectively. It seems that in the 
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rolling process at 470 K the saturation grain size was achieved even after the thickness reduction 

to 10 mm, as further straining to the thickness of 5 mm did not lead to further considerable grain 

refinement. At the same time, the decrease of the rolling temperature to 290 K yielded a smaller 

grain size. It can be concluded that UFG microstructures were achieved by the combination of 

MF and rolling processes. Similar strong reduction in the grain size has already been achieved 

by a combination of SPD and conventinal forming processes in a former study. In that work, the 

grain size of titanium was reduced from ~20 µm to 200-500 nm after warm ECAP processing 

[164]. Further grain refinement to 50-300 nm was achieved due to subsequent deformation by 

forging and drawing at room temperature. 

 

 

Fig. 3.3: TEM images showing the microstructures of the samples rolled to (a) a thickness of 10 

mm at 470 K, (b) a thickness of 5 mm at 470 K and (c) a thickness of 10 mm at 290 K. The 

acronyms CG and UFG indicate coarse and ultrafine grains, respectively. 

 

3.2 Mechanical behavior of MF-processed and rolled Ti samples 

The mechanical properties of the initial material and the samples deformed by MF and 

rolling are shown in Fig. 3.4. The values of the yield strength, ultimate tensile strength, 

elongation to failure, reduction in area and strain energy density to fracture were obtained as the 

average of four measurements. The error of the values is about 10%. The yield and ultimate 
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tensile strength values of the initial material were ~332 and ~439 MPa, respectively. MF 

processing at 620 K yielded a significant improvement in both strength values. After 4 passes of 

MF, the yield and the ultimate tensile strength values increased to ~445 and ~620 MPa, 

respectively. The parameters describing the ductility of materials, i.e., the elongation to failure 

and the reduction in area did not change considerably due to MF processing. For the sample 

deformed by four MF passes, the elongation to failure was ~18% while the reduction in area was 

~52%. Fig. 3.4 shows that MF processing yielded an increase in the strain energy density to 

fracture from ~414 to ~533 J/cm3, which is mainly caused by the rise of strength.  

Rolling after four passes of MF resulted in an additional improvement in strength, as shown 

in Fig. 3.4. When the samples were rolled at 470 K to the thickness values of 10 and 5 mm, the 

yield strength increased to ~641 and ~669 MPa, respectively. The ultimate tensile strength values 

were ~734 and ~759 MPa for these materials. The highest yield and ultimate tensile strength 

values achieved by rolling at 290 K to the thickness of 10 mm were ~689 and ~816 MPa, 

respectively. Concomitantly with the increase of strength, the ductility did not deteriorate 

considerably. After rolling at 290 K, the elongation to failure and the reduction in area were 

~18% and ~57%, respectively. Due to the practically unchanged elongation to failure and the 

very high strength increment, rolling at 290 K yielded much higher strain energy density to 

fracture (~866 J/cm3) than that in the initial state (~414 J/cm3).  

The present study demonstrates that the combined deformation process including MF and 

subsequent rolling resulted in an UFG titanium with high strength and good ductility. The 

enhanced strength can be attributed to the high dislocation density and the UFG microstructure. 

It should be noted, however, that a smaller dislocation density (~18 × 1014 m−2) and a larger gain 

size (~560 nm) were achieved in the present study compared to the values (~30 × 1014 m−2 and 

100–600 nm for the dislocation density and the gain size, respectively) obtained by a 

combination of warm ECAP at 720 K and cold rolling in a previous work [161]. Accordingly, 
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the yield strength values of the present rolled materials (641–689 MPa) were smaller than the 

corresponding value for the ECAP processed and cold rolled titanium (~900 MPa, [161]). At the 

same time, forging and rolling techniques used in this study are more productive than ECAP and 

they can be applied in industrial environments. 
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Fig. 3.4: Mechanical properties of Grade 2 titanium in the initial, multiple forged and rolled 

states. YS – yield strength, UTS – ultimate tensile strength, A5 – elongation to failure, Z – 

reduction in area, Wf – strain energy density to fracture. The notations of the samples are 

given in the caption of Table. 3.1. 

 

The combination of MF and rolling resulted in a decrease of the average grain size into the 

UFG regime, as shown in Table 3.1. However, the TEM images in Fig. 3.3 suggest that the grain 

size distributions in all rolled specimens have a bimodal character. Indeed, beside the ultrafine 

grains (smaller than 1 μm) coarse grains can also be observed in Fig. 3.3 (denoted as CG). These 

coarse grains may be formed due to the elevated temperature of deformation. It should be noted 
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here that the sample rolled nominally at 290 K also underwent warm deformation due to the 

increase of the workpiece temperature during rolling, as discussed above. The high-temperature 

during rolling facilitates dynamic recovery and recrystallization which result in grain growth. As 

the temperature of deformation is not very high compared to the melting point, only a partial 

recovery/recrystallization occurred, resulting in the formation of embedded coarse grains in the 

UFG matrix. Most probably, this bimodal microstructure is a crucial factor in the achievement 

of the improved mechanical properties with high strength and good ductility. It is worth to note 

that during MF and rolling performed at high-temperatures beside dislocation multiplication a 

dynamic recovery/recrystallization occurred, therefore the dislocation density only slightly 

changed with increasing the imposed strain. 

In a recently published work on Ti [172], it was also shown that a heterogeneous lamella 

structure with coarse and UFG volumes exhibited superior mechanical behavior: the material 

was as hard as an UFG microstructure and at the same time as ductile as a conventional coarse-

grained Ti. In that study, the inhomogeneous microstructure was achieved by asymmetric rolling 

with a thickness reduction of 87.5% and a subsequent annealing at 745 K for 5 min which 

resulted in a partial recrystallization of the severely deformed material. The significance of the 

present study is that this heterogeneous microstructure with superior mechanical performance 

can also be achieved by a combined process of MF and rolling, without additional annealing. As 

these processes can easily be transposed into an industrial environment, therefore the combined 

method may be a candidate technique for mass production of Ti with high strength and good 

ductility. 
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 Chapter 4 

 

Microstructure, Phase Composition and Hardness Evolution                                               

in 316L Stainless Steel Processed by High-pressure Torsion 

 

In this chapter, the evolution of grain size, dislocation density and phase composition in 

316L stainless steel during HPT is shown. The number of turns varied between ¼ and 20. The 

microstructures of the HPT-processed disks were studied on the cross-sections using SEM and 

EBSD. Due to the strong grain refinement in the peripheral regions of the HPT-processed disks 

even for low numbers of revolutions (e.g., for ¼ turn), the grain sizes were determined by TEM. 

The phase composition, the crystallite size, and the dislocation density were evaluated by XLPA. 

The hardness was measured as a function of the number of revolutions and the distance from the 

centre of the HPT-processed disks. The results of this work have been published in journal and 

conference papers [173, 174]. 

 

4.1 Change of phase composition during HPT 

The microstructure of the initial material is illustrated in Fig. 4.1. The EBSD images in 

Fig. 4.1a and b show the grain structure in fcc γ-austenite and bcc α’-martensite, respectively. It 

is apparent that the majority (∼97 vol%) of the initial sample is γ-austenite with a mean grain 

size of ∼42 μm. Smaller α’-martensite grains are also observed besides the austenite grains as 

shown in Fig. 4.1b. Fig. 4.2a and b present the X-ray diffractograms obtained for the centre and 

the periphery of the disks, respectively, in the initial specimen and the HPT-processed samples 

with the smallest (N=¼) and the highest (N=20) numbers of turns. The comparison of these 

diffraction patterns reveals a change of the phase composition due to HPT straining. The initial 

sample is almost a single phase γ-austenite with a very small fraction of α’-martensite in 

accordance with the EBSD results. Processing by HPT gave a phase transformation such that fcc 
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γ-austenite transformed into hcp ɛ- and bcc α’-martensites. The higher the numbers of turns and 

the greater the distance from centre, the more advanced the transformation. For the highest 

number of turns (N=20) the HPT-processed disk at the periphery contains mainly α’-martensite. 

This observation suggests that the phase transformation is promoted by the strain applied in the 

HPT processing. 

 

Fig. 4.1: EBSD images showing the grain structure in the initial sample for (a) fcc γ-austenite 

and (b) bcc α’-martensite phases. 

 

 

Fig.4.2: X-ray diffractograms obtained for the initial sample as well as (a) the centre and (b) the 

periphery of the disks processed for the lowest (N=¼) and the highest (N=20) numbers of HPT 

turns. 
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4.2 Microstructure evolution during HPT as determined by SEM and EBSD 

 Backscattered electron images were taken on the cross-sections of the initial and the 

HPT-processed samples by SEM. Figure 4.3 shows representative SEM images for the initial 

sample and the disks processed by HPT for different numbers of revolutions from ¼ to 20 turns 

of HPT in order to illustrate the evolution of the cross-sectional microstructure. The initial 

specimen exhibits a uniform coarse-grained microstructure but the strain gradient along the 

radius of the HPT-processed disks causes a non-uniform microstructure: in the centre (low strain) 

coarse grains of several tens of microns were detected while far from the centre (large strain) a 

flow pattern was developed which consists of dark and bright regions in the SEM images. The 

coarse-grained microstructure in the centre and the flow pattern at the periphery for the sample 

processed by ¼ turn are shown at higher magnifications in Figs. 4.4a and b, respectively. The 

grain size was not refined to the UFG regime in the vicinity of the disk centre (closer than 0.5 

mm to the centre) even after 5 turns. At the same time, apart from the centre region, the grain 

size cannot be resolved in the SEM images due to the very fine and distorted microstructure. 

After HPT for 10 turns, the grain size cannot be determined by SEM even in the centre. In 

addition to the grain refinement, cracks developed in the samples processed by three or more 

turns as revealed by the SEM images in Figs. 4.4c and d taken on the cross-sections of disks 

processed by 3 and 10 turns, respectively. 
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Fig. 4.3: The cross-sectional microstructure in the initial material and in the disks processed by 

HPT for different numbers of turns from ¼ to 20. 
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Fig. 4.4: SEM images of the coarse-grained microstructure (a) in the centre and (b) the flow 

pattern at the periphery for the sample processed by ¼ turn. Cracks on the cross-section of the 

disks processed by (c) 3 and (d) 10 turns. 

 

 

In the centre of the HPT-processed disks, lamellae were formed inside the coarse grains 

which appear in bright contrast in the SEM images (see, for example, Fig. 4.4a for ¼ turn). Figure 

4.5a shows these lamellae at a higher magnification. The image quality (IQ) map in Fig. 4.5b 

reveals low IQ values in the bright regions suggesting severely distorted microstructures in these 

volumes. The EBSD images in Figs. 4.5c-e show that in most of the bright regions the fcc γ-

austenite transformed into ɛ-martensite with hcp crystal structure. It has been shown [175] that 

ɛ-martensite can be formed by developing stacking faults (SFs) on every second {111} plane in 
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fcc γ-austenite. The IQ values are low in all ɛ-martensite lamellae, indicating severe distortion 

in this phase which may be caused by dislocations and SFs in the hexagonal structure. If the 

sequence of SFs does not follow the order required for hcp stacking, the IQ values are low, but 

ɛ-martensite is not identified. Such bands can be seen in the middle and the right side in Fig. 

4.5b. Therefore, it can be concluded that the areas with bright contrast in the SEM images are ɛ-

martensite lamellae or severely deformed bands. Fig. 4.5e shows that α’-martensite grains were 

nucleated in the ɛ-martensite bands. These grains are less distorted as indicated by the higher IQ 

values (see Fig. 4.5b) and have darker contrast in the SEM image compared to ɛ-martensite (see 

Fig. 4.5a). The observed contrast difference between ɛ- and α’-martensites (i.e., α’-martensite is 

darker than ɛ-martensite) is consistent with earlier investigations [175, 176]. The present 

SEM/EBSD investigations suggest the sequence γ→ɛ→α′ for the phase transformation during 

HPT-processing which is in accordance with the results reported previously for other 

deformation methods [120, 175, 177-179], However, the direct transformation from γ-austenite 

to α’-martensite was also observed in former studies [178-180]. The fractions of ɛ- and α’-

martensites increased at the expense of γ-austenite with increasing number of HPT turns as 

illustrated by the EBSD images in Fig. 4.6 taken at the centre of the disk processed by ½ turn. 

This observation is in accordance with the XRD experiments shown in Fig. 4.2. 
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Fig. 4.5: SEM image (a), IQ map (b), and crystallographic orientation maps of γ-austenite (c), 

ε-martensite (d) and α’-martensite (e) for the centre of the disk processed by ¼ turn. 

 

The SEM images revealed flow patterns with bright and dark regions on the cross-sections 

apart from the sample centre for all HPT-processed disks. This flow pattern is illustrated for ¼ 

turn in Fig. 4.4b. The thickness of the bright and dark regions varies between 2 and 20 µm 

independently of their positions along the disk radius. Energy-dispersive X-ray spectroscopy 

(EDS) in SEM revealed no significant difference between the chemical compositions of these 

two regions. Additional EBSD investigations, which are not shown here, indicated that all three 

crystalline phases existed in both regions. However, in the bright volumes the ratio of the 

fractions of ɛ- and α’-martensite is much larger than in the dark volumes. As an example, after 

¼ turn, the fractions of the γ, ɛ and α’ phases in the two neighbouring bright and dark regions 

were determined as 13%, 62%, 25% and 4%, 42%, 54%, respectively. As the contrast of ɛ-

martensite in the SEM images is brighter than for γ-austenite or α’-martensite (see Figs. 4.5 and 

4. 6), the larger fraction of ɛ-martensite yields brighter contrast in the flow pattern. 
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Fig. 4.6: SEM image (a) and crystallographic orientation maps of γ-austenite (b), ε-martensite 

(c) and α’-martensite (d) for the center of the disk processed by ½ turn. 

 

The mechanical performance of the areas with dark and bright contrast were investigated 

by nanoindentation. In order to ensure that the indent size was below the thickness of the dark 

and bright regions (measured between ~2 and ~10 µm as determined from SEM images as for 

the ¼ turn in Fig. 4.7a), the load was limited to 3 mN to give an indent size below 1 µm as shown 

in Fig. 4.7b. The mean and the standard deviation of the nanohardness values for the bright region 

were obtained as 9.0 and 1.2 GPa, respectively, and the corresponding values for the dark region 

were 9.9 and 1.4 GPa, respectively. This means the hardness values are very close in these two 

regions despite their different phase compositions. Apart from the centre part of the disks, the 

grain size was of the order of the pixel size of the EBSD investigation (~30 nm as will be shown 
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later) and the microstructure was very distorted so that it was not possible to determine the grain 

size using EBSD. Thus, TEM was performed to study the grain size far from the disk centre. 

 

Fig. 4.7: A typical SEM micrograph showing the flow pattern (a), and indents on dark and bright 

areas (b), taken at the periphery for the sample processed by ¼ turn.     

 

4.3 Grain size and dislocation density from TEM and XLPA 

Close to the periphery of the HPT-processed disks, the microstructure was studied by 

TEM. The dark field TEM images in Fig. 4.8 shows that the grain structure is very fine at the 

periphery even after ¼ turn of HPT. The grain size was determined from the dark-field TEM 

images as the diameter of the individual grains. About one hundred grains were evaluated for 

each disk. The mean grain size decreased from ~42 μm in the initial material to ~120 nm at the 

disk periphery even after ¼ turn of HPT. The grain size was further refined with increasing 

numbers of HPT revolutions. Representative TEM images obtained at the periphery after ½ and 

10 turns are shown in Figs 4.8b and c, respectively. After 10 turns the average grain size was 

reduced to ~45 nm at the periphery of the HPT-processed disk. Further increment in the number 

of turns up to 20 did not yield additional reduction in the grain size at the peripheral region of 

the disk. It is concluded that a saturation in the grain size was achieved at the periphery of the 

HPT disk processed for 10 revolutions. The different crystalline phases were not separated in the 
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TEM images and therefore the grain sizes plotted in Fig. 4.9 as a function of the numbers of turns 

represent the average values for all phases in the peripheral regions of the disks. As noted in 

section 3.2, after 10 turns coarse grains were not observed at the disk centre by SEM and 

therefore this microstructure was also investigated by TEM (see Fig. 4.8d). The measured 

average grain size was ~95 nm thereby demonstrating the occurrence of a nanocrystalline 

microstructure even in the centre of the sample processed by 10 revolutions of HPT. 

 

 

Fig. 4.8. TEM images obtained at the periphery of the disks processed by ¼ (a), ½ (b) and 10 

(c) turns and at the centre after10 revolutions (d). 
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XLPA was applied to determine the crystallite size and the dislocation density in the HPT-

processed samples. Due to the strongly overlapping peaks of γ-austenite and ɛ-martensite (see 

Fig. 4.2), the line profiles of these phases were not evaluated. Therefore, the parameters of the 

microstructure were determined only for α’-martensite. A major attempt was undertaken to 

determine crystallite size and dislocation density values characterizing relatively large volumes 

in the samples and accordingly, the XRD patterns were evaluated only in the peripheral regions 

of the disks where α’-martensite was the major phase. As an example, Fig. 4.10 illustrates the 

fitting on the XRD pattern taken at the periphery of the disk processed by 10 turns of HPT. Four 

peaks of α’-martensite can be measured by Co radiation in the Bragg angle range 40-140°. These 

reflections were fitted by the CMWP method as indicated by the indices of reflections in Fig. 

4.10. 

 

 

Fig. 4.9: The average grain size obtained by TEM as well as the crystallite size and the 

dislocation density determined by XLPA for α’-martensite at the periphery of the HPT disks as 

a function of the numbers of revolutions. 
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The peaks of γ-austenite and ɛ-martensite phases were put into the background. The 

difference between the measured and the fitted diffractograms is practically zero as shown at the 

bottom of Fig. 4.10, indicating an excellent fitting of the theoretical pattern to the measured 

diffractogram. Therefore, the reliability of the values of the microstructural parameters 

(crystallite size and dislocation density) is high despite the overlapping of the peaks of the 

different phases. The uncertainty of the results was determined from the error of the fitted 

parameters as given by the CMWP software. The uncertainty of the crystallite size and the 

dislocation density was in the range 5-15%. In addition, each fitting procedure was repeated by 

several times using considerably different initial parameter values. The difference between the 

results obtained by the repeated fitting procedures was below their errors given by the CMWP 

program. Figure 4.9 shows the average crystallite size and dislocation density as a function of 

the number of HPT revolutions. It was found that the crystallite size decreased from ~37 to ~24 

nm while the dislocation density increased from ~66 × 1014 m-2 to ~143 × 1014 m-2 with 

increasing numbers of HPT turns from ¼ to 20. It is therefore concluded that the crystallite size 

is very small, and the dislocation density is very large at the peripheries of the disks even after 

¼ turn. After 10 revolutions, the crystallite size and the dislocation density reached to saturation 

state. It is noted that this crystallite size is smaller than the grain size obtained by TEM by a 

factor of ~2-4. This apparent discrepancy is often observed in SPD-processed materials and is 

readily explained by the breaking of X-ray coherency due to the small misorientations inside the 

grains [181]. Therefore, the XLPA measures the size of the subgrains or dislocation cells rather 

than the true grain size. The better statistics of XLPA compared to TEM may also contribute to 

the difference between the crystallite size and the grain size values. For each sample about one 

hundred grains were evaluated in the TEM images while the number of crystallites contributing 

to the X-ray diffraction peaks is at least three orders of magnitude larger. 
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Fig. 4.10: Fitting on the XRD pattern taken on the periphery of the disk processed by 10 turns 

of HPT. The open circles and the solid line represent the measured and the fitted patterns, 

respectively. The indices of reflections of the evaluated peaks of α’-martensite are given above 

the reflections. The difference between the measured and fitted diffractograms is shown at the 

bottom of the figure. 

 

4.4 Evolution of hardness in the HPT-processed stainless steel 

Figure 4.11 shows the microhardness as a function of the distance from the centre for the 

disks processed for different numbers of HPT turns. The hardness of the initial material was 

~1400 MPa throughout the disk. After ¼ revolution there was a strong hardening and the 

hardness values increased by factors of ~2.7 and ~3.5 in the centre and periphery, respectively. 

A further increase in the numbers of turns gave additional hardening and the highest hardness of 

~6140 MPa was achieved at the periphery of the disk processed by 20 revolutions. It is noted 

that this value is more than 4 times larger than the hardness of the initial material. The large 
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increment in the hardness already after ¼ turn is in accordance with the strong refinement of the 

microstructure at low strains. Furthermore, the hardness distribution remained inhomogeneous 

even after 10 revolutions of HPT. This increasing of the hardness with increasing distance from 

the centres of the disks is consistent with the general trends reported for many metals processed 

by HPT [45, 182]. The microhardness increased with distance from the centre for all disks in 

accordance with the increase of strain along the HPT sample radius. However, the increase of 

the number of HPT turns to 20 did not yield a further increment in hardness at the peripheral 

areas, indicating that a saturation in hardness was achieved at the disk periphery processed for 

10 revolutions of HPT. This saturation in the hardness can be attributed to the saturation in the 

grain size and/or the dislocation density at the periphery of the disks processed by 10 turns. As 

the HPT processing continues for higher turns the hardness at the peripheral areas remains 

unchanged while it increases at the central region, reaching nearly the saturation value after 20 

revolutions. An almost homogeneous hardness distribution along the disk radius was achieved 

after processing for the highest number of turns (20 revolutions). Basically, the saturation in 

hardness is attributed to the homogeneity of the microstructure achieved along the radius of the 

disk. A failure to achieve a hardness saturation in the centre is consistent with other recent results 

from HPT processing where there was no saturation in a NiTi alloy after 40 turns [183]or in a -

Ti alloy after 50 turns [184]. Other experimental studies have confirmed the possibility of 

achieving a homogeneous microstructure and hardness in the HPT disks [17, 48, 55, 62]. 
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Fig. 4.11: Microhardness as a function of the distance from the centre of the 316L disks 

processed for different numbers of HPT turns. 

 

4.5 Comparison of the results with the literature data 

The use of EBSD and XRD in this investigation showed that the initial fcc γ-austenite 

transformed gradually into hcp ɛ- and bcc α’-martensites during HPT (see Figs. 4.2, 4.5 and 4.6). 

The phase transformation followed the sequence γ→ɛ→α’. This sequence of the transformations 

is in agreement with that observed formerly during plastic deformation of 316L steel [120, 175, 

177-179, 185], however, other previous studies [178-180] showed that the γ→α’ transformation 

can occur directly without the formation of the intermediate ɛ-martensite phase. On the other 

hand, the present results are in contradiction with the work of Wang et al. [186] that reported the 

phase composition in 316L steel remained fully fcc γ-austenite event after deformation by HPT 

at room temperature for 10 turns. The phase transformation sequence and the amount of ɛ- and 

α’-martensites formed during deformation strongly depends on SFE, the type and level of plastic 
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straining as well as the temperature of deformation [116, 118, 120, 178, 179]. Theoretical 

calculations [187] suggested that the ɛ-phase is a high-pressure modification of iron and is stable 

only at pressures above ~10 GPa. However, this phase is often observed after deformation 

performed at pressures lower than 10 GPa. For example, in the present experiments a large 

fraction of ɛ-martensite was detected although the HPT pressure was only 6 GPa. This apparent 

dichotomy can be explained by the local stresses inside the material which may be higher than 

the external pressure. 

The temperature of HPT processing strongly influences the phase composition and the 

microstructure of 316L steel. If HPT is conducted at very low temperatures, between 77 and 290 

K, γ-austenite transforms into ɛ-martensite [118]. At high HPT temperatures (> 720 K), 

dislocation glide is the dominant deformation mechanism in γ-austenite. At medium deformation 

temperatures, between 290 and 720 K, twinning was also observed. Both twinning and the 

development of ɛ-martensite is attributed to the low SFE of 316L steel. At HPT-processing 

temperatures between 77 and 990 K, α-martensite was not observed [118]. The low SFE in 316L 

steel may also facilitate the formation of ɛ-martensite. The alloying elements (e.g. Cr and Ni) in 

stainless steels reduce the SFE to a value lower than 20 mJ/m2 [123], leading to an easier 

formation of SFs. If SFs are developed on every second {111} plane in fcc γ-austenite, the fcc 

stacking ABCABC transforms into the hcp structure ABABAB. Thus, ɛ-martensite may form in 

the lamellae exhibiting this special order of SFs. As the SFs are formed by gliding of partial 

dislocations in fcc crystals, the ɛ-phase is most probably developed in deformation bands and 

there is an evidence in the literature that α’-martensite forms at the intersection of these 

deformation bands [188, 189]. However, my investigation suggests that α’-martensite grains may 

be nucleated in the ɛ-martensite lamellae even if they are not intersected by other deformation 

bands (see, for example, Fig. 4.6). It should be noted that the high fraction of α’-martensite in 

the present HPT-processed samples most probably deteriorates the corrosion resistance of the 
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316L steel since the fcc γ-austenite has better resistance against corrosion [190]. It is also noted 

that a reverse martensitic transformation (α’→ɛ) was observed during room temperature HPT in 

a stainless steel with a different chemical composition [191].  

 The present results demonstrate that the grain refinement in 316L steel is very fast at the 

periphery of the HPT-processed disks and a nanocrystalline microstructure develops after only 

½ turn. At the same time, coarse grains with sizes of ~30-40 µm can be observed in the centre 

even after 5 turns. It should be noted, however, that these grains are fragmented into lamellae 

containing γ, ɛ and α’ phases and therefore their strengthening effect is much larger than for the 

initial grains with similar sizes. The large hardening effect of this lamellae microstructure is 

demonstrated by the high hardness increment in the centres of the disks after ¼ turn (see Fig. 

4.11). The very different microstructures in the centre and the periphery yield a strong hardness 

gradient along the disk radius which is maintained even after 10 turns of HPT. Almost 

homogeneous microstructure and hardness were achieved along the radius of the disk processed 

for 20 revolutions of HPT.  

 

4.6 Correlation between the hardness and the grain size 

The dislocation density in α’-martensite at the disk periphery was very large even after ¼ 

turn (~66 × 1014 m-2) and it further increased to ~143 × 1014 m-2 after 20 revolutions of HPT. 

This value is extremely high compared to dislocation densities obtained by XLPA for other HPT-

processed materials [10, 11]. The grain size was also very small at the periphery even after ¼ 

turn (~120 nm) and this was further refined to saturation ~45 nm after 10 revolutions. This 

nanocrystalline microstructure led to a very high hardness at the peripheries of the disks (see Fig. 

4.11).  

As discussed in the first chapter, the correlation between the yield strength, σy, and the 

grain size, d, is usually described by the Hall-Petch relationship which is given by Eq. (1.1). The 
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yield strength is often approximated as one-third of the Vickers hardness [192]. It is noted that 

one-third of the hardness is rather related to the flow stress measured at the plastic strain of 8% 

[193]. However, for severely deformed materials the strain hardening is low, therefore the 

difference between the yield strength and the flow stress at the strain of 8% is small. Thus, the 

relationship between the hardness, H, and the grain size can also be described well with the Hall-

Petch formula: 

 𝐻 = 𝐻0 + 𝐾𝐻𝑑
1
2 (4.29) 

where H0 and kH depend on the structure and the chemical composition of the material. In 

addition, the values of H0 and kH are often different for coarse-grained and UFG (or 

nanocrystalline) microstructures. For example, in Cu when the grain size is reduced to the range 

~20-100 nm, the Hall-Petch slope, kH, decreases [10]. This breakdown of Hall-Petch behavior is 

usually explained by the grain size dependence of the stress required to operate a Frank-Read 

source [194] and the strong reduction in the numbers of dislocations in pile-ups with decreasing 

grain size [195]. There is also a similar difference between the Hall-Petch parameters for coarse-

grained and UFG regimes in 316L steel. Figure 4.12 shows a Hall-Petch plot for 316L steel using 

previously published data [121, 186, 196-199] and the results from this study. It is evident that 

considering the total grain size range from 35 nm to 49 µm, the data do not follow a single Hall-

Petch equation. On the contrary, separate lines may be fitted for the datum points of the coarse-

grained and UFG samples. For grain sizes larger than ~1 µm, H0 = 745 MPa and kH = 2804 

MPa·µm1/2. For the UFG regime, the straight line in the Hall-Petch plot was determined by fitting 

the results obtained in this study as represented by solid circles. However, some datum points 

from former investigations with grain sizes smaller than ~1 µm also follow this trend which is 

given by the values H0 = 3220 MPa and kH = 580 MPa·µm1/2. The data in Fig. 4.12 were obtained 

on 316L samples with different phase compositions which are indicated in the figure legend. 
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Thus, it can be seen that the grain size has a more deterministic effect on hardness compared 

with the influence of the phase composition so that datum points with similar grain sizes but 

different phase compositions lie close to each other in the Hall-Petch plot. By contrast, it is 

readily apparent that there are differences between the hardness values of the samples with 

similar grain sizes and different phase compositions. In most cases, a higher fraction of γ-

austenite is accompanied by a slightly lower hardness for similar grain sizes and this is most 

probably due to the softer fcc lattice (for example, on the right side of the Hall-Petch plot in Fig. 

4.12). 

 

 

Fig. 4.12: Hall–Petch plot for the relationship between the Vickers hardness and the grain size, 

d, measured in this study (solid symbols) and in earlier reports [121, 186, 196-199] for 316L 

steel: the phase compositions are given at the symbols. 
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 Chapter 5 

 

Thermal Stability of Nanocrystalline 316L                                                                         

Stainless Steel Processed by High-pressure Torsion 

 

The thermal stability of the microstructure and the phase composition in nanocrystalline 

316L stainless steel processed by HPT is investigated in this chapter. Differential scanning 

calorimetry (DSC) was used to study the occurrence of recovery of microstructure, grain growth 

and phase transformation during annealing up to 1000 K. In addition, the heat released or 

absorbed during these processes was determined as the area under the exothermic or endothermic 

calorimetric DSC peaks, respectively. Then, the energy stored in lattice defects and the energy 

of the reverse martensitic phase transformation obtained from the DSC peaks are compared with 

calculated values. The results shown in this chapter have been published in Materials Science & 

Engineering A and Journal of Materials Research &Technology [200, 201]. 

  

5.1 DSC investigation of the initial material and the sample processed by HPT 

Fig. 5.1 shows the DSC thermograms taken at a heating rate of 20 K/min for the initial 

material and the peripheral parts of the disks processed by HPT for N=¼ and 10 turns. For the 

initial sample, only one small exothermic DSC peak was observed in the temperature range 

between ∼580 and ∼770 K. At the same time, two characteristic DSC peaks were observed for 

both HPT-processed specimens. The first, an exothermic DSC peak was observed in the 

temperature range between ~580 and ~740 K, which is similar to the temperature range observed 

for the initial material (see Fig. 5.1). However, the released heat, estimated as the area under the 

exothermic peak, increased from ∼1.4 J/g to ∼3.0 J/g and ∼4.9 J/g due to HPT processing for 



Chapter 5                                                                             Thermal stability of NC 316L steel processed by HPT 

84 

N=¼ and 10 turns, respectively. For the samples processed by HPT, a second, endothermic peak 

was also detected between ∼740 and ∼950 K. Such an endothermic peak was not observed for 

the initial material. The area under the endothermic peak was -3.8 and -5.7 J/g for N=¼ and 10 

revolutions, respectively. The processes occurring in the temperature ranges related to the DSC 

peaks were analyzed by studying the change of the phase composition and the microstructure 

upon annealing. For this purpose, samples were annealed up to the starting and end temperatures 

of the DSC peaks at a heating rate of 20 K/min (see Fig. 5.1) and then they were quenched to 

RT. Then, the microstructures and the phase compositions of these specimens were compared. 

These results are presented in the next section. 

 

Fig. 5.1: DSC thermograms obtained at a heating rate of 20 K/min for the initial material and 

the peripheral parts of the disks processed by HPT for N=¼ and 10 turns. 
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5.2 Changes of phase composition during DSC annealing 

The phase compositions and the microstructures of the initial material and the samples 

processed by HPT were described in the previous chapter. The change of phase composition 

during DSC annealing was determined by XRD. The sum of the areas under the measured XRD 

peaks was used to estimate the fractions of the different phases. It was found that the initial 

material remained a nearly single phase γ-austenite during annealing up to 1000 K. Fig. 5.2a and 

b show the X-ray diffractograms obtained for the periphery of the disks processed for N=¼ and 

10 turns, respectively, after annealing at different temperatures. Due to the small fraction of ε-

martensite and the strong overlapping of its XRD peaks with the reflections of γ-austenite, the 

fraction of ε-martensite was not determined separately but rather this phase was considered as a 

part of γ-austenite. This evaluation method is in accordance with the concept which considers ε-

martensite as a heavily faulted fcc γ-austenite structure with a special arrangement of stacking 

faults [202]. Fig. 5.3 shows the fraction of α’-martensite as a function of the annealing 

temperature at a heating rate of 20 K/min for N=¼ and 10 turns. Immediately after HPT, the 

values of the α’-martensite fraction were ~53 and ~74% for ¼ and 10 revolutions, respectively. 

The higher amount of α’-martensite for 10 turns is attributed to the larger strain since the 

formation of this phase from γ-austenite was induced by the deformation applied during HPT. 

For both samples processed for N=¼ and 10 turns, the amounts of α’-martensite practically 

remained unchanged until the end of the exothermic peak at ~740 K. Above this temperature, 

the fraction of α’-martensite gradually decreased as this phase was transformed into γ-austenite. 

Achieving the highest temperature applicable in the present DSC experiments (~1000 K), the 

fraction of α’-martensite was reduced to about ~7% for both HPT-processed materials where this 

value is approximately the same as the fraction of α’-martensite observed in the initial material. 

The remaining α′-martensite in the present HPT-processed materials annealed at 1000 K is in 
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accordance with other reports as a nearly complete reversion of α’-martensite to γ-austenite was 

only observed beyond 1023 K for a cold-rolled 301LN steel [203].  

 

Fig. 5.2: X-ray diffractograms obtained for the samples processed by HPT and post-annealed at 

different temperatures. (a) N=¼ turn and (b) N=10 turns. Beta indicates the heating rate applied 

during heating the samples in DSC to the desired temperatures. 

 

It was reported that the stability of α’-martensite and the mechanisms of reverse 

transformation depend on the heat treatment conditions and the chemical composition of 

stainless steels [124, 204-206]. Stainless steels usually possess a low SFE with values of 20–40 

mJ/m2, however the concentrations of alloying elements (e.g., Cr, Ni, Mn, Mo and Al) have a 

strong influence on the value of SFE [123, 124, 204, 207]. For instance, it was documented that 

the SFE in 316L steel increased considerably with the addition of Al, which stabilizes γ-austenite 

during SPD and facilitates the reverse martensitic transformation during annealing [124]. It is 

well known that the reversion of α’-martensite to γ-austenite in martensitic steels can occur by 

two competing mechanisms: the diffusion controlled and the diffusionless shear processes [208, 

209]. For example, an investigation of the reversion mechanism of α’-martensite to γ-austenite 

during annealing of rolled stainless steels with two different alloying compositions, namely 16% 
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Cr ‒ 10% Ni and 18% Cr ‒ 9% Ni, showed that the 50% α’-martensite reversion temperature is 

about 823 K in both steels despite the different mechanism of reversion [208]. For these two 

compositions the reverse transformation occurred by diffusionless and diffusional processes, 

respectively. In addition to the chemical composition and the temperature of annealing, the 

degree of pre-deformation also influences the mechanism of reverse martensitic transformation 

[204-206, 209]. The diffusional reversion is facilitated by the application of plastic deformation 

prior to annealing and this mechanism normally takes place over a wide temperature range [205]. 

By contrast, diffusionless shear reversion occurs in a narrow temperature range of about 50–75 

K and it is essentially independent of the applied pre-deformation. 

 

Fig. 5.3: α’-martensite fraction versus annealing temperature for the HPT samples processed by 

¼ and 10 turns. The corresponding DSC thermograms are also shown in the figure. 
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Comparing the evolution of the fraction of α’-martensite with the DSC thermogram in Fig. 

5.3, it is evident that the endothermic peak is related to the reverse transformation of α’-

martensite to γ-austenite. However, it is noted that the endothermic peak apparently finishes 

before the end of the phase transformation. Indeed, at the end of the endothermic peak at ~950 

K there remains about 15% of α’-martensite. This apparent contradiction can be explained by a 

concomitant exothermic process related to the recovery of the microstructure as described in the 

following section. Below 950 K, the energy absorbed by the phase transformation overwhelms 

the heat released due to recovery and at the same time above 950 K the phase transformation 

slows down resulting in an approximate balance between the absorbed and released heats. 

 

5.3 Microstructure evolution during annealing 

The change of the dislocation density and the crystallite size during DSC annealing was 

studied by XLPA on samples heated to different temperatures. The evaluation of the 

microstructure was carried out only for the main phase which had the highest fraction among the 

different crystalline phases. Fig. 5.3 shows that the α’-martensite remained the major phase for 

¼ and 10 turns at annealing temperatures lower than 840 and 875 K, respectively, whereas above 

these temperatures the γ-austenite became the main phase. Fig. 5.4a and b illustrate the XLPA 

fitting for the bcc α’-martensite and the fcc γ-austenite main phases in the samples processed by 

10 turns and annealed at 560 and 1000 K, respectively. In Fig. 5.4a the four peaks of the major 

α’-martensite phase measured in the Bragg angle range of 45–135° by CoKα1 radiation were 

fitted by the CMWP method while the other peaks related to the γ-austenite and ɛ-martensite 

phases were put into the background. At the same time, in Fig. 5.4b γ-austenite is the main phase 

and therefore the fitting was carried out only for the X-ray peaks related to this fcc structure. In 

both cases, the difference between the measured and the fitted diffractograms was practically 

zero, thus indicating a good fitting of the measured diffractogram by the theoretical pattern. 
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Fig. 5.4: Fitting on the XRD patterns taken on the samples processed by 10 turns of HPT and 

heated at a rate of 20 K/min up to (a) T=560 K and (b) T=1000 K. The open circles and the solid 

line represent the measured and the fitted patterns, respectively. The difference between the 

measured and fitted diffractograms is shown at the bottom of the figure. The insets show selected 

peaks with higher magnification. 

 

Fig. 5.5 shows the evolution of the dislocation density and the crystallite size in the main 

phase as a function of the annealing temperature for N=¼ and 10 turns. It can be seen that the 

dislocation density in the main α’-martensite phase practically remains unchanged during 

annealing up to the beginning of the exothermic DSC peak. For 10 turns of HPT, in the 

temperature range corresponding to the exothermic DSC peak, the dislocation density decreased 

from ~133 × 1014 to ~50 × 1014 m−2. Similarly, for N=¼ the dislocation density decreased from 

~66 × 1014 to ~39 × 1014 m−2 during the exothermic peak. The crystallite size remained practically 

unchanged during the exothermic DSC peak for ¼ turn and there was only a slight increment for 

10 turns. 
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Fig. 5.5: The average grain size obtained by TEM and EBSD, and the crystallite size and 

dislocation density determined by XLPA as function of annealing temperature for the main phase 

in the samples processed by HPT for (a) N=¼ turn and (b) N=10 turns. The corresponding DSC 

thermograms taken at a heating rate of 20 K/min are also shown in the figures. 
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It should be noted that in severely deformed metallic materials the crystallite size 

corresponds to the subgrain size rather than to the grain size determined by microscopic methods. 

Therefore, the grain size was also determined by TEM at the characteristic temperatures of the 

DSC thermograms. Fig. 5.6 shows dark field TEM images for the HPT samples processed by 10 

turns and annealed to different temperatures. For each specimen, the average grain size was 

calculated from an evaluation of about 50–100 grains. Similar to the crystallite size, the grain 

size also remained unchanged within the experimental error during the exothermic peak as 

revealed in Fig. 5.5. Therefore, it can be concluded that in the first and exothermic DSC peak a 

recovery of the dislocation structure occurred without any significant grain-growth. 

 

 

Fig. 5.6: TEM images obtained for the samples processed for 10 turns of HPT and annealed at 

(a) 560 K, (b) 780 K, (c) 875 K and (d) 950 K. 
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In the first and major part of the second and endothermic peak, between 740 and 875 K, 

both the crystallite size and the dislocation density showed little change in the main α’-martensite 

phase as demonstrated in Fig. 5.5. At the same time, the fraction of α’-martensite decreased from 

~54 to ~38% and from ~74 to ~47% for ¼ and 10 turns, respectively (see Fig. 5.3). The 

unchanged dislocation density is most probably caused by a balance between the annihilation of 

dislocations due to annealing and their formation owing to the stresses induced by the phase 

transformation. Earlier studies [210] showed that the phase transformation of α’-martensite to γ-

austenite is accompanied by a volume contraction which may yield internal stresses and the 

formation of lattice defects. Indeed, it was revealed that vacancy clusters consisting of ~6–9 

vacancies formed at the interface between α’-martensite and γ-austenite after the reverse phase 

transformation [210]. 

In the first part of the endothermic peak, only a moderate increase of the grain size of less 

than ~30% was observed. In the last and short part of the endothermic peak between 875 and 

950 K, the phase transformation was accelerated and the fraction of the α’-martensite phase 

decreased to ~15% as shown in Fig. 5.3. In this temperature range, the main phase is γ-austenite 

and the dislocation density decreased rapidly to ~13–14 × 1014 m−2 for both ¼ and 10 turns. 

Above 950 K the reduction of the α’-martensite fraction continued without any endothermic DSC 

signal. Most probably, the effect of this phase transformation on the thermogram was 

compensated by an exothermic signal due to the decrease in the dislocation density and the 

increase of the grain size. Indeed, Fig. 5.5 shows that in the temperature range of 950–1000 K 

the dislocation density decreased from ~13–14 × 1014 to ~6–10 × 1014 m−2 while the grain size 

increased very rapidly to ~195-198 nm in the two samples processed for ¼ and 10 revolutions. 

The final microstructures after heating the samples processed by ¼ and 10 turns to 1000 K are 

shown in the EBSD images of Fig. 5.7. In accordance with the XRD results, these EBSD images 
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reveal that the reverse transformation of α’-martensite to γ-austenite is incomplete even at 1000 

K and about 7% of α’-martensite remains in the microstructure. 

 

Fig. 5.7. EBSD images showing the grain structure after annealing at 1000 K for (a) γ-austenite 

and (b) α’-martensite in the sample processed for ¼ turn, and for (c) γ-austenite and (d) α’-

martensite in the specimen processed for 10 turns. 

 

The CMWP fitting method enables a determination of the twin fault probability in fcc 

structures [146]. Therefore, at the end of the endothermic peak (at 950 K), the twin fault 

probability (βt) was also estimated in the main fcc γ-austenite phase. At 950 K, the twin fault 

probability was 0.6 ± 0.2% in both samples processed by HPT for ¼ and 10 turns. This value 

can be converted to a mean twin boundary spacing of 33 ± 15 nm using the equation 100βt/d111 

where d111 is the spacing between {111} lattice planes [10]. The presence of twin faults in the 

sample annealed at 950 K is confirmed by the TEM images in Fig. 5.8a and b taken in the HPT 
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specimens for ¼ and 10 turns, respectively. The twin boundaries may be formed during HPT 

processing or in the reverse phase transformation from α’-martensite to γ-austenite. In the latter 

process, the internal stresses developed between the transformed and non-transformed volumes 

may be relaxed by twinning in the fcc phase due to the low SFE of 316L steel. In addition, the 

recrystallization of the HPT-processed microstructure at high temperatures may also yield the 

formation of twin boundaries since the low energy boundaries (such as twin boundaries) are 

preferred during recrystallization. This observation is in agreement with former studies which 

reported that the reversed γ-austenite obtained during annealing contained stacking faults and 

twins [209, 211]. 

 

Fig. 5.8: TEM images showing twin faults (indicated by arrows) after annealing at 950 K of the 

sample processed by HPT for (a) N=¼ turn and (b) N=10 turns. 

 

It is important to note that the HPT-processed 316L steel samples exhibited very good 

thermal stability since, even after annealing up to 1000 K, the dislocation density remained high 

at ~6–10 × 1014 m−2 while the average grain size remained not larger than ~200 nm. Indeed, the 

continuous Debye-Scherrer XRD rings observed in the imaging plates for both samples annealed 
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up to 1000 K suggest that no recrystallization occurred over this temperature range. This 

observation is consistent with previous studies which showed that recrystallization in cold rolled 

316L steel occurred only above ~1025 K [208]. It was also shown that in nanocrystalline 316L 

steel doped with Al there was a significant grain growth only after completion of the reverse 

phase transformation to γ-austenite [124]. The very good thermal stability of the UFG and 

nanocrystalline microstructures in γ-austenite is due to the high melting point of ~1700 K [212] 

and the high concentration of alloying elements. Both of these characteristics hinder the climb 

and cross-slip of dislocations which are fundamental recovery processes. 

 

5.4 Influence of the DSC heat treatment on the hardness of the HPT-processed samples 

Fig. 5.9 shows the Vickers microhardness as a function of the annealing temperature for 

N=¼ and 10 turns. It is evident that the hardness remained practically unchanged up to ~900 K 

for both materials. This temperature corresponds to the end part of the endothermic peak and 

therefore it is concluded that neither the recovery of the dislocation structure nor the extensive 

phase transformation influences considerably the hardness of the nanostructured 316L steel 

processed by HPT. At the same time, when the grain size started to grow at the end of the 

endothermic peak, the hardness was reduced especially for the material processed by 10 turns 

(compare for example, Figs. 5.5 and 5.9). This observation suggests that the hardness is 

influenced mainly by the grain size. The higher decrease of the hardness for 10 turns is due to 

the larger degree of grain growth from ~45 to ~195 nm compared to the grain coarsening for ¼ 

turn from ~120 to ~198 nm. This result is in agreement with results showed in the previous 

chapter that the hardness of 316L steel samples processed by HPT were more sensitive to the 

grain size than the phase composition. Other investigations also found that the recovery makes 

only a small contribution to softening in steels having low stacking fault energies [213]. It is 

worth noting that the hardness remained high at ~4900 MPa even after annealing up to 1000 K 
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for both N=¼ and 10 turns. As the initial material was also a nearly single phase γ-austenite, the 

combination of HPT and annealing up to 1000 K enhanced the mechanical strength of 316L 

stainless steel without introducing any significant change in the phase composition. 

 

Fig. 5.9: The hardness versus the annealing temperature for N=¼ and 10 turns. The 

corresponding DSC thermograms are also shown in the figures. 

 

5.5 Activation energies determined from the DSC thermograms 

This study revealed that the first, exothermic peak in the DSC thermograms is related to the 

recovery of the microstructure in nanocrystalline 316L steel processed by HPT. The activation 

energy of the recovery was estimated from the shift of the exothermic peak maximum when the 

heating rate was varied. The analysis was carried out using the Kissinger equation [214]. 
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 ln
𝛽

𝑇𝑃
2 = −

𝑄

𝑘

1

𝑇𝑃
+ 𝐵 , (5.30) 

where β is the heating rate, Tp is the temperature of peak maximum, Q is the activation energy, 

k is the Boltzmann constant and B is a constant. The values of Q and B can be determined from 

the slope and the intercept of the straight line fitted to datum points in the plot from ln(β/TP
2)  

versus 1/TP. 

Fig. 5.10 shows the Kissinger plots for the samples processed by HPT for N=¼ and 10 

turns. The values of the activation energy of recovery is 163 ± 19 and 106 ± 10 kJ/mol for ¼ and 

10 turns, respectively. The activation energies for self-diffusion in pure iron with fcc and bcc 

structures are ~278 kJ/mol [215] and ~255 kJ/mol [216, 217], respectively, and the activation 

energies for diffusion along grain boundaries and dislocations are about one-half of the value for 

self-diffusion in coarse-grained materials [218, 219]. Thus, the activation energy for grain 

boundary and bulk diffusion of iron in Fe–20Cr–25Ni–Nb stainless steel is ~178 and ~278 

kJ/mol, respectively [220] and the activation energy for grain boundary diffusion of iron in 316 

stainless steels is ~173 kJ/mol [221]. These values are close to the activation energies of recovery 

determined in the present study. Thus, the DSC investigations showed that the activation energies 

of recovery for nanocrystalline 316L steel processed by ¼ and 10 HPT turns are smaller than the 

activation energy of self-diffusion in iron by factors of about 0.6 and 0.4, respectively. This 

suggests that recovery is controlled by diffusion along the grain boundaries and dislocations. 

Indeed, the grain size remained as small as ~50–110 nm and the dislocation density was reduced 

to ~40–50 × 1014 m−2 during the exothermic DSC peak for both ¼ and 10 turns so that relatively 

fast diffusion along the lattice defects determined the rate of recovery. It is noted, however, that 

a significantly higher activation energy for recovery was observed for the sample processed 

through ¼ turn compared to 10 turns. This difference is attributed to the lower frequency of 

diffusion short circuits in the sample processed by ¼ turn due to the inherently larger grain size 
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and the smaller dislocation density. In addition, the higher fraction of γ-austenite after ¼ turn 

may also contribute to the higher activation energy of recovery since diffusion in the fcc iron 

structure is more difficult than in the bcc phase as shown by the higher self-diffusion activation 

energy [215-217]. 

 

Fig. 5.10: Kissinger plot for the evaluation of the activation energy of recovery from 𝑙𝑛(𝛽/𝑇𝑃
2)  

versus 1/TP. β is the heating rate and Tp is the temperature of DSC peak maximum. 

 

In the temperature range related to the endothermic peak, in addition to the reverse 

transformation from α’-martensite to γ-austenite, recovery of the dislocation structure and grain 

growth also occurred. Therefore, the activation energy of the reverse martensitic phase 

transformation cannot be determined from the shift of the endothermic peak due to variation of 

DSC heating rate. 
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5.6 Comparison of the change of stored energy with the heat released/absorbed during 

DSC annealing  

The stored energy per unit mass for the sample processed by 10 turns of HPT is considered 

as the sum of the energies of the lattice defects (dislocations, grain boundaries and vacancies). 

The energy stored in the dislocations (Edisl) can be calculated from the dislocation density using 

the following equation [10, 222, 223]. 

 𝐸𝑑𝑖𝑠𝑙 = 𝐴
𝐺𝑏2𝜌

𝜌𝑚
 𝑙𝑛 

1

𝑏√𝜌
  , (5.31) 

where G is the shear modulus (∼82 GPa), b is the absolute value of the Burgers vector (∼0.249 

and ∼0.254 nm for α’-martensite and γ-austenite, respectively), ρ is the dislocation density, ρm 

is the mass density (∼8×106 gm−3), and A is a parameter depending on the material and the 

edge/screw character of dislocations. The magnitude of A is equal to (4π)-1 and (4π(1-ν))-1 for 

pure screw and pure edge dislocations, respectively, where ν is Poisson’s ratio (taken as 0.33). 

The experimental value of the parameter q determined from XLPA describes the edge/screw 

character of dislocations. The theoretically calculated values of q for pure edge and screw 

dislocations for both fcc and bcc structures of 316L steel are previously calculated and listed in 

Table 2.3. For a mixed edge/screw dislocation character, the value of A can be estimated from 

the experimental value of q as: 

 𝐴 =  
𝑞 − 𝑞𝑒𝑑𝑔𝑒

𝑞𝑠𝑐𝑟𝑒𝑤 −  𝑞𝑒𝑑𝑔𝑒
 

1

4𝜋
+

𝑞𝑠𝑐𝑟𝑒𝑤 − 𝑞

𝑞𝑠𝑐𝑟𝑒𝑤 − 𝑞𝑒𝑑𝑔𝑒
 

1

4𝜋(1 − 𝜈)
 , (5.32) 

where qedge and qscrew are the theoretically calculated values of q for pure edge and pure screw 

dislocations, respectively (see Table 2.3). The energy stored in the dislocations was calculated 

from the dislocation density and the value of q determined by XLPA. Immediately before the 

exothermic DSC peak, the main phase in the material is α’-martensite and the value of Edisl is 
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∼1.4 J/g and ∼2.5 J/g in this phase in the samples processed by HPT for ¼ and 10 tuns, 

respectively. We assumed the same stored energy density in the minor γ-austenite phase in the 

HPT-processed material. Due to the recovery of the dislocation structure in the exothermic peak, 

Edisl was reduced to ∼0.75 J/g and ∼0.7 J/g in samples processed for N=¼ and 10 revolutions, 

respectively. Therefore, the energy stored in dislocations has a contribution of ∼0.65 J/g and 

∼1.8 J/g to the heat released in the exothermic DSC peak for specimens processed for N=¼ and 

10 tuns, respectively. The calculated values of the stored energy are summarized in Table 5.1.  

The interfaces between grains and subgrains are classified into LAGBs and HAGBs. 

LAGBs usually consist of dislocations. XLPA measures the dislocation density in both LAGB 

boundaries and the interiors of the grains/subgrains, therefore the contribution of LAGBs to the 

stored energy is included in Eq. (5.2). The energy stored in HAGBs, EHAGB, can be estimated 

using the following equation [224]: 

 𝐸𝐻𝐴𝐺𝐵 =
3𝛾𝐺𝐵

𝑑𝜌𝑚
  , (5.33) 

where γGB is the average HAGB energy in 316L stainless steel (∼0.6 J/m2 [225]) and d is the 

average grain size. Table 5.1 shows that the change of EHAGB in the exothermic DSC peak is 

small (∼0.8 J/g) due to the very limited grain growth. Also, the grain size only moderately 

increases during annealing in the temperature range of the endothermic DSC peak. Thus, the 

change in EHAGB is also small during this peak as shown in Table 5.1. 
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Table 5.1: Comparison of the calculated stored energy and the heat released in the exothermic DSC peak for the sample processed by ¼ and 10 

HPT turns. Edisl and EHAGB are the energies stored in dislocations and high-angle grain boundaries, respectively; Evac is the energy stored in 

vacancies; H is the heat released in the exothermic DSC peak; cv is the calculated vacancy concentration. 

 

 

 

 

 

 

 

 

 

 

 

 

 N=¼ turn  N=10 turns 

 

Before the 1st    

DSC peak            

(at 590 K) 

After the 1st      

DSC peak             

(at 740 K) 

Difference  

Before the 1st   

DSC peak              

(at 590 K) 

After the 1st      

DSC peak              

(at 740 K) 

Difference 

Edisl [J/g] 1.4 ± 0.1 0.75 ± 0.08 0.65 ± 0.18  2.5 ± 0.2 0.70 ± 0.07 1.8 ± 0.3 

EHAGB [J/g] 1 ± 0.1 0.85 ± 0.09 0.15 ± 0.19  4.8 ± 0.4 4.0 ± 0.4 0.8 ± 0.8 

Sum [J/g] 2.4 ± 0.2 1.6 ± 0.17 0.8 ± 0.37  7.3 ± 0.6 4.7 ± 0.5 2.6 ± 1.1 

H [J/g]   3.0 ± 0.4    4.9 ± 0.5 

Evac [J/g]   2.2 ± 0.77    2.3 ± 1.6 

cv [10-4]   5.0 ± 1.4    5.2 ± 3.6 
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Table 5.2 Comparison of the calculated stored energy and the heat released in the endothermic DSC peak for the sample processed by ¼ and 10 

HPT turns. Edisl and EHAGB are the energies stored in dislocations and high-angle grain boundaries; Evac is the energy stored in vacancies; H is the 

heat absorbed in the endothermic DSC peak; Δ(Edisl + EHAGB) is the change of the sum of dislocation and grain boundary stored energies during 

the endothermic DSC peak; Emartensite is the energy of the reverse martensitic phase transformation. 

 N=¼ turn  N=10 turns 

 

Before the 2nd    

DSC peak 

(at 740 K)            

After the 2nd      

DSC peak  

(at 950 K)             

Difference  

Before the 2nd   

DSC peak 

(at 740 K)             

After the 2nd      

DSC peak  

(at 950 K)             

Difference 

Edisl [J/g] 0.75 ± 0.08 0.35 ± 0.04 0.4 ± 0.12  0.70 ± 0.07 0.30 ± 0.03 0.40 ± 0.11 

EHAGB [J/g] 0.85 ± 0.09 0.8 ± 0.09 0.05 ± 0.18  4.0 ± 0.4 3.2 ± 0.4 0.8 ± 0.8 

Sum [J/g]   0.45 ± 0.30  4.70 ± 0.48 3.50 ± 0.43 1.2 ± 0.9 

H [J/g]   -3.8 ± 0.4    -5.7 ±0.6 

H-Δ(Edisl+EHAGB) [J/g]   -4.25 ± 0.70    -6.9 ± 1.5 

Change of austenite fraction   0.34 ± 0.05    0.59 ± 0.06 

Emartensite [J/g]   -12.5 ± 2.0    -11.7 ± 3.5 
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The sum of the changes of the energies stored in dislocations and HAGBs is much smaller 

than the heat released in this DSC peak (see Table 5.1). The difference can be attributed to the 

annihilation of point defects, such as vacancies or vacancy clusters. The energy stored in 

vacancies (Evac) can be calculated as the difference between the released heat measured in the 

exothermic DSC peak and the sum of the calculated stored energies. Table 5.1 shows the 

estimated value of Evac for the vacancies annihilated in the exothermic peak. The vacancy 

concentration (cv) can be calculated from Evac as [223]: 

 𝑐𝑣 = 𝐸𝑣𝑎𝑐

𝑀

𝑒𝑣𝑎𝑐𝑁𝐴
  , (5.34) 

where evac is the formation energy of a vacancy in pure bcc iron (4.166 × 10−19 J [226]), NA is 

Avogadro’s number (6×1023 mol-1) and M is the molar mass (56.2 g/mol). Using Eq. (5), the 

vacancy concentration annihilated in the exothermic DSC peak was obtained as (5.2 ± 3.6) ×10-

4 and (5.0 ± 1.4) × 10-4 for the samples processed for N=¼ and 10 revolutions, respectively. It is 

noted that an exothermic peak with a small area (∼1.3 J/g) was also detected for the initial 

material before HPT-processing. In this annealed and quenched sample, the grain size was large 

(∼42 µm) and the material was practically free of dislocations, therefore the energy measured in 

the exothermic DSC peak can be related only to the annihilation of vacancies. Accordingly, the 

vacancy concentration calculated from Eq. (5.5) is about 2.9 × 10-4.  

The vacancy concentration calculated for both the initial material and the HPT processed 

samples is therefore of the order of 10-4. In thermal equilibrium, such a large vacancy 

concentration can only be achieved at very high temperatures. In the case of the initial 

undeformed material, this very high vacancy concentration can be explained by the applied 

thermal treatment of this sample. In fact, the initial 316L specimen was prepared by annealing 

at 1373 K for 1 h and then quenching to RT. Therefore, the high concentration of vacancies at 
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1373 K was most probably frozen during quenching of the initial sample. As the vacancy 

diffusion in coarse-grained materials is very slow at RT, therefore the high vacancy 

concentration in the quenched material can be preserved for long times. HPT-processing yielded 

further enhancement in the vacancy concentration as SPD produces a high amount of excess 

vacancies. Earlier studies showed that the excess vacancy concentration in pure Cu and Ni 

samples processed by HPT at RT can achieve the values of 0.9–20 × 10-4  [84, 85]. The value of 

cv obtained for the present 316L steel is in agreement with these earlier results. It is noted that 

former studies [84, 85] revealed that in SPD-processed metallic materials vacancies tend to form 

clusters with decreasing SFE. For instance, in 99.95% purity Cu the clusters consist of 4–9 

vacancies [85]. As 316L steel has a low SFE, therefore the vacancies annihilated in the 

exothermic DSC peak were most probably arranged into clusters during HPT or in the beginning 

of the DSC scan. It should also be noted that the change of the density of twin-faults during 

annealing probably influences the heat released and absorbed during the DSC experiments. 

However, the very low SFE of 316L steel yields a low twin-fault energy, therefore the effect of 

twin-faults on the stored energy can be neglected. 

During the endothermic DSC peak, there is a reversion from α’-martensite to γ-austenite 

which absorbs heat while the annihilation of dislocations and grain growth leads to a heat release. 

The heat absorbed in the endothermic DSC peak was −5.7 J/g and -3.8 J/g in the samples 

processed by HPT for ¼ and 10 turns. The energy of the reverse martensitic phase transformation 

can be estimated as the difference between the measured heat absorbed in the endothermic peak 

and the sum of the stored energies for dislocations and HAGBs. Table 5.2 shows that the 

annihilation of dislocations and grain growth in the main γ-austenite phase resulted in a change 

of stored energy of ∼0.45 J/g and ∼1.2 J/g in the specimens processed for N=¼ and 10 

revolutions. We assumed the same change in the stored energy for the minor α’-martensite phase. 

Therefore, the energy of the reverse martensitic phase transformation was obtained as -6.9 J/g. 
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Taking into account the change of the austenite fraction in the temperature range of the 

endothermic peak, the energy required for α’-martensite reversion was estimated as -12 ± 3 J/g.  

In the calculation of the energy of the reverse martensitic phase, we assumed that the 

majority of vacancies were annihilated in the first DSC peak, therefore only the heat released 

due to dislocation annihilation and grain growth was considered. Thus, the energy of the reverse 

martensitic phase transformation may be slightly larger than the calculated value of -12 ± 3 J/g. 

This phase transformation energy is close to the values obtained in former studies. For instance, 

it was documented that the reverse phase transformation in cold-worked AISI 304 steel occurred 

in the temperature range between 740 and 820 K with a martensite reversion energy of about −8 

J/g [213], and a similar value was obtained for 16Cr–10Ni steel (−8.8 J/g) [203]. It is noted that 

the reverse phase transformation energy depends on the chemical composition of steel. For 

instance, the enthalpy of phase transformation from bcc to fcc structure in pure iron was found 

to be −16 J/g [227]. Therefore, it can be concluded that the reversion energy of −12 J/g 

determined in this study is in a reasonable agreement with the literature. 

 

5.7 The relation between the hardness and the grain size during annealing 

In the previous chapter, it was shown that the hardness of HPT processed 316L samples 

was determined primarily by the grain size. Even if the phase compositions were very different, 

samples with similar grain sizes exhibited similar hardness while the various different grain sizes 

yielded very different hardness values. It was also shown that the hardness versus grain size data 

for 316L steel obeyed the Hall-Petch relationship (see section 4.6). Comparing the 

microstructural parameters, the phase fractions and the hardness values obtained for different 

annealing temperatures in Figs. 5.3, 5.5 and 5.9, it appears that the hardness is primarily 

determined by the grain size also for the annealed nanocrystalline 316L steel samples. In Fig. 

5.11 the hardness values are plotted as a function of d−1/2 for 316L steel samples immediately 
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after HPT processing (denoted by solid symbols) and after post-annealing in DSC up to different 

temperatures (denoted by open symbols). The data for the HPT samples were measured at the 

peripheries of disks processed for different numbers of turns (see section 4.4). In Fig. 5.11 the 

nine datum points for the post-annealed samples represent the states for which the grain size 

values were determined (see Fig. 5.5). The straight line in the Hall–Petch plot was obtained by 

fitting the data obtained for the HPT-processed samples showed in previous chapter. It can be 

seen that the data obtained on the annealed HPT samples (indicated by open circles) follow the 

same Hall–Petch relationship despite the strong reduction in the dislocation density and the 

change in the phase composition. Therefore, it is concluded that neither the occurrence of 

recovery nor the reverse phase transformation from α′-martensite to γ-austenite influences the 

hardness evolution during the annealing of nanocrystalline 316L steel. 

 

Fig. 5.11. Hall–Petch plot of the relationship between the hardness (H) and the grain size (d) 

measured on HPT processed 316L steel samples (the data were taken from chapter 4 and 

represented by solid circles) and after annealing the specimens processed for ¼ and 10 turns of 

HPT (the data are from this study and denoted by open circles)
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 Chapter 6 

 

The Effect of Annealing on the Tensile Properties of                                                                                   

HPT-processed Nanocrystalline 316L Stainless Steel 

 

In chapter 4, it was shown that a significant grain refinement along with a martensitic phase 

transformation occurred during HPT processing of 316L stainless steel. This study was continued 

in chapter 5 with the investigation of the thermal stability of the microstructure and the phase 

composition in nanocrystalline 316L steel processed by HPT using DSC annealing up to 1000 

K. Now, I will show the tensile performance of nanocrystalline 316L steel processed by HPT 

and annealed at different temperatures. The results obtained for the tensile properties will be 

compared with the data available in the literature for 316L steel. The results presented in this 

chapter have been published in Materials Letters [228]. 

 

6.1 Tensile stress-strain behavior of the HPT-processed and subsequently annealed 

316L samples 

The mechanical performance for the initial 316L steel sample, for the specimen processed 

by 20 turns of HPT and for the samples annealed at the characteristic temperatures of the DSC 

thermograms was investigated by a tensile test. It is noted that the DSC thermogram for this 

sample processed by 20 turns of HPT was practically the same as plotted for 10 turns in Fig. 5.1. 

Therefore, samples were heated to the temperatures corresponding to the end of the exothermic 

peak (740 K) and the maximum temperature achievable with the present DSC setup (1000 K). 

The preparation details of the tensile test specimens were described in section 2.2.4.1 of chapter 

2. It is worth to note that the samples for tensile test were prepared from the half-radius of the 
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HPT disks while the DSC experiment was carried out at the peripheral part. Despite this fact, it 

is reasonable to use the temperatures determined from this DSC thermogram for the annealing 

of the tensile test specimens since only marginal differences were observed between the half-

radius and the periphery of the disk processed by 20 turns (see the hardness distribution in Fig. 

4.11). The uniaxial tensile engineering stress-strain curves of the initial, HPT, HPT+740 K and 

HPT+1000 K samples are shown in Fig. 6.1. It is evident that HPT-processing and annealing 

have a significant effect on both strength and ductility of 316L steel. The yield strength, the 

ultimate tensile strength, the uniform elongation and the elongation to failure were determined 

from the stress-strain curves and listed in Table 6.1. In addition, the evolution of these data is 

plotted in Fig. 6.2. 

 

 

Fig. 6.1: Tensile engineering stress-strain curves for the initial material, the sample processed 

by 20 turns of HPT and the HPT-processed specimens annealed to 740 and 1000 K. The tensile 

testing was performed at room temperature and a strain rate of 10-3 s-1.  
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The initial sample showed the highest uniform elongation and elongation to failure with 

the values of ~83 and ~131 %, respectively, while the yield strength showed the lowest value of 

about 209 MPa. As a result of HPT-processing for 20 turns, both the yield strength and the 

ultimate tensile strength increased to very high values of ~1540 and ~2300 MPa, respectively. 

On the other hand, there was a considerable decrease in the uniform elongation and the 

elongation to failure: both of them had the same value of ~2.5%. The sample processed by HPT 

and then annealed to the end of the exothermic DSC peak (~740 K) was brittle and failed after a 

very small plastic deformation (~0.8%) without apparent necking. Therefore, the yield strength 

(~1190 MPa) and the ultimate tensile strength (~1370 MPa) have close values (see Fig. 6.1) and 

they are smaller than the yield strength and the ultimate tensile strength measured for the HPT-

processed specimen. In addition, annealing to ~740 K yielded a decrease of the elongation to 

failure from ~2.5 to ~0.8%. On the other hand, annealing to 1000 K resulted in a significant 

improvement of the mechanical performance. The yield strength and the ultimate tensile strength 

increased to ~1330 and ~1690 MPa, respectively. Although the uniform elongation increased by 

over 300% compared to that (~0.8%) for the sample annealed at 740 K, its value still remained 

as low as ~2.6%. However, a considerable improvement in the elongation to failure was observed 

as its value increased up to ~43% that is much larger than the value obtained for the HPT-

processed material (~2.5%). It can be concluded that the combination of 20 turns of HPT-

processing and annealing to 1000 K yielded a combination of high strength and good elongation 

to failure for 316L stainless steel. The changes in the tensile properties of 316L steel during 

annealing can be explained by the evolution of the microstructure and phase composition during 

the thermo-mechanical treatments as will be shown in the next section. 
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Table 6.1: The γ-austenite fraction, the grain size, the dislocation density and the mechanical 

properties of 316L stainless steel. 

Properties Initial HPT HPT+740 K HPT+1000 K 

γ-austenite fraction (%) 97 ± 2 26 ± 7 26 ± 7 93 ± 5 

Grain size (nm) 42 ± 5 ×103 45 ± 5 55 ± 6 195 ± 10 

Dislocation density (1014 m-2) < 0.1 143 ± 10 50 ± 6 6 ± 2 

Yield strength (MPa) 209 ± 9 1538 ± 50 1190 ± 86 1326 ± 143 

Ultimate tensile strength (MPa) 630 ± 2 2300 ± 140 1370 ± 130 1685 ± 10 

Uniform elongation (%) 83 ± 1 2.5 ± 1 0.8 ± 0.1 2.6 ± 0.1 

Elongation to failure (%) 131 ± 1 2.5 ± 1 0.8 ± 0.1 43 ± 1 

 

 

 

Fig. 6.2: Tensile properties for the initial material, the sample processed by 20 turns of HPT and 

the HPT-processed specimens annealed to 740 and 1000 K. 
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6.2 The Influence of the phase composition and the microstructure change on the tensile 

properties of 316L steel  

The changes of the γ-austenitic fraction, the dislocation density and the grain size due to 

HPT and subsequent DSC annealing processes have been discussed in chapters 4 and 5. These 

data are also shown in Fig. 6.3 and listed in Table 6.1 for the four samples under investigation. 

It is well known that the γ-austenite phase in 316L steel is ductile [229], therefore the high 

uniform elongation and elongation to failure as well as the low strength of the initial material 

were attributed to the large grain size and the nearly single-phase γ-austenite structure (see Table 

6.1  and Fig. 6.2). The very small grains and the high dislocation density developed due to 20 

revolutions of HPT were responsible for the increase of the yield strength and the ultimate tensile 

strength to very high values (see Fig. 6.2). The strong reduction of the ductility for this sample 

can be attributed partly to the increase of the α’-martensite fraction as the latter phase is less 

ductile than γ-austenite. In addition, the significant decrease of the grain size from ~42 µm to 

~45 nm also contributes to the decrease of ductility due to the reduction of the strain hardening 

capacity. 

 



Chapter 6                                                                              Tensile Properties of NC 316L Steel processed HPT  

112 

 

Fig. 6.3: The average grain size, the dislocation density and the γ-austenite fraction for the initial 

material, the sample processed by 20 turns of HPT and the HPT processed specimens annealed 

to 740 and 1000 K. For the dislocation density, the solid and open square symbols indicate that 

the values were determined for the γ-austenite and the α’-martensite phases, respectively (always 

for the main phase). 

 

After annealing to 740 K, both the yield strength and the ductility decreased (see Fig. 6.2). 

This annealing also led to a considerable reduction of the dislocation density from ~143 × 1014 

to ~50 × 1014 m−2; however, other microstructural features, such as the grain size and the fraction 

of α’-martensite, remained practically unchanged (Fig. 6.3). Therefore, the decrease of the 

strength and the ductility can be attributed to the reduction of the dislocation density. Indeed, a 

former study [230] suggested that annealing of nanocrystalline metals at moderate temperatures 

may yield the annihilation of mobile dislocations inside the nanograins, which could result in the 

reduction of ductility. In addition, former molecular dynamic simulations [231] showed that the 
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relaxation of non-equilibrium grain boundaries may also cause brittleness since this relaxation 

can lead to a more difficult grain boundary sliding and a hindered emission of dislocations from 

grain boundaries. It is noted that the very limited plasticity of the sample annealed at 740 K most 

probably contributes to the large decrease of the ultimate tensile strength. 

Between 740 and 1000 K, the dislocation density further decreased from ~50 × 1014 to ~6 

× 1014 m−2 while the grain size increased from ~55 nm to ~195 nm. In addition, the γ-austenite 

fraction increased from ~26 to ~93%. The increase of the grain size and the fraction of the ductile 

fcc phase led to a significant improvement of the elongation to failure from ~2.6 to ~43%. 

Although, the increase of the grain size may result in softening, the hardening effect of the 

reduced mobile dislocation density compensated this effect, yielding an unchanged yield strength 

within experimental error. Due to the improved ductility of the sample annealed at 1000 K, the 

strain hardening during straining led to a higher ultimate tensile strength (~1690 MPa) than the 

value obtained for the specimen annealed at 740 K (~1370 MPa) as the latter material failed to 

show significant plasticity during tension (~0.8%). 

It is emphasized that the sample processed by HPT and then annealed to 1000 K has nearly 

full fcc γ-austenite structure and this structure state is similar to that of the initial sample. At the 

same time, the much smaller grain size (~195 nm) and the considerable dislocation density (~6 

× 1014 m−2) yielded more than a six-fold increase in yield strength and almost a three-fold 

increase in ultimate tensile strength than those of the initial specimen. In addition, although the 

uniform elongation is small (~2.6%) for the sample annealed at 1000 K, this material exhibits a 

very good elongation to failure (~43%) due to the ductile fcc structure. It can be concluded that 

the room-temperature deformation by 20 turns of HPT followed by DSC annealing to 1000 K is 

a powerful technique to obtain a single-phase γ-austenite in 316L stainless steel with high 

strength and good elongation to failure. This result confirms the former suggestion that the 

thermo-mechanical process consisting of SPD and annealing steps can yield austenite grains of 
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steels with nanocrystalline size [203, 232]. Such processes can increase the strength while 

maintaining appropriate ductility  [198, 208, 232, 233]. For example, a fine austenitic grain 

structure with an average grain size of ~300 nm was obtained in 316L steel by means of cold 

rolling at 77 K followed by annealing at 973 K and this material showed a yield strength of 

~1190 MPa [198]. However, the elongation to failure remained as small as ~5%. It is noted that 

the selection of the annealing temperature is important, because a lower annealing temperature 

of 740 K resulted in a considerably lower elongation to failure (only ~0.8%). 

 

6.3 Comparison of the tensile performance of the present samples with the literature data 

Fig. 6.4 shows the yield strength versus the elongation to failure for the four 316L steel 

samples studied in this work in comparison with the available literature data [109, 234-237], 

including a sample prepared by spray-forming [198]. The specimens in the literature were 

subjected to different thermo-mechanical treatments and therefore the phase compositions and 

microstructures are very different in those materials. Nevertheless, the data points in Fig. 6.4 

follow a general trend, which is represented by the dotted line. Thus, the higher the yield strength 

of the sample, the lower the elongation to failure. The initial specimen, the HPT-processed 

sample and the workpiece annealed at 740 K also follow the trend line. On the other hand, the 

sample processed by HPT and annealed at 1000 K shows deviation from the general trend as 

indicated by the arrow in Fig. 6.4. Accordingly, this specimen exhibits significantly improved 

mechanical properties with a combination of high strength and a larger elongation to failure 

compared to the literature data. Therefore, this study demonstrates that 20 turns of HPT followed 

by annealing to 1000 K is capable of producing a UFG γ-austenite microstructure in 316L steel 

with exceptionally high strength and elongation to failure. 
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Fig. 6.4. The yield strength versus the elongation to failure for the 316L steel samples studied in 

this work compared with data available in the literature [109, 198, 234-237]. 
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 New Scientific Results 

The new scientific results of my PhD work can be summarized as follows: 

1. The combination of MF and plane rolling resulted in a decrease of the grain size in Grade 2 

titanium from ~20 μm to ~560 nm while the dislocation density increased to ~18 × 1014 m−2. 

Accordingly, the yield strength significantly increased from 332 to 689 MPa and the ultimate 

tensile strength rose from 445 to 816 MPa. Concomitantly, only a marginal reduction of the 

elongation to failure was observed (from 22% to 18%). The very good ductility can be 

attributed to the coarse grains embedded in the UFG matrix which were formed most 

probably due to a dynamic recovery and/or recrystallization during deformation. Therefore, 

the combined method of multiple forging and plane rolling might be a candidate technology 

in mass-production of UFG Grade 2 titanium with high strength and good ductility [O3]. 

2. Coarse-grained 316L stainless steel with an fcc structure (γ-austenite) and a grain size of 

∼42 μm was processed by HPT up to 20 turns. During HPT deformation, the fcc structure 

was gradually transformed into hcp and bcc phases (ε- and α’-martensites, respectively) with 

the transformation sequence γ-austenite → ε-martensite → α’-martensite. The ε-martensite 

formed initially as lamellae in the γ-austenite coarse grains and then α′-martensite grains 

were nucleated in the ε-martensite phase. At very high strains in the peripheral region of the 

HPT disks, the main phase was α′-martensite. The saturation in grain refinement with a 

minimum grain size of ∼45 nm was achieved at the disk periphery after 10 turns. A further 

increment in the number of turns to 20 did not yield additional reduction in grain size at the 

peripheral region of the disk. In addition, 20 turns of HPT yielded a very high dislocation 

density in the main α’-martensite phase with the value of ~143 × 1014 m-2 [O1, O2].  

3. Both the microstructure and the hardness of 316L steel show a high degree of heterogeneity 

along the radius of HPT disk for low numbers of turns. The degree of homogeneity increased 
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with increasing numbers of turns and after 20 revolutions the hardness value was almost 

homogeneous in the whole disk. A very high saturation value of the hardness (~6140 MPa) 

was achieved at the periphery of the disk processed by 20 turns which can be attributed to 

the very small grain size. The grain size versus hardness data for HPT-processed 316L steel 

followed the Hall–Petch relationship but the slopes were different in the coarse-grained and 

ultrafine-grained regimes. The results show that the hardness is more sensitive to the grain 

size than the phase composition [O1, O2]. 

4. The thermal stability of the nanocrystalline microstructure in 316L stainless steel processed 

by HPT for ¼ and 10 turns was investigated by DSC up to 1000 K. Two peaks were observed 

in the DSC thermograms for both materials. The first, an exothermic peak, was detected 

between ~590 and ~740 K and related to the annihilation of dislocations. During this 

recovery, the phase composition and the average grain size remained practically unchanged. 

The second, an endothermic peak between ~740 and ~950 K, was caused by a reverse phase 

transformation of α’-martensite to γ-austenite. Although the endothermic peak finished at 

∼950 K, the reverse phase transformation continued up to ∼1000 K. In this temperature 

range, the energy required for α’-martensite reversion was compensated by the heat released 

due to recovery and grain growth, therefore a DSC signal was not detected [O4, O5]. 

5. There was no influence of the number of HPT turns on the temperature range of the DSC 

peaks despite the different grain sizes, phase compositions and dislocation densities in 316L 

steel samples processed for ¼ and 10 turns. The activation energies of recovery were 

different at ~163 and ~106 kJ/mol for ¼ and 10 turns, respectively, and these values suggest 

that recovery is controlled by diffusion along the grain boundaries and dislocations. From 

the comparison of the heat released in the exothermic peak and the change of energies stored 

in dislocations and HAGBs, the concentration of annihilated vacancies was determined as 

∼5 × 10−4. The energy of the reverse phase transformation from α’-martensite to γ-austenite 
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was calculated as −12 J/g by subtracting the heat released due to the annihilation of 

dislocations and grain growth from the heat absorbed in the endothermic peak [O4, O5].  

6. The HPT-processed nanocrystalline 316L steel samples exhibited very good thermal 

stability such that, even after heat treatments performed up to 1000 K, high dislocation 

densities of ~6–10 × 1014 m−2 and small grain sizes of ~200 nm remained in the materials. 

Despite the significant decrease in the dislocation density and the extensive phase 

transformation, the hardness changed only slightly up to the end of the endothermic peak. 

Above ~950 K the hardness decreased rapidly due to grain growth. Therefore, the hardness 

of annealed nanocrystalline 316L steel is determined primarily by the grain size and the 

hardness values of the annealed samples follow the Hall–Petch relationship determined for 

the HPT-processed specimens [O4, O5]. 

7. HPT processing for 20 turns dramatically increased the yield strength of 316L steel from 

~209 MPa to ~1538 MPa while the elongation to failure significantly decreased from ~131% 

to ~ 2.5%. The high strength and limited ductility of the HPT-processed sample were 

attributed to the high fraction of α’-martensite, the small grain size and the high dislocation 

density. However, the DSC annealing of the HPT-processed sample to a moderate 

temperature of 740 K led to a pronounced embrittlement and strength reduction. The 

reduction of ductility was most probably caused by the decrease of the mobile dislocation 

density during DSC annealing. Annealing up to 1000 K yielded an almost complete reverse 

transformation to γ-austenite while the grain size remained as small as ~200 nm. Such fine 

γ-austenite structure of 316L steel yielded a high yield strength of ~1326 MPa with a 

reasonable elongation to failure (~43%). It was concluded that a combination of HPT at RT 

and annealing up to 1000 K is a powerful method for achieving a fully austenitic UFG 

microstructure with exceptionally high strength and a concomitant good elongation to failure 

[O6].
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 Research Achievements 

 

My research results were published in nine papers and these articles were cited more than 

20 times. Additionally, these results were presented in five international conferences and 

seminars. 
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